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I 

Abstract 

High-entropy alloys (HEAs) have drawn considerable attention as candidates for next-

generation structural materials for a wide range of industrial applications due to their excellent 

mechanical properties. However, these solid-solution alloys are relatively weak in strength, 

which is far from the requirements for practical structural applications. Hence, the emphasis of 

HEA metallurgy has been placed on the strengthening of HEAs through various strengthening 

mechanisms. In particular, the precipitation of coherent L12 precipitates has been proved to be 

a powerful method for strengthening face-centered cubic (FCC) HEAs without causing a 

significant loss of ductility. To date, however, the atomistic understanding of precipitation 

mechanisms and the relationship between precipitate microstructure and mechanical properties 

of L12-strenthened FCC-base HEAs remain unclear. The objective of this thesis is to obtain a 

fundamental understanding of the mechanisms governing the formation and evolution of L12 

precipitates and to correlate the precipitate microstructure with mechanical properties in the 

FCC base HEAs. 

First, this research explored the phase relationship, microstructure, and precipitation 

mechanisms of Fe-Co-Ni-Cr-Al-Ti-Nb alloys containing various types of intermetallic 

precipitates through a combination of thermodynamic calculations and experimental 

verifications. The effect of Al/Ti/Nb ratio on the phase relationship, nanoscale precipitation, 

and mechanical properties of the (CoCrFeNi)94-x-y-zAlxTiyNbz HEAs were systematically 

studied. At high Al/Ti ratio and low Nb addition, L12 precipitates are uniformly distributed in 

grain interiors, whereas L21 precipitates are formed mainly along grain boundaries. The 

decreasing Al/Ti ratio leads to the transition from the L12/L21 to L12-Eta co-precipitation 

structure. With the further increasing Nb to 2 at%, the L12/Laves configurations appear in the 

alloys with high Al/Ti ratios, while the L12/Laves/Eta co-precipitation is obtained at low Al/Ti 
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ratio. It is noteworthy that the alloy with 3% Al, 3% Ti, and 1% Nb has a uniform 

microstructure with a high density of L12 nanoparticles. Our analyses reveal that the 

combination of chemical driving force, precipitate/matrix lattice misfit, and interface energy 

determines the formation and microstructure of the alloys. In addition, the increasing Nb and 

Ti additions increase the L12 lattice constant through sublattice occupancy, which leads to the 

increasing FCC/L12 lattice misfit and the equilibrium shape transition from sphere to semi-

cuboidal.  

Second, this research demonstrated the feasibility of controlling the discontinuous and 

continuous precipitation of L12-strengthened high-entropy alloys through nanoscale Nb 

segregation and partitioning. Control of discontinuous and continuous precipitation of L12-

ordered precipitates is crucial for tailoring microstructure and mechanical properties of 

coherent precipitation-strengthened high-entropy alloys (HEAs). Here, we show that the 

appropriate addition of Nb not only suppresses discontinuous L12 precipitation through grain 

boundary segregation but also promotes continuous L12 precipitation through nanoscale solute 

partitioning. Specifically, we explore the effects of Nb on the discontinuous and continuous 

precipitation microstructures, grain boundary segregation, and mechanical properties of 

(CoCrFeNi)94-xAl3Ti3Nbx (x = 0, 0.4, 0.8, 1.6, and 2.3 at.%) HEAs. Atom probe tomography 

reveals that Nb exhibits preferential segregation at grain boundaries of HEAs, which 

substantially inhibits the grain-boundary precipitation and migration due to the synergistic 

effects of grain-boundary energy reduction and solute-drag, thereby suppressing discontinuous 

L12 precipitation at the grain boundaries. Moreover, Nb partitions to the continuous L12 

nanoparticles in grain interiors, which leads to a high supersaturation for continuous L12 

precipitation. Because of these beneficial effects, Nb-modified HEAs with a uniform 

distribution of L12 nanoparticles throughout the matrix were developed, and the correlation 

between the precipitate microstructure and mechanical properties of these HEAs is discussed. 
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Third, this research reported a ultrastrong yet ductile Fe-Co-Ni-Cr-Al-Ti HEAs through 

introducing a unique coherent nano-lamellar designing philosophy. For achieving ultrahigh 

strength and ductility combination through the synergistic strengthening mechanisms, a unique 

nano-lamellar architecture was tailored. Unlike the traditional nano-lamellar materials with 

ultrahigh strengths but suffering from low tensile ductility, the FCC/L12 dual phase coherent 

nano-lamellar shows that markedly enhanced tensile ductility can be achieved in coherent 

nano-lamellar alloys, which exhibit an unprecedented combination of over 2 GPa yield strength 

and 16% uniform tensile ductility. The ultrahigh strength originates mainly from the lamellar 

boundary strengthening, whereas the large ductility correlates to a progressive work-hardening 

mechanism regulated by the unique nano-lamellar architecture. The coherent lamellar 

boundaries facilitate the dislocation transmission, which eliminates the stress concentrations at 

the boundaries. Meanwhile, deformation-induced hierarchical stacking-fault networks and 

associated high-density Lomer-Cottrell locks enhance the work hardening response, leading to 

unusually large tensile ductilities. The extraordinary mechanical properties of the coherent 

nano-lamellar materials offer tremendous potential for structural applications in aerospace, 

automotive, and energy industries. In addition, the fundamental concept of lamellar 

architecture engineering can be applied to many other metallic materials, including new-

generation superalloys, titanium alloys, and advanced steels, to achieve enhanced properties 

for specific applications. 
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Chapter 1: Introduction 

1.1 Research Background 

High-entropy alloys (HEAs), or concentrated multi-component alloys, have drawn great 

attention as candidates for next-generation structural materials for high-temperature 

applications, such as aircraft engine blades, due to their possible combination of high strength, 

good ductility, excellent high-temperature softening and oxidation resistance [1-4]. HEAs are 

generally composed of more than four principal elements in near-equimolar ratios. Against 

expectation to form many intermetallic compounds from general physical metallurgy principles, 

these compositionally complex alloys can form microstructurally simple solid solution with 

face-centered cubic (FCC), body-centered cubic (BCC), and/or hexagonal close-packed (HCP) 

structures due to the high mixing entropy which improves the stability of these phases [5]. 

The FCC CoCrFeNi HEA exhibits exceptional damage tolerance even at cryogenic 

temperature, being much better than most conventional alloys [6]. However, its strength is quite 

low (yield strength lower than 400MPa) for engineering applications at ambient and high 

temperatures [7]. Hence, the emphasis of HEA metallurgy has been placed on the strengthening 

of FCC HEAs, such as using precipitation strengthening by hard intermetallic phases [8]. 

Considering about room temperature precipitation strengthening, extensive researches have 

been done to explore the optimal compositions and crystal structures of intermetallic-

strengthened HEAs: B2-type (NiAl), L21-type (Ni2AlTi), η phase, laves phases, σ phase, μ 

phase, and L12-type Ni3Al. According to their lattice type and mismatch with the FCC matrix, 

they are categorized into two groups, i.e., the coherent precipitate (L12) with ordered FCC 

structure and small lattice misfit, and the incoherent one with totally different structure and 

large lattice misfit. Both types contribute to the significant strength improvement, while their 

relative phase stability competition are still unclear. Hence, the phase relationship, 
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microstructure, and precipitation mechanisms of different intermetallic phases introduced in 

the FCC base alloys need to be further explored, which will help to guide the establishment of 

the composition-processing-structure-property relationships in the multi-species intermetallic 

precipitates strengthened FeCoNiCr-based HEAs 

Meanwhile, among all the intermetallics investigated till now, the thermally stable L12-

ordered Ni3Al-type intermetallic precipitates coherent with the FCC HEA matrix are favorable 

candidates, because they can nucleate uniformly throughout the matrix, achieving very high 

number densities and ultra-fine particle sizes, which could significantly improve the strength 

without losing too much ductility. He et al. developed a class of FeCoNiCr-based HEAs 

strengthened by spherical coherent nanoscale L12-Ni3Al particles, leading to a high yield 

strength of ~1.0 GPa [9]. However, these alloys contain a considerable amount of rod-shape 

incoherent/discontinuous L21-Ni2AlTi precipitates along grain boundaries, which embrittle the 

alloys and decrease the ductility to 17%. Recently, a Ni3Al-strengthened CoCrNi-based HEA 

without any Ni2AlTi brittle phases has been reported, which shows a great ductility of ~45% 

[10]. However, the Ni3Al precipitates in this alloy are not uniform, and a high fraction of rod-

shape discontinuous Ni3Al precipitates (a few microns in length) are formed along grain 

boundaries, which provide limited strengthening effects (less than 300 MPa). However, the 

discontinuous and continuous precipitation mechanism in HEA remains unclear. For achieving 

homogeneous microstructure with uniformly distributed nanoparticles, it is important to obtain 

an atomic scale understanding of precipitation mechanisms of the FCC HEAs and establish 

scientific principles to inhibit the discontinuous precipitates and promote continuous 

precipitates.  

In addition to precipitation strengthening, HEAs can also be strengthened by other 

strengthening mechanisms, including grain refinement and strain hardening. Nevertheless, the 

scientific design of ultrahigh-strength and high-ductility HEAs through multi-strengthening 
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mechanisms hasn’t been achieved. Consequently, a comprehensive understanding of 

microstructure evolution, strengthening mechanisms, structure-property relationship can be 

obtained after exploring the multi-strengthening mechanisms and their optimized combinations 

in high-strength HEAs. 

Consequently, this thesis will mainly focus on the following major scientific issues, i.e., 

the exploration of precipitation nucleation, coarsening, and phase stability competition and 

evolution of complex multi-species intermetallic precipitates strengthened FeCoNiCr-based 

HEAs, an atomic scale understanding of coherent L12 precipitation mechanisms of the 

FeCoNiCr-based HEAs and establishment of  scientific principles to inhibit the discontinuous 

precipitates and promote continuous precipitates, and a comprehensive understanding of 

microstructure evolution, strengthening mechanisms, structure-property relationship in the 

multi-strengthening mechanisms strengthened HEAs.  

1.2 Motivation 

Since the strength of single-phase HEAs greatly limits their structural applications, 

dedication needs to be devoted to the scientific alloying principles and consequent 

microstructure-processing-mechanical properties relationship in HEAs. In this research, the 

FCC FeCoNiCr HEA was selected as the base alloy due to its excellent ductility and toughness.  

For introducing the precipitation strengthening to enhance the strength without losing too 

much ductility, various types of intermetallics have been introduced into the FCC HEAs, 

including B2-type (NiAl), L21-type (Ni2AlTi), η phase, laves phases, σ phase, μ phase and L12-

type Ni3Al. Nevertheless, the phase relationship, microstructure, and precipitation mechanisms 

of different intermetallic phases remains unclear, let alone their combined influence on the 

mechanical properties, the clarification of which will help to guide the establishment of the 

composition-processing-structure-property relationships in the multi-species intermetallic 

precipitates strengthened FeCoNiCr-based HEAs. In this research, Al, Ti, and Nb have been 
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added into the FeCoNiCr-based HEAs systems with varying atomic ratio to introduce different 

types of intermetallic phases. Meanwhile, different aging temperature and time have been 

applied for evaluating the phase evolution and competition, which will help to guide the 

establishment of the composition-process-structure-property relationship within the multi-

species intermetallic precipitates HEAs systems. 

As the frequently reported discontinuous precipitates (DP) in HEAs would contribute 

negatively to the strength and high temperature thermal stability due to coarse precipitate sizes 

and increased strain energy (incoherent precipitates), respectively, while the formation 

mechanism of DP, as well as relevant physical metallurgical solutions are still unknown up to 

now. Thus, it is of great importance to explore the optimization of composition design in order 

to inhibit the DP nucleation along grain boundary and facilitate continuous precipitates (CP) 

nucleation in grain interior in the same time, which will facilitating the understanding of 

precipitation mechanisms of the FeCoNiCr-based HEAs and establishing scientific principles 

to inhibit the discontinuous precipitates and promote continuous precipitates in HEAs.  In this 

research, Nb was selected as the candidate alloying element for two reasons. First, Nb is the 

CP forming element, which can promote CP nucleation. Second, this type of element prefers 

to segregate at GB, thus would change the GB composition, which might then influence GB 

precipitation. Since, this type of element influence both CP and DP, it is then applied in the 

system to help understanding the precipitation mechanism and building relevant scientific 

principles. 

Meanwhile, since ultrahigh strength with reasonable ductility is the ultimate goal from 

engineering field, the optimized combination of different strengthening mechanisms needs to 

be explored in order to develop the ultrahigh strength HEA, which could be applied in extreme 

environments. Since the combination of strain hardening, grain boundary and precipitate 

strengthening could achieve the goal in Fe-based and Ni-based superalloy, similar routes can 
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be developed in our alloy system, which would contribute to a comprehensive understanding 

of atom-/nano-/micro-structure evolution, multi-strengthening mechanisms optimization, and 

structure-property relationship. 

1.3 Research Objectives 

 To elucidate the phase relationship, microstructure, and precipitation mechanisms in the 

Fe-Co-Ni-Cr-Al-Ti-Nb system with different concentrations of L12-forming elements 

through a combination of thermodynamic calculations and experimental verifications. 

 To obtain an atomic scale understanding of the mechanisms for suppressing discontinuous 

precipitation along grain boundaries and promoting continuous precipitation throughout the 

matrix in L12-strengthened HEAs. 

 To develop ultrahigh strength and ductile HEAs through multi-strengthening methods and 

to uncover the corresponding strengthening mechanisms and intrinsic factors controlling 

plastic deformation stability of ultrastrong HEAs. 

1.4 Research Plan 

Figure 1.4-1 shows the schematic diagram of the proposed research. The ultimate 

objective of the proposed research is to shed lights on the following three research gaps in the 

preselected Fe-Co-Ni-Cr-Al-Ti-X alloy systems: (1) phase relationship, microstructure, and 

precipitation mechanisms of the multi-species intermetallic strengthened FeCoNiCr-based 

HEAs and the composition-nanostructure-processing-property relationship, (2) grain boundary 

and interior homogeneous precipitation mechanism and precipitate-mechanical property 

relationship in coherent L12 precipitate strengthened HEA, and (3) multi-strengthening 

mechanisms combination exploration in ultrahigh strength ductile HEA and corresponding 

atomic-/nano-/micro-structure evolution and structure-property relationship. To meet these 

goals, a systematic research, consisting of thermodynamic calculation, experiment verification 
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and theoretical modelling, need to be conducted to elucidate the corresponding mechanism 

behind each target.  

Firstly, the phase relationship, microstructure, and precipitation mechanisms of the multi-

species intermetallic strengthened FeCoNiCr-based HEAs and the composition-nanostructure-

processing-property relationship will be investigated to help guide the optimized design of 

intermetallic strengthened HEAs. Before experiment trials, Thermo-Calc calculation would be 

conducted to investigate different elements’ influence on intermetallic type, and volume 

fraction within various temperature range. For those typical alloys types leading to the various 

intermetallic within different temperature range, the model alloys will be fabricated through 

vacuum arc melting furnace. Next, the coarsening, phase stability competition and evolution 

of the multi-species intermetallic of these model alloys will be evaluated experimentally. Atom 

probe tomography (APT) is used to characterize the composition, size, number density and 

volume fraction of different precipitate. The aging with variant time at different temperature is 

used to investigate the alloying elements’ influence on precipitate’ coarsening rate (diffusion 

coefficient determined), while the particle size at different stage is characterized by SEM and 

transmission electron microscopy (TEM). Next, we further test the mechanical property of the 

optimized alloy with various intermetallic precipitates. Finally, the nucleation, coarsening, 

phase stability competition and evolution of the multi-species intermetallic strengthened 

FeCoNiCr-based HEAs, as well as relevant the composition-nanostructure-processing-

property relationship, can be clarified. 

Secondly, in order to obtain a homogeneous microstructure with homogeneous coherent 

precipitate only, the grain boundary (GB) precipitate and homogeneous precipitate 

mechanisms have been investigated as following in order to facilitate the scientific alloying 

principle establishment. Thermodynamic calculation based on Thermo-Calc and classical 

thermodynamic model will be applied to quickly evaluate the influence of different element on 
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the homogeneous coherent precipitation nucleation based on classical nucleation theory. 

Meanwhile, based on the standard thermodynamic theory, the potential segregation of different 

group of elements on grain boundary is predicted since grain boundary structure and 

constitution is the most influencing factor in control of GB nucleation based on the 

heterogeneous grain boundary nucleation theory. The combined calculation will help filter out 

the promising elements which would suppress DP and facilitate CP simultaneously. Then, 

experiment verification will be conducted on the most promising alloys. The as-designed alloys 

will then be fabricated by vacuum arc-melting furnace and the microstructure will be 

characterized with the combination of scanning-electron microscopy (SEM) and X-ray 

diffraction (XRD) to investigate whether the calculation prediction is right or not. Next, the 

experiment verified promising alloy would then be characterized by atom probe tomography 

(APT) to investigate both grain boundary chemical constitution and homogeneous nanoscale 

precipitate composition variation in order to further check the effect of alloying elements on 

CP and DP nucleation. After that, combining theoretical modelling and experiment results, the 

key factors influencing the CP and DP will be clarified, respectively. Based on that, grain 

boundary and interior homogeneous precipitation mechanism and the scientific principles to 

control them can be understood. The final step is to test the mechanical property of the 

optimized alloy and build precipitate-mechanical property relationship. 

Thirdly, the optimized combination of different strengthening mechanisms in the HEAs 

need to be explored in order to achieve an ultrahigh strength coherent precipitate-strengthened 

HEA. The first step is to apply Thermo-Calc calculation to investigate the effect of content of 

coherent precipitate forming element (Al, Ti and Ni) on the phase transformation of the studied 

alloy system. The guiding principle is the high coherent precipitate volume fraction and large 

heat-treatment window without other brittle intermetallic phases. After fabrication through 

vacuum arc melting furnace, the as-designed alloy would then be cold rolled in different level 
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to introduce dislocation strain hardening. Then, the cold-rolled alloys with different rolling 

degree will be suffered from heat-treatments at different temperature and time within coherent 

precipitate windows calculated by Thermo-Calc. The final step is to test the mechanical 

properties of the samples from different alloy with varying strain hardening level. For the most 

promising alloys with excellent strength-ductility combination, further investigations need to 

be performed to obtain the strengthening contribution from different mechanism and each one’s 

optimized ratio, as well as the complex atom-/nano-/micro-structure evolution and structure-

property relationship. It is noteworthy that recrystallization of the matrix grain will happen in 

different degrees upon aging, so all three factors: precipitate (size, number density and volume), 

matrix grain size, and remaining dislocation strain hardening inherited from cold rolling will 

contribute to the strengthening of the as-designed alloy simultaneously. Atom probe 

tomography (APT) is used to characterize the precipitate composition, size, number density 

and volume fraction. The grain size will be characterized with the scanning electron 

microscopy (SEM) in second electron mode and electron backscattering diffraction (EBSD) 

mode. The dislocation density resulting from the remaining strain hardening will be calculated 

from the X-ray diffraction (XRD) patterns. Finally, the strengthening contribution from 

different mechanism and each one’s optimized ratio can be calculated in the model alloys with 

excellent combination of strength and ductility, as well as the complex atom-/nano-/micro-

structure evolution and structure-property relationship. 
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Fig. 1.4-1. Schematic diagram of the proposed research. 
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Chapter 2: Literature Review 

2.1 Introduction to high-entropy alloys (HEAs) 

The initial publications mentioning the concept of multi-principal element alloys (MPEAs) 

and high entropy alloys (HEAs) [11-23], as illustrated in Fig. 2.1-1, were published in the same 

year, which dated back to 1996 ~ 2004 [19-24]. The terms, ‘high entropy alloys’ and ‘multi-

principal element alloys’ (MPEAs) were both introduced simultaneously.  

 

Fig. 2.1-1. Schematic map for high entropy alloy: (a) potential application of HEAs in aircraft 

engine, and (b) comparison between conventional alloys and HEAs  [11-15]. 

One of the earliest papers defines HEAs as, “those composed of five or more principal 

elements in equimolar ratios” [25]. The strict requirements for equal concentrations limit the 

number of HEAs types initially. Meanwhile, another extra definition expands this definition to 

include, “principal elements with the concentration of each element being between 35 and 5 

at.%.” Thus, the equimolar is not required in the much broad HEAs family, which significantly 

increase the number of HEAs. On the other hands, this concept places no bounds on the 

magnitude of entropy, which is another type of definition. Under this concept, the high 
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configurational entropy may favor single-phase solid solution phases over alloys with 

intermetallic (IM) phases [26-30]. 

 

Fig. 2.1-2. Classification of typical high entropy alloy (HEA) family [28]. 

Generally, the HEA families were separated into the following categories based on their 

constituent element groups: the NiCoFeMnCr type FCC HEAs, the TiVZrNbMoTaHfW type 

BCC HEAs, HCP HEAs, light weight HEAs, and Precious functional HEAs. The various HEAs 

family are aimed at varying application field as defined by their relative concept. For structure 

material application, the FCC type HEAs are the most promising ones, as they are with 

excellent room to high temperature strength-ductility combination and low price advantages, 

which attracts the attentions from researches all over the world [31-35]. 

2.2 Unique features of HEAs 

Since the born of HEAs, they are further described by four ‘core effects’, namely, the high 

entropy effect, the lattice distortion effect, sluggish diffusion, and the ‘cocktail’ effect [36], as 

shown in Fig. 2.2-1.  
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Fig. 2.2-1. Four Core effects of HEAs [36]. 

The high entropy effect: the high entropy effect is the concept of the HEAs, which 

proposes that the increasing element type leads to the increased configurational entropy, the 

results of which further predict that the stability of solid solution phase is much higher than the 

ordering and precipitation of additional intermetallic compounds as the high entropy effect 

decreases the total Gibbs energy [37-44] (Fig. 2.2-2). Meanwhile, these discussions only 

consider the influence of configurational entropy on the stability only, while the potential 

effects of vibrational, electronic and magnetic terms are ignored, and thus need to be further 

corrected.  

The lattice distortion effect: as the various types of atoms are with different sizes, the 

complex, concentrated phases formed from their reaction are thus with severe lattice distortion, 

which is much larger comparing the conventional alloys (Fig. 2.2-3). The more the element 

type, the larger the lattice distortions. The lattice distortion will further introduce the peaks 

broadening of X-ray diffraction [45], increasing solid solution strengthening effects [46], and 

reducing electrical and thermal conductivity.  

High-
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alloys

Thermodynamics High 
Entropy

Properties 
Cocktail Effectd

Kinetics Sluggish Diffusion

Structure Lattice 
Distortion



14 
 

 

Fig. 2.2-2. Stabilizing single-phase structure by increasing the entropy [37-44]. 

 

Fig. 2.2-3. Larger lattice distortion in multicomponent alloys in comparison with diluted ones 

[45,46]. 

The sluggish diffusion effect: the diffusion kinetics is reported to be sluggish in HEAs 

[47-50]. The diffusion activation energy of several typical elements in different types of matrix 

has been investigated and summarized in Fig. 2.2-4. It is quite clear that the high entropy matrix 

stabilizes the matrix and hinders the element partitioning and diffusion obviously. This claim 
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is based on the assumption that the abundant low lattice potential energy (LPE) sites in HEAs 

can serve as traps and hinder atomic diffusion, leading to the sluggish diffusion effect [51].  

 

 

Fig. 2.2-4. Melting-point normalized activation energy of diffusion for Cr, Mn, Fe, Co, and Ni 

in different matrices [47-51]. 

The ‘cocktail’ effect: the cocktail effect means the a synergistic mixture of various 

advantages together, which results in an unprecedented property greater than the sum of the 

parts [52-55]. For instance, within the FCC type HEAs domain, the solid solution strengthening, 

micro-twinning, martensitic transformation, intermetallic precipitation strengthening, and 
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interstitial strengthening co-existed in the complex alloy systems, which leads to the 

extraordinary property. 

 

Fig. 2.2-5. The Multimetallic cocktails effects [52-55]. 

 

2.3 Precipitate-strengthened HEAs  

At the moment, the most widely studied HEA family contains at least 4 of the 9 following 

elements: Al, Co, Cr, Cu, Fe, Mn, Ni, Ti and V [56-58]. More than 80% of the MPEAs fall in 

this region. The typical ‘Cantor alloy’ (CoCrFeMnNi) was first reported in 2004 [1]. In 

particular, the FeCoNiCr FCC based HEA (Fig. 2.3-1) is of great scientific and technical 

importance due to its excellent mechanical properties at cryogenic and ductility at room and 

high temperature. Nevertheless, the low strength limitation of single phase HEAs significantly 

refine its further application. Thus, a lot of researches have done to enhance the strength of 
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HEA without sacrificing its stability. In particular, the precipitation strengthening mechanism 

has drawn great attention all over the world.  

 

Fig. 2.3-1. Schematic map of the FeCoNiCrMn HEA family [56]. 

2.3.1 Precipitate strengthening mechanisms 

The traditional metallurgical concept through the decomposition of unstable 

supersaturated solid solutions to introduce hard secondary phase has been proved the most 

powerful and successful strengthening route universally. 

Generally, there are two types of dislocation-precipitation interaction route: the small and 

soft ones to be cut through by dislocations; the large and hard ones to be looped by dislocations. 

For both types, the modulus differences, antiphase boundary energy or the stacking fault energy, 

and misfit strains are usually the important factors for strengthening (Fig. 2.3-2).  
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Fig. 2.3-2. Schematic maps for different types of precipitate-dislocation interactions. 

2.3.2 Incoherent precipitate strengthened HEA 

The single phase FCC HEAs exhibits exceptional damage tolerance even at cryogenic 

temperature, being much better than most conventional alloys. However, its strength is quite 

low (yield strength lower than 400MPa) for engineering applications at ambient and high 

temperatures. Hence, the emphasis of HEA metallurgy has been placed on the strengthening of 

FCC HEAs, such as using precipitation strengthening by hard intermetallic phases [56-60]. 

Based on the precipitation intermetallic crystal types and their correlation with the FCC matrix, 

they are categorized into two groups. The first group is incoherent intermetallic precipitates, 

which generally are with the totally different structure comparing with the matrix, such as the 

 and the µ phases. The second group is coherent precipitates, and the typical one is the L12 

phase, which is with small lattice mismatch with the matrix. 
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Fig. 2.3-3.  and µ phases strengthened HEA [58]. 

For the incoherent intermetallic compounds strengthening methods, the traditional brittle 

intermetallics with poor slipping systems and thus ductility result in the unprecedented balance 

between strength (1200 MPa) and ductility (19%) through introducing the  and µ phases [59, 

61]. After annealing the supersaturated HEA within 800–900 °C (Fig. 2.3-3, the brittle  and 

µ phases were precipitated out of the matrix. The excellent ductility stems from the excellent 
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work hardening capacity of the FCC matrix, which improve the alloy system tolerance for 

containing reasonable brittle phases. 

2.3.3 Coherent precipitate strengthened HEAs  

The L12-ordering phase is widely applied for strengthening the Ni-based and Co-based 

superalloys, since it is fully coherent with the FCC matrix, thus leading to the simultaneous 

enhancement of both strength and ductility [62]. The L12-forming elements in the FeCoNiCr 

HEA base alloy includes Al, Ti, Nb, and Ta, and their complex mixture leads to L12 precipitate 

with varying properties [62]. The most representative L12 strengthened HEAs are 

(CoCrFeNi)94Al4Ti2, (CoCrNi)94Al3Ti3, and Co1.5CrFeNi1.5Al0.2Ti0.3 alloys [54-56]. The 

(CoCrFeNi)94Al4Ti2 alloy is the first reported L12-strengthened HEA (Fig. 2.3-4), and a 

remarkable combination of 1100 MPa yield stress and 35% ductility was achieved by 

precipitation-strengthening, dislocation strengthening, and grain boundary strengthening. In 

particular, the lamellar shape discontinuous precipitation (DP) along grain boundary and 

spherical shape continuous precipitation (CP) of L12 within grain interior were found to be co-

existed in the alloys. Besides, the APT proximity histogram figures reveal the preferred 

partitioning of Ni, Al, and Ti to the particle and Co, Cr, and Fe to the matrix, which lead to the 

precipitation with the Ni3(Ti, Al)-type stoichiometry. 

Meanwhile, a significant amount of L12 particles in both the lamellar rod shape along 

grain boundary and spherical shape throughout the matrix have been introduced into the 

(CoCrNi)94Al3Ti3 MEA, either, which exhibits a yield stress ~ 800 MPa and total elongation ~ 

45%. Meanwhile, it is observed that both the DP and CP are enriched in the Ni, Ti and Al. 
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Fig. 2.3-4. L12 precipitate strengthened HEA: (a) SEM graphs of DP and CP, (b) Morphology 

of DP and CP in TEM and their corresponding SAEDs, (c and d) APT element maps of the DP 

[54]. 
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2.4 Summary 

The FCC CoCrFeNiMn HEA exhibits exceptional damage tolerance even at cryogenic 

temperature, being much better than most conventional alloys [6]. However, its strength is quite 

low (yield strength lower than 400MPa) for engineering applications at ambient and high 

temperatures [7]. Hence, the emphasis of HEA metallurgy has been placed on the strengthening 

of FCC HEAs, such as using precipitation strengthening by hard intermetallic phases [8].  

Considering about room temperature precipitation strengthening, extensive researches 

have been done to explore the optimal compositions and crystal structures of intermetallic-

strengthened HEAs: B2-type (NiAl), L21-type (Ni2AlTi), η phase, laves phases, σ phase, μ 

phase and L12-type. According to their lattice type and mismatch with the FCC matrix, they 

are categorized into two groups, i.e., the coherent precipitate (L12) with ordered FCC structure 

and small lattice misfit, and the incoherent one with totally different structure and large lattice 

misfit. Both types contribute to the significant strength improvement, while their relative phase 

stability competition are still unclear. Hence, the phase relationship, microstructure, and 

precipitation mechanisms of different intermetallic phases introduced in the FCC base alloys 

need to be further explored, which will help to guide the establishment of the composition-

processing-structure-property relationships in the multi-species intermetallic precipitates 

strengthened FeCoNiCr-based HEAs. 

In particular, the thermally stable L12-ordered Ni3Al-type intermetallic precipitates 

coherent with the FCC HEA matrix are favorable candidates, which could significantly 

improve the strength without losing too much ductility. However, the Ni3Al precipitates in this 

alloy are not uniform, and a high fraction of rod-shape discontinuous Ni3Al precipitates (a few 

microns in length) are formed along grain boundaries, which provide limited strengthening 

effects (less than 300 MPa). Hence, the discontinuous and continuous precipitation mechanism 

in HEA remains unclear, while the unknown alloying strategy to inhibit discontinuous 
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precipitate and promote continuous precipitate in HEA is of great importance to achieve 

homogeneous microstructure with uniformly distributed nanoparticles, which will help to 

obtain an atomic scale understanding of precipitation mechanisms of the FCC HEAs and 

establish scientific principles to inhibit the discontinuous precipitates and promote continuous 

precipitates.  

Moreover, since the strengthening of alloys can be done not only by precipitation 

strengthening, but also other strengthening mechanisms, including grain refinement and strain 

hardening [30], the scientific design of ultrahigh-strength and high-ductility HEAs through 

combination of multi-strengthening mechanisms hasn’t been achieved, either. Consequently, a 

comprehensive understanding atom-/nano-/micro-structure evolution, strengthening 

mechanisms, structure-property relationship can be obtained after exploring the multi-

strengthening mechanisms and their optimized combinations in high-strength HEAs is still 

lacking. 
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Chapter 3: Methodology 

3.1 Materials Preparation 

The pre-designed alloys with nominal compositions of (CoCrFeNi)94-yAlxTi6-xNby (at.%) 

(Table 3.1-1) were prepared by arc-melting the mixture of the constituent elements under a Ti-

gettered argon atmosphere. Each alloy ingot was re-melted at least four times to eliminate any 

potential chemical heterogeneity before drop-cast into a copper mold of 50 × 15 × 3 mm3. The 

chemical compositions of twenty alloys were with different Nb additions (0.5, 1.0, 1.5 and 2.0 

at.%) and Al/Ti ratios (5/1, 4/2, 3/3, 2/4 and 1/5 at%). For simplicity, these alloys are hereafter 

referred to as Al5Nb0.5, Al4Nb0.5, Al3Nb0.5, Al2Nb0.5, Al1Nb0.5, Al5Nb1, Al4Nb1, 

Al3Nb1, Al2Nb1, Al1Nb1, Al5Nb1.5, Al4Nb1.5, Al3Nb1.5, Al2Nb1.5, Al1Nb1.5, Al5Nb2, 

Al4Nb2, Al3Nb2, Al2Nb2, and Al1Nb2 alloys, respectively. Ingots were then subjected to the 

homogenization treatment for 2 h at 1150 ℃, cold-rolling process for a total reduction of 

approximately 66%, recrystallization for 3 min at 1150 °C and annealing aging treatment at 

800 °C for 24 h in sequence. Alloys with nominal compositions of (CoCrFeNi)94-xAl3Ti3Nbx 

(at.%) (Table 3.1-1) were prepared by arc-melting a mixture of the constituent elements with 

purity higher than 99.9 wt.% under a Ti-gettered argon atmosphere, and the alloys were then 

drop-cast into a copper mold of 50 × 15 × 3 mm3. Ingots were homogenized for 2 h at 1150 ℃ 

and then cold-rolled for multiple passes, yielding a total reduction of approximately 66%. The 

rolled plates were subjected to recrystallization for 3 min at 1150 °C and then aged at 800 °C 

for various periods of time. Alloy with nominal composition of Ni32.8Fe21.9Co21.9Cr10.9Al7.5Ti5.0 

(at.%) was prepared by arc-melting a mixture of the constituent elements with purity higher 

than 99.9 wt.% under a Ti-gettered argon atmosphere. Repeated melting was carried out at least 

four times to ensure the chemical homogeneity. The melted alloys were then drop-cast into 

copper molds with dimensions of 6 × 15 × 50 mm and 10 × 15 × 50 mm and then homogenized  
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Table 3.1-1. Nominal compositions of the designed alloys (at.%). 

Alloy Co Cr Fe Ni Al Ti Nb 

Al5.0Ti1.0Nb0.5 23.375 23.375 23.375 23.375 5.0 1.0 0.5 

Al4.0Ti2.0Nb0.5 23.375 23.375 23.375 23.375 4.0 2.0 0.5 

Al3.0Ti3.0Nb0.5 23.375 23.375 23.375 23.375 3.0 3.0 0.5 

Al2.0Ti4.0Nb0.5 23.375 23.375 23.375 23.375 2.0 4.0 0.5 

Al1.0Ti5.0Nb0.5 23.375 23.375 23.375 23.375 1.0 5.0 0.5 

Al5.0Ti1.0Nb1.0 23.25 23.25 23.25 23.25 5.0 1.0 1.0 

Al4.0Ti2.0Nb1.0 23.25 23.25 23.25 23.25 4.0 2.0 1.0 

Al3.0Ti3.0Nb1.0 23.25 23.25 23.25 23.25 3.0 3.0 1.0 

Al2.0Ti4.0Nb1.0 23.25 23.25 23.25 23.25 2.0 4.0 1.0 

Al1.0Ti5.0Nb1.0 23.25 23.25 23.25 23.25 1.0 5.0 1.0 

Al5.0Ti1.0Nb1.5 23.125 23.125 23.125 23.125 5.0 1.0 1.5 

Al4.0Ti2.0Nb1.5 23.125 23.125 23.125 23.125 4.0 2.0 1.5 

Al3.0Ti3.0Nb1.5 23.125 23.125 23.125 23.125 3.0 3.0 1.5 

Al2.0Ti4.0Nb1.5 23.125 23.125 23.125 23.125 2.0 4.0 1.5 

Al1.0Ti5.0Nb1.5 23.125 23.125 23.125 23.125 1.0 5.0 1.5 

Al5.0Ti1.0Nb2.0 23.0 23.0 23.0 23.0 5.0 1.0 2.0 

Al4.0Ti2.0Nb2.0 23.0 23.0 23.0 23.0 4.0 2.0 2.0 

Al3.0Ti3.0Nb2.0 23.0 23.0 23.0 23.0 3.0 3.0 2.0 

Al2.0Ti4.0Nb2.0 23.0 23.0 23.0 23.0 2.0 4.0 2.0 

Al1.0Ti5.0Nb2.0 23.0 23.0 23.0 23.0 1.0 5.0 2.0 

0Nb 23.5 23.5 23.5 23.5 3 3 0 

0.5Nb 23.375 23.375 23.375 23.375 3 3 0.5 

1.0Nb 23.25 23.25 23.25 23.25 3 3 1.0 

1.5Nb 23.125 23.125 23.125 23.125 3 3 1.5 

2.0Nb 23.0 23.0 23.0 23.0 3 3 2.0 
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for 2 h at 1150 °C, followed by water quenching. The coherent nano-lamellar (CNL) 

architecture was produced through controlled thermomechanical treatments consisting of a 

cold-rolling process for a reduction of 90% and a subsequent tempering treatment for 8 h at 

600 °C (referred to as the “CNL alloy”). For comparison, two samples with the same 

composition as the CNL alloy but different treatment histories were prepared; one was 

fabricated by cold-rolling the homogenized ingot to a reduction of 90% (referred to as the 

“severely deformed alloy”), and the other was fabricated by recrystallizing the cold-rolled 

sample for 3 min at 1150 °C and subsequent tempering for 8 h at 600 °C (referred to as the 

“conventionally processed alloy”). 

3.2 Microstructure Characterization 

The crystal structure constituents of each alloy were characterized and confirmed by X-

ray diffraction (XRD) with a Rigaku SmartLab X-ray Diffractometer. Before XRD scanning, 

the samples were ground on 80–3000 grit silicon carbide paper and then polished using Al2O3 

polishing liquid (0.05 μm grit size). The θ-2θ scanning was conducted in the range of 20-100° 

with a scanning speed of 4°/min. A slow scan in the range of 88-92° with a speed of 0.05°/min 

was performed to calculate the lattice mismatch (δ) at the (311) diffraction peak. The equation 

can be described as: δ = 2(αL12 - αFCC)/(αL12 + αFCC), where α refers to the lattice constant for a 

specific phase. For microstructure morphology characterizations, the experimental samples 

were examined by a TESCAN MAIA3 scanning electron microscopy (SEM). The samples 

were polished using standard mechanical polishing procedures mentioned as above and 

chemically etched with a dilute aqua regia solution before characterization. The averaging grain 

size was calculated after averaging at least 200 grains based on the SEM and EBSD images in 

suitable magnification, simultaneously. The averaging size and volume fraction of L12 particle 

were collected after averaging at least 200 particles and 5 SEM images in suitable 

magnification, respectively. TEM and STEM observations were conducted on a JEM-2100F 
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microscope operated at 200 kV. The TEM is equipped with EDS for elemental analysis and 

SAED for structural analysis. TEM specimens were mechanically thinned to around 40 μm, 

punched to Ф3 mm circle sheets, and then thinned by twin-jet electro-polishing in a solution 

consisting of 5 vol.% perchloric acid and 95 vol.% alcohol at a temperature of -30 °C with a 

potential of 24 V. To quantify the observed lamellar thicknesses, TEM images were analyzed 

by an Image-J software. At least 800 lamellae were measured to obtain a reliable determination. 

EBSD measurements were performed to characterize the grain structure, averaging grain size, 

and orientation distribution using a FEI-SEM with an Oxford detector operated at 30 kV and 

0.8 nA. The specimens were prepared by mechanical polishing down to 0.05 μm, followed by 

electro-polishing in a solution of HNO3 (25%) and C2H5OH (75%) with a voltage of 20 V at -

40 °C. The EBSD grains defined by large angle misorientation ( > 15°) were treated as near 

sphere shape and the grain size was obtained through calculating the diameter of the particular 

spherical area, and at least 200 grains were selected for averaging. 

3.3 Nanostructure Characterization  

The nanostructure characterizations of the predesigned alloys were done through the 3D 

atom probe tomography (APT) in a local electrode atom probe (LEAP 5000 XR). There are 

two features of APT making it stand out among analytical instruments: three dimensional 

compositional imaging at the nanoscale analysis of buried features and high analytical 

sensitivity. The image resolution is excellent, but electron microscopy and scanning probe 

instruments can exceed it for pure image resolution. It is the spatial resolution of APT as an 

analytical technique that is unmatched. Many scientific instruments offer a compositional 

imaging mode where characteristic signals are resolved spatially on a point-by-point basis. The 

spatial resolution of such images is the resolution of the technique when operated in a focused-

probe mode. The highest spatial resolution technique of these is the scanning transmission 

electron microscopy (STEM) which can provide 1 nm resolution laterally from x-ray emissions 
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and 0.2 nm resolution laterally from electron energy loss events. However, these images are 

integrated through the specimen thickness, which is about 10 nm. APT achieves better than 0.3 

nm in all three directions of a three-dimensional image simultaneously. Because it is a three-

dimensional technique, APT excels at an analysis of subsurface or buried features in specimens. 

These can include one-dimensional features such as dislocations, two-dimensional features, 

such as layers and interfaces, and three-dimensional features, such as precipitates. With a wide 

field of view, about 250,000 atoms per atomic layer can be recorded. For the interfacial 

segregation, the sensitivity is therefore about 40 appm/atomic layer and is limited principally 

by the number of atoms detected per layer. For bulk analyses, the sensitivity can be 10 appm 

or better. It is typically limited by the background signal in the mass spectrum as long as enough 

atoms are collected. For an analytical imaging technique, this is a very high sensitivity. Thus 

APT, especially as practiced by the high speed, large field of view instruments, offers an 

unparalleled combination of compositional imaging at the atomic scale of multidimensional 

objects with high analytical sensitivity. 

The needle-shape specimens for atom probe tomography (APT) were fabricated by lift-

outs and annular milled in a FEI Scios focused ion beam/scanning electron microscope 

(FIB/SEM) (Fig. 3.3-1). The specimens were analyzed in voltage mode, with a specimen 

temperature of 50K, a pulse repetition rate of 200 kHz, a pulse fraction of 0.2 and an ion 

collection rate of between 0.5% and 1% ions per field evaporation pulse. Imago Visualization 

and Analysis Software version 3.8 was used for 3D reconstructions and data analysis. 
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Fig. 3.3-1. Principles of atom probe tomography [61]. 

3.4 Mechanical Properties Testing   

Tensile samples in a dog-bone shape with a gauge length of 12.5 mm, a width of 3.2 mm 

and a thickness of 1/0.7 mm were fabricated through electrical-discharge machining 

(Robocut α-1 iCE). Uniaxial tensile tests with a fixed strain rate, 1 × 10-3 s-1, were conducted 

at room temperature using the MTS mechanical testing system. During tensile testing, a high-

resolution strain extensometer was attached to the gauge length section, which ensures an 

accurate measurement of the yielding behavior and tensile ductility. At least three tensile 

samples for each condition were tested to obtain statistically valid results. In addition, larger-

sized tensile samples with a gauge length of 25 mm and a gauge width of 5 mm were tested to 

verify the initial results. Fracture surfaces of tensile samples were examined by the FEI-SEM. 

Vickers hardness was done on the polished sample surfaces after applying a load of 1000g for 

15 seconds dwelling time using a Future-Tech microhardness tester. 

3.5 Thermodynamics Calculation   

Thermodynamic calculations were done with the software Thermo-Calc 3.0.1 on a Ni-

based database (TTNI8), in order to replace the traditional trial and error method and 

scientifically guide the alloy composition design and equilibrium phase selection.  
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Thermodynamic calculations were performed by the Thermo-Calc 3.0.1 soft with a Ni-based 

database (TTNi8). In particular, the FCC-type NiFeCoCr-based HEAs are similar to Ni-based 

alloys in terms of alloying element, phase constitution, and phase composition. Thus, the Ni-

based database (TTNI8) is traditionally used to predict the phase relations of FCC HEAs, which 

has demonstrated good reliability in previous studies. In this study, the TTNI8 database was 

also used and the calculated results showed a good matching with our experimental results. 

Meanwhile, the newly emerging TCHEA database is a newly developed framework for HEAs, 

which is largely a subsystem of the TTNI8 database. We have validated our calculated works 

by comparing them with the data from TCHEA, which show good consistency. 

Ab initio calculation was performed using the Vienna ab-initio simulation package (VASP) 

with the projector augmented wave (PAW) method and the Perdew–Becke–Erzenhof 

exchange-correlation functional. A plane wave cut-off energy of 400 eV and a k-point mesh of 

9 × 3 × 1 were used, and magnetism was considered. A vacuum layer of 25 Å was set in the 48 

atoms FCC supercell, which was built by special quasi-random structure (SQS) method. 
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Chapter 4: Phase relationship, microstructure, and precipitation 

mechanisms of Fe-Co-Ni-Cr-Al-Ti-Nb alloys 

4.1 Introduction  

The FCC CoCrFeNi HEA exhibits exceptional damage tolerance even at cryogenic 

temperature, being much better than most conventional alloys [6]. However, its strength is quite 

low (yield strength lower than 400MPa) for engineering applications at ambient and high 

temperatures [7]. Hence, the emphasis of HEA metallurgy has been placed on the strengthening 

of FCC HEAs, such as using precipitation strengthening by hard intermetallic phases [8]. 

Considering about room temperature precipitation strengthening, extensive researches have 

been done to explore the optimal compositions and crystal structures of intermetallic-

strengthened HEAs: B2-type (NiAl), L21-type (Ni2AlTi), η phase, laves phases, σ phase, μ 

phase and L12-type. According to their lattice type and mismatch with the FCC matrix, they 

are categorized into two groups, i.e., the coherent precipitate (L12) with ordered FCC structure 

and small lattice misfit, and the incoherent one with totally different structure and large lattice 

misfit. Both types contribute to the significant strength improvement, while their relative phase 

stability competition are still unclear. Hence, the thermodynamic mechanisms behind the 

nucleation, coarsening  and secondary phase transformation evolution of different intermetallic 

phases introduced in the FCC base alloys need to be further explored, which will help to guide 

the establishment of the composition-processing-structure-property relationships in the multi-

species intermetallic precipitates strengthened FeCoNiCr-based HEAs 
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4.2 Results 

4.2.1 Microstructure 

Representative SEM microstructures of Al5Nb0.5, Al3Nb0.5, Al1Nb0.5, Al5Nb1, 

Al3Nb1, Al1Nb1, Al5Nb1.5, Al3Nb1.5, Al1Nb1.5, Al5Nb2, Al3Nb2, and Al1Nb2 alloys aged 

for 24 h at 800 °C are presented in Fig. 4.2-1. For the 0.5Nb series alloys, the Al5Nb0.5 alloy 

(Fig. 4.2-1a) shows a homogeneous continuous precipitation (CP) of L12-dominated secondary 

phases in the matrix, while minor irregular block phases are also observed at grain boundaries, 

which was reported as L21 phases in similar alloy systems [63-65]. With the decreasing Al/Ti 

ratio, the Al3Nb0.5 alloy (Fig. 4.2-1b) exhibits a heterogeneous precipitate microstructure 

containing both continuous precipitation (CP) and discontinuous precipitation (DP) regions of 

L12. The further reduction of Al/Ti ratio leads to the appearance of lamellar Eta (η) phase (Fig. 

4.2-2a) at grain boundaries, as shown in the Al1Nb0.5 alloy (Fig. 4.2-1c). The increasing Nb 

addition to 1 at% doesn’t change the constituent and morphology too much. The secondary 

phases in the Al5Nb1 alloy (Fig. 4.2-1d) is still mainly consisted of CP of L12 within grain 

interior decorated with minor L21 phase at boundaries, while the Al3Nb1 alloy (Fig. 1e) shows 

a nearly complete CP of L12 at both grain interior and boundaries. The Eta (η) phase in Al1Nb1 

alloy is with more content comparing with its 0.5Nb counterpart (Fig. 4.2-1f). When 1.5 at% 

Nb is added to the alloy system, the early appearance of η phase is observed at grain boundary 

together with L21 phase in the Al3Nb1.5 alloy (Fig. 4.2-1h), whereas the Al5Nb1.5 alloy (Fig. 

4.2-1g) is still dispersed mainly with CP of L12 within grain interior, accompanied by small 

amount of L21 phases at boundaries. With further decreasing Al/Ti ratio, the Al1Nb1.5 alloy 

shows much more area of η-dominated region (Fig. 4.2-1i). Meanwhile, the addition of Nb to 

2 at% changes the secondary phase constituents completely. The Al5Nb2 alloy consists of the 

pre-mentioned CP of L12 within grain interior and new blocky Laves phase at boundaries (Fig. 

4.2-1j), which is verified by the XRD pattern as shown in Fig. 4.2-2d. The further decreasing 
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Al/Ti ratio results in the coexistence of blocky Laves and lamellar η phase at boundaries, as 

revealed in both the Al3Nb2 and Al1Nb2 alloys (Fig. 4.2-1k and l).  

 

Fig. 4.2-1. Microstructures of the (CoCrFeNi)94-yAlxTi6-xNby alloys in the 24-h aged condition: 

(a) Al5Nb0.5, (b) Al3Nb0.5, (c) Al1Nb0.5, (d) Al5Nb1, (e) Al3Nb1, (f) Al1Nb1, (g) Al5Nb1.5, 

(h) Al3Nb1.5, (i) Al1Nb1.5, (j) Al5Nb2, (k) Al3Nb2, and (l) Al1Nb2. The enlarged view shows 

the typical structure in the particular alloy. 

To further confirm and verify the crystal structure constituents of the twenty alloys aged 

for 24 h at 800 °C, XRD scanning was applied, and the corresponding patterns are shown in 

Fig. 4.2-2. The Al5Nb0.5, Al4Nb0.5, and Al3Nb0.5 alloys exhibit similar patterns, with FCC 

and L12 peaks only, whereas the new diffraction peaks corresponding to the Eta (η) phase are 
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observed for the Al2Nb0.5 and Al1Nb0.5 alloys (Fig. 4.2-2a). For the 1Nb series alloys, similar 

trend is observed, and the obvious diffraction peaks for lamellar η phase don’t appear until the 

Al/Ti ratio decreasing to less than 3/3 (Fig. 4.2-2b). On the contrary, the diffraction peaks for 

the η phase do appear at the Al3Nb1.5 alloy (3Al/3Ti), as well as for the Al2Nb1.5 and 

Al1Nb1.5 alloys (Fig. 4.2-2c). With further increasing Nb addition to 2 at%, several extra new 

diffraction patterns, corresponding to the Laves phase, are identified for all five alloys with 

varying Al/Ti ratio (Fig. 4.2-2d). Meanwhile, the previous observed patterns for η phase are 

found to be coexisted with the Laves phase in the Al3Nb2, Al2Nb2 and Al1Nb2 alloys, while 

the Al5Nb2 and Al4Nb2 alloys are with the η phase patterns only [66-68], in addition to the 

main FCC and L12 peaks. 

 

Fig. 4.2-2. XRD patterns of the (CoCrFeNi)94-yAlxTi6-xNby alloys in the 24-h aged condition: 

(a) Nb0.5 series, (a) Nb1 series, (a) Nb1.5 series, and (d) Nb2 series. 
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4.2.2 Crystal structure  

TEM was applied for crystal structure confirmations involved in our alloys systems, as 

shown in Fig. 4.2-3. The bright-field and SAED pattern verify that L21 phase appears in the 

Al5Nb0.5 alloy with the morphology of small strip. Meanwhile, considering about the A11Nb2 

alloy, the co-existence of L12, laves, and η phase in the FCC matrix are detected. The L12 

particles distribute uniformly within the FCC matrix, while the Laves and η phase are quite 

coarse, exhibiting the irregular block and parallel lamellar morphology, respectively. 

 

 

Fig. 4.2-3. Bright-field image and SAED patterns of the typical phases in the (CoCrFeNi)94-

yAlxTi6-xNby alloys in the 24-h aged condition: (a) L21 phase in Al5Nb1 alloy, (b) Laves phase 

and FCC/L12 in Al1Nb2 alloy, (c) Eta (η) phase in Al1Nb2 alloy. 

4.2.3. L12 particle size and morphology evolution  

Since the homogeneous continuous precipitations of L12 phase are the dominated 

secondary phase in our designed alloy system, it is thus necessary to understand how the 
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Al/Ti/Nb ratio influences the particle size and morphology evolution, as shown in Fig. 4.2-4 

and Fig. 4.2-5. The L12 precipitates are with the sphere morphology in the Al5Nb0.5 alloy (Fig. 

4.2-4a), the averaging particle diameter of which is 20.5 ± 6.6 nm. The increasing Nb content 

to 1.0, 1.5, and 2.0 at%, respectively, i.e., Al5Nb1, Al5Nb1.5, and Al5Nb2 alloys, doesn’t 

change the spherical morphology of the L12 particles (Fig. 4.2-4b-d), while the diameter 

increases to 26.0 ± 4.4, 29.7 ± 5.8, and 43.8 ± 3.9nm, respectively. Meanwhile, with the 

decreasing Al/Ti ratio to 3/3, the spherical morphology is still maintained for all alloys with 

different Nb content, while the diameter gradually rises from 37.8 ± 5.9 nm in the Al3Nb0.5 

alloy to 44.3 ± 3.9 nm in the Al3Nb1 alloy, then to 45.7 ± 4.6 nm in the Al3Nb1.5 alloy, and 

finally to 53.2 ± 5.7 nm in the Al3Nb2 alloy (Fig. 4.2-4e-h). On the contrary, when the Al/Ti 

ratio is further reduced to 1/5, the obvious morphology transition from sphere to semi-cuboidal 

shape is observed. The equivalent diameter of the semi-cuboidal L12 precipitation in the 

Al1Nb0.5 is approximately 39.6 ± 5.4 nm, With further increasing Nb content, the value 

gradually enhances to 45.6 ± 4.0, 48.2 ± 4.3, and 58.7 ± 6.3 nm for the Al1Nb1 and Al1Nb1.5, 

and Al1Nb2 alloy, respectively (Fig. 4.2-4i-l).  

 

Fig. 4.2-5. Particle diameter of Al5-, Al3-, and Al1-series alloys as a function of Nb atomic 

ratio in the 24-h aged condition 

Nb0.5 Nb1 Nb1.5 Nb2
10

20

30

40

50

60

70

 

 

P
ar

ti
cl

e
 d

ia
m

et
e

r

 Al5Ti1
 Al3Ti3
 Al1Ti5



39 
 

 

Fig. 4.2-4. High resolution SEM graphs of the L12 precipitation evolution in the (CoCrFeNi)94-

yAlxTi6-xNby alloys in the 24-h aged condition: (a) Al5Nb0.5, (b) Al5Nb1, (c) Al5Nb1.5, (d) 

Al5Nb2, (e) Al3Nb0.5, (f) Al3Nb1, (g) Al3Nb1.5, (h) Al3Nb2, (i) Al1Nb0.5, (j) Al1Nb1, (k) 

Al1Nb1.5, and (l) Al1Nb2. 

4.2.4. Element partitioning  

To further investigate the element constituent of the L12 precipitates with various 

morphology, 3D-APT was applied for the composition analysis after fabricating the required 

specimen through the FIB lift-out method from the interested area. The isosurfaces with a 
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concentration of 12% (Al + Ti) were used to visualize L12 precipitation. Figure 4.2-6 reveals 

the precipitation morphology of the Al5Nb0.5, Al5Nb2, Al1Nb0.5, and Al1Nb2Nb alloys in 

the 800 °C 24-h aged conditions. The proximity histograms of L12 of above mentioned alloys 

are shown in Fig. 4.2-7, together with the atom maps of Co (purple), Cr (pink), Fe (orange), Ni 

(green), Al (cyan), and Ti (blue) atoms of Al1Nb0.5 alloy for illustration. In both alloys, the 

preferred partitioning of Co, Cr, and Fe to the FCC matrix and Ni, Al, Ti, and Nb to the L12 

precipitation are quite obvious. Moreover, the atomic ratio of (Ni + Co + Fe + Cr):(Ti + Al + 

Nb) in all alloys is approximately 3:1, which is consistent with the formation of the  

(Ni,Co,Fe,Cr)3(Ti,Al,Nb) phase [69-73]. In particular, the error bars (σ) shown in proximity 

histograms attributed to the concentration measurements in APT are given by 

i i(1 )
=

T

C C

N
 

                                                      (1) 

where σ is the statistical counting uncertainty, Ci is the measured far-field concentration of 

species i, and NT is the total number of type i atoms collected in the sampled region. 

 

Fig. 4.2-6. L12 nanoparticles of the typical (CoCrFeNi)94-yAlxTi6-xNby alloys in the 24-h aged 

condition: (a) Al5Nb0.5, (b) Al5Nb2, (c) Al1Nb0.5, and (d) Al1Nb2. 
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Fig. 4.2-7. (a) Atom maps of Co, Cr, Fe, Ni, Ti, Al, and Nb of Al1Nb0.5 alloy, and proximity 

histograms of the L12 particles in the  (b) Al5Nb0.5, (c) Al5Nb2, (d) Al1Nb0.5, and (e) Al1Nb2 

alloys under the 24-h aged condition. 
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4.2.5 FCC/L12 lattice misfit  

To investigate the FCC/L12 lattice misfit of alloys with the varying Al/Ti/Nb ratio, the 

high angle (311) XRD peak is selected for the lattice misfit modelling [74-76], and the resulted 

lattice misfit modelling, together with the lattice constant and misfit value evolution are shown 

in Fig. 4.2-8 and Fig. 4.2-9, respectively. At relatively low Al/Ti ratio (5/1), the FCC lattice 

constant increases from 3.589 Å in the Al5Nb0.5 alloy to 3.592 Å in the Al5Nb1 alloy, then to 

3.595 Å at both Al5Nb1.5 and Al5Nb2.0 alloy. Meanwhile, the lattice constant of L12 is larger 

than its corresponding FCC matrix in all four alloys involved, the value of which rises from 

3.592 Å to 3.599 Å, then to 3.602 Å, and finally to 3.604 Å. The lattice misfit of FCC/L12 

increase from 0.097 % to 0.200 %, then drops a bit to 0.198 %, and finally increases to 0.257 

%. With the decreasing Al/Ti ratio to 3/3, the FCC and L12 constant grow from 3.589 and 3.593 

Å in the Al3Nb0.5 alloy, to 3.591 and 3.602 Å in the Al3Nb1 alloy, then to 3.595 and 3.603 Å 

in the Al3Nb1.5 alloy, and finally to 3.593 and 3.605 Å Al3Nb2 alloy. Then lattice misfit 

increases comparing its Al5Ti1 series alloys, the value of which climbs from 0.113 % to 0.323 

%, then drops a bit to 0.290 %, and finally rises back to 0.310 %. The further reducing Al/Ti 

ratio to 1/5 induces large variation in the lattice misfit value. The FCC constant doesn’t change 

too much comparing with the previous mentioned two series alloys, which fluctuates within 

the range of 3.590 ~ 3.594 Å, while the L12 constant is as high as 3.604 Å even for the Al1Nb0.5 

alloy. The increasing Nb content then leads to the further rising of constant to 3.607, 3.609, 

and 3.610 Å for the Al1Nb1, Al1Nb1.5, Al1Nb2 alloy, respectively. Concerning about the 

lattice misfit, the value grows from 0.363 % to 0.424 %, then to 0.428 %, and finally to 0.556 

%. In summary, the decreasing Al/Ti ratio and increasing Nb addition will both contribute to 

the enhancement of FCC/L12 lattice misfit. 
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Fig. 4.2.9. Lattice constant of FCC, L12 and their relative lattice misfit in the (a) Al5-, (b) Al3-, 

and (c) Al1-series alloys as a function of Nb addition in the 24-h aged condition. 
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Fig. 4.2-8. Deconvolution of the (311) diffraction peak for determining the lattice parameters 

of FCC and L12 phases in the (CoCrFeNi)94-yAlxTi6-xNby alloys in the 24-h aged condition: (a) 

Al5Nb0.5, (b) Al5Nb1, (c) Al5Nb1.5, (d) Al5Nb2, (e) Al3Nb0.5, (f) Al3Nb1, (g) Al3Nb1.5, 

(h) Al3Nb2, (i) Al1Nb0.5, (j) Al1Nb1, (k) Al1Nb1.5, and (l) Al1Nb2. 
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4.2.6 Mechanical property evaluation  

The room-temperature tensile tests were conducted for evaluating the influences of 

varying Al/Ti/Nb ratio on the mechanical properties of the designed alloys. The typical 

engineering stress-strain curves of the Al5Nb0.5, Al4Nb0.5, Al3Nb0.5, Al2Nb0.5, Al1Nb0.5, 

Al5Nb1, Al4Nb1, Al3Nb1, Al2Nb1, Al1Nb1, Al5Nb1.5, Al4Nb1.5, Al3Nb1.5, Al2Nb1.5, 

Al1Nb1.5, Al5Nb2, Al4Nb2, Al3Nb2, Al2Nb2, and Al1Nb2 alloys aged for 24 h at 800 °C are 

shown in Fig. 4.2-10, and the yield strength, ultimate tensile strength and elongation to failure 

are summarized in Table 4.2-1. The Al5Nb0.5 alloy shows a yield strength, ultimate tensile 

strength, and elongation to failure of 435 + 10 MPa, 841 + 9 MPa, and 38 + 3%, respectively. 

The decreasing Al/Ti ratio leads to the consecutive improvements of yield strength to 538 + 

14, 608 + 13, 660 + 12, and 724 + 19 MPa and ultimate tensile strength to 931 + 16, 1034 + 

11, 1108 + 12, and 1124 + 13 MPa, for the Al4Nb0.5, Al3Nb0.5, Al2Nb0.5, Al1Nb0.5 alloys, 

respectively, at the expense of elongation to failure, the value of which gradually drops to 37 

+ 4, 33 + 5, 27 + 2, and 15 + 3, respectively. For the 1Nb series alloys, the reduction of Al/Ti 

ratio from 5/1 to 1/5 leads to the increase of yield stress and ultimate tensile stress from 483 + 

13 and  845 + 17 MPa in the Al5Nb1 alloy, to 545 + 10 and 921 + 28 MPa, 622 + 18 and 1038 

+ 18, 733 + 13 and 1128 + 27, and 796 + 10 and 1157 + 16 MPa, for the Al4Nb1, Al3Nb1, 

Al2Nb1, Al1Nb1 alloys, respectively, while the elongation to failure reduces from 36 + 5 to 

35 + 4, 33 + 5, 21 + 2, 10 + 3, respectively. With further increasing Nb content to 1.5 at%, 

similar yield stress and ultimate tensile stress increment trends at the expense of ductility are 

observed with decreasing Al/Ti ratio (Table 4.3-1). It is noteworthy that the Al1Nb1.5 alloy is 

very brittle, the elongation to failure of which is reduced to as less as 2 + 1, while the sample 

fractured before reaching its ultimate tensile stress. Moreover, the addition of 2 at% Nb induces 

remarkable ductility reduction. Although the Al5Nb2, Al4Nb2, and Al3Nb2 alloys are with 

enhanced yield stress and ultimate tensile stress, which is 652 + 10 and 1089 + 16 MPa, 754 + 
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12 and 1228 + 18 MPa, and 824 + 13 and 1256 + 17 MPa, respectively, the elongation to failure 

values are relatively low, which is approximately 28 + 3, 25 + 6, and 13 + 2, respectively. The 

further decreasing Al/Ti ratio leads to even poorer elongation to failure of 6 + 3 and 0, 

respectively, for the Al2Nb2 and Al1Nb2 alloys. 

 

Fig. 4.2-10. Room-temperature tensile stress-strain curves of (a) the (CoCrFeNi)93.5AlxTi6-

xNb0.5, (b) (CoCrFeNi)93AlxTi6-xNb1, (c) (CoCrFeNi)92.5AlxTi6-xNb1.5, and (d) 

(CoCrFeNi)92AlxTi6-xNb2 alloys in the 24-h aged condition. 

The fracture surfaces and the fracture mode evolutions of the alloys with different 

Al/Ti/Nb ratio after aging for 24 h at 800 °C are presented in Fig. 4.2-11. An obvious transition 

from ductile fracture mode consisting of fine dimples to the inter-granular fracture mode made 

up of rock candy patterns is confirmed with the increment of brittle intermetallic fraction. With 
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minor fraction of intermetallic, as in the Al5Nb0.5, Al3Nb0.5, Al5Nb1, Al3Nb1, and Al5Nb1.5 

alloys (Fig. 4.2-11a, b, d, e, and g), the fracture mode is ductile, whereas the mode of the alloys 

with higher fraction of brittle intermetallic, i.e., Al1Nb0.5, Al1Nb1, Al3Nb1.5, Al1Nb1.5, 

Al5Nb2, Al3Nb2, and Al1Nb2 alloys (Fig. 4.2-11c, f, h, i, j, k, and l), is the brittle one. 

 

Fig. 4.2-11. Fracture surfaces of the (CoCrFeNi)94-yAlxTi6-xNby alloys in the 24-h aged 

condition: (a) Al5Nb0.5, (b) Al3Nb0.5, (c) Al1Nb0.5, (d) Al5Nb1, (e) Al3Nb1, (f) Al1Nb1, (g) 

Al5Nb1.5, (h) Al3Nb1.5, (i) Al1Nb1.5, (j) Al5Nb2, (k) Al3Nb2, and (l) Al1Nb2. 
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Table 4.2-1. The yield strength (YS), ultimate tensile strength (UTS), and elongation to failure 

(EL) for the HEAs in the 24-h aged conditions. 

 

Alloy YS (MPa) UTS (MPa) EL (%) 

Al5.0Ti1.0Nb0.5 435 + 10 841 + 9 38 + 3 

Al4.0Ti2.0Nb0.5 538 + 14 931 + 16 40 + 2 

Al3.0Ti3.0Nb0.5 608 + 13 1034 + 11 33 + 5 

Al2.0Ti4.0Nb0.5 660 + 12 1108 + 12 27 + 2 

Al1.0Ti5.0Nb0.5 724 + 19 1124 + 13 15 + 3 

Al5.0Ti1.0Nb1.0 483 + 13 845 + 17 32 + 2 

Al4.0Ti2.0Nb1.0 545 + 10 921 + 28 37 + 3 

Al3.0Ti3.0Nb1.0 622 + 18 1038 + 18 33 + 5 

Al2.0Ti4.0Nb1.0 733 + 13 1128 + 27 21 + 2 

Al1.0Ti5.0Nb1.0 796 + 10 1157 + 16  10 + 3 

Al5.0Ti1.0Nb1.5 539 + 12 977 + 18 35 + 6 

Al4.0Ti2.0Nb1.5 623 + 13 1097 + 17 31 + 2 

Al3.0Ti3.0Nb1.5 702 + 10 1236 + 16 26 + 3 

Al2.0Ti4.0Nb1.5 840 + 12 1302 + 18 16 + 6 

Al1.0Ti5.0Nb1.5 917 + 13 1102 + 12 2 + 1 

Al5.0Ti1.0Nb2.0 652 + 10 1089 + 16 28 + 3 

Al4.0Ti2.0Nb2.0 754 + 12 1228 + 18 25 + 6 

Al3.0Ti3.0Nb2.0 824 + 13 1256 + 17 13 + 2 

Al2.0Ti4.0Nb2.0 925 + 10 1216 + 27 6 + 3 

Al1.0Ti5.0Nb2.0 725 + 20 725 + 20 0 
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4.3 Discussion 

4.3.1 Phase stability competition 

The doping of Al/Ti/Nb element is aimed at strengthening the soft FCC-FeCoNiCr matrix 

alloy through introducing the strong and coherent L12 phase originally, whereas the varying 

Al/Ti/Nb content and ratio in our alloy systems lead to the occurrence of different types of 

intermetallic precipitations: L21 and L12 (Al), η-Ni3Ti and L12 (Ti), and Laves and L12 (Nb), 

as shown in Fig. 4.3-1a and b. From thermodynamic point of view, the competition between 

the nucleation of L12 and other intermetallic induced by different type of L12 forming element 

is originated from the reduction of the total chemical supersaturation of the FCC matrix [77-

80]. To systematically investigate the phase stability of different precipitations in the alloys, 

the factors influencing the phase stability, including γ, the interfacial energy between the 

precipitate and FCC matrix, ∆GV, the chemical driving force for nucleation of a particular phase 

calculated from Thermo-Calc software [81, 82], and ∆Gε, the elastic strain energy between the 

FCC matrix and precipitate are evaluated together to validate the phase formation favorability 

from traditional thermodynamics. 

The normalized chemical driving forces (CDFs) for precipitation of L21 (B2), L12, η, and 

Laves phase within the alloys systems obtained from the Thermo-Calc software are shown in 

Fig. 4.3-1. It is noteworthy that B2 phase is obtained in the thermodynamic calculation instead 

of the L21 phase confirmed by XRD and EBSD figures due to the limitation of our Thermo-

Calc database, and the approximate treatment of L21 as B2 in calculation has been validated in 

a similar system [83], since the Heusler L21 phase can be visualized as a group of 8 unit cells 

of B2 with Al and Ti occupying alternating body center positions. With Nb content less than 

1.5 at% (Fig. 4.4-1c-e), the decreasing Al/Ti ratio from 5/1 to 1/5 gradually induces the obvious 

decreasing CDF for L21 phase and increasing one for the η phase, whereas the value for L12 

and Laves phase remains high enough for facilitating nucleation and low enough for avoiding 
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nucleation, respectively. It is observed that high Al/Ti ratio leads to the high L21 CDF (>0.6), 

and thus lowering nucleation critical energy, which results in the precipitation of L21, 

accompanied by the favorable L12 phase. On the other hand, the lowering Al/Ti ratio favors 

the rising CDF for η and reducing one for L21. When the value for η is higher than 0.6 and the 

one for L21 is lower than 0.6, the nucleation of η and disappearance of L21 are confirmed, which 

are also stemmed from the reducing nucleation critical energy and rising one for η and L21, 

respectively. Furthermore, the precipitation of η can also be related to the classical valence 

electron concentration (VEC) theory of intermetallic, as the increasing overall VEC resulted 

from the decreasing Al (3) /Ti (4) ratio would induced the cubic (L12) to hexagonal crystal 

structure transition (η) in Ni3X type intermetallic [84].  Meanwhile, with the further addition 

of Nb to 2 at% (Fig. 4.4-1f), the CDF for precipitation of Laves phase is reached, and Laves 

appears in all alloys with 2 at% Nb addition, while the similar trends of suppressing L21 

precipitation and stimulating η formation remain with decreasing Al/Ti ratio. As a typical 

topologically close pack (TCP) phase, the precipitation of Laves is correlated with the electron 

vacancy number (EVN) Nv of the alloys [85]. As a parameter reflecting the level of electro-

negativities of alloying elements borrowed from traditional Ni-based superalloy, it is 

universally adopted for predicting the precipitation of TCP laves phase [86]. The Nv of Nb (5.66) 

is relatively higher in comparison with the FeCoNiCr matrix, since the Nv for Fe, Co, Ni and 

Cr are 2.66, 1.71, 0.66, and 4.66, respectively. Thus, the increasing Nb content leads to the 

rising Nv of the alloy system, which finally leads to the precipitation of Laves phase at 2.0 at% 

Nb addition.  

   The above analysis focusing on the chemical driving force for the phase stability 

competition between different intermetallic phases, which indeed is the dominating factor 

influencing the precipitation behaviors, whereas the lattice misfit and interface energy between 
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Fig. 4.3-1. Phase constituents maps as a function of the Al/Ti/Nb ratio (a and b), and the 

normalized chemical driving force for B2, L12, Eta, and Laves phase appearance obtained from 

Thermo-Calc in the (c) the (CoCrFeNi)93.5AlxTi6-xNb0.5, (d) (CoCrFeNi)93AlxTi6-xNb1, (e) 

(CoCrFeNi)92.5AlxTi6-xNb1.5, and (f) (CoCrFeNi)92AlxTi6-xNb2 alloys. 

different intermetallic and matrix also influence the precipitation behaviors and phase stability 

[87]. It is noteworthy that all the intermetallic phases are with positive CDF despite their 

relative variation with varying Al/Ti/Nb ratio, indicating that their precipitation are 

thermodynamically favorable, thus the inhibition of L21, η, and Laves phases with relatively 

low CDF at a particular Al/Ti/Nb ratio should be correlated with the nucleation barriers 
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stemming from the large lattice misfit or interface energy. Indeed, the lattice misfit between 

FCC/L21, FCC/η, and FCC/Laves are 19.9, 34.4, and 29.2%, respectively [78-83], while the 

interface energy are 180 ~ 660 mJ/m2, 600 ~ 850 mJ/m2, and 500 ~ 800 mJ/m2, respectively 

[82-84], which are considerably larger in comparison with coherent L12 precipitation, the 

values of which are 0.1 ~ 0.6%, and 4 ~ 40 mJ/m2 [88-90], respectively. Hence, the large lattice 

misfit and interface energy between FCC/L21, FCC/η, and FCC/Laves at relatively small CDF 

further increase their critical energy for nucleation, i.e., hindering their appearance in the 

designed alloy systems. In summary, the combination of CDF, precipitate/matrix lattice misfit, 

and interface energy together determines whether the precipitation of incoherent L21, η, and 

Laves phase occur or not, while the appearance of coherent L12 with high CDF, small lattice 

misfit and interface energy is preferred in all conditions involved in the designed alloy systems. 

4.3.2 Element partitioning and L12 morphology evolution 

        Since both the size and morphology of coherent L12 precipitations are dependent upon the 

Al/Ti/Nb addition, it is thus of great significance to investigate how the varying Al/Ti/Nb ratio 

influences the FCC and L12 precipitation behaviors in the designed HEAs systems. 

Traditionally, it is universally acknowledged that the equilibrium shape of the coherent 

precipitate is controlled by the system energy minimization. The Thompson equation [79] 

mentioned a well-defined parameter L for describing the equilibrium morphology of coherent 

precipitation:  

2
44C r

L



                                                              (1) 

Where ε is the lattice mismatch between FCC/L12, C44 is an elastic constant of the FCC matrix, 

which is ~ 124 GPa after borrowing from Ni-based superalloys [62], r is the precipitate radius, 

and σ is the interface energy between FCC/L12, which is ~ 0.091 J/m2. When L equals to nearly 
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zero, the spherical shape is maintained for the coherent particle, whereas the four-fold 

symmetry is preferred with the increasing L. It is noteworthy that 5.6 is another critical value, 

which leads to the further transition to two-fold symmetry shape. 

        Since the undetermined ε exerts a great influence on the size and morphology of coherent 

L12 precipitations, it is thus necessary to investigate how the Al/Ti/Nb partitioning behavior 

affects the FCC/L12 lattice misfits. For facilitating the understanding of the partitioning of a 

particular element (i), a partitioning coefficient (Ki) is introduced: 

21L FCC
i i iK C C                                                            (2) 

Where 21L
iC and FCC

iC  represent the composition of element i in the L12 and FCC phases, 

respectively, while the calculated Ki in natural logarithm function is shown in the Fig. 4.3-2a, 

in which the obviously preferable partitioning of Co, Cr and Fe to the FCC matrix, and Ni, Al, 

Ti, and Nb to the L12 precipitation is confirmed. As the FCC matrix lattice constants remain 

relatively constant, it is necessary to further investigate the Al/Ti/Nb partitioning behavior on 

the lattice constants of L12 phase. Fig. 4.3-2b reveals the atomic ratio of Al/Ti/Nb element in 

L12 phase in the Al5Nb0.5, Al5Nb2, Al1Nb0.5, and Al1Nb2 alloys. It is quite clear that the 

increasing Ti and Nb addition significantly increase the Ti and Nb content in the L12 phase, 

accompanied by the reduction of Al, leading to the remarkable enhancement of L12 lattice 

constant and FCC/L12 lattice misfits. This is because the atomic radius of Nb and Ti (1.47 Å) 

are relatively larger than that of Al (1.43 Å) and matrix FeCoNiCr (1.24 ~ 1.28 Å), thus the 

substitution of Nb and Ti in the L12 would then induce the rising lattice constants and lattice 

misfits. 
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Fig. 4.3-2. (a) Partitioning coefficient (Ki) of various elements in the Al5Nb0.5, Al5Nb2, 

Al1Nb0.5, and Al1Nb2 alloys, (b, c and d) the atomic ratio of Al/Ti/Nb element in L12 phase, 

the particle diameter, and L parameter as a function FCC/L12 lattice misfit. 

        The climbing lattice misfits are observed for the alloys with increasing Nb and Ti addition 

since Nb and Ti prefer to partition to the L12 phases. The lattice misfits then further affect the 

size and equilibrium shape of the coherent precipitate as described by the L parameter. The 

particle size, morphology and L parameter as a function of the lattice misfits for all alloys 

investigated are shown in Fig. 4.3-2c and d. It is in accordance with the shape defined by the L 

theory. The increasing lattice misfit by Nb and Ti substitution leads to the rising L parameter 

and a transition from sphere to semi-cuboidal shape with four-fold symmetry (L < 5.6), 

accompanied by the increasing particle size. In summary, the increasing Nb and Ti addition 
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induces the rising L12 lattice constant through substituting elements with other elements with 

small atomic radius (Al, in particular), which leads to the rising FCC/L12 lattice misfit and the 

equilibrium shape transition from sphere to semi-cuboidal, accompanied by the expanding 

precipitate size. 

4.3.3 Strengthening mechanisms for the L12-dominated HEAs 

Since the brittle intermetallic η and Laves phases induce significant ductility loss (Fig. 

4.2-11), and some alloys with extremely high density and volume fraction of brittle 

intermetallic even fractured before plastic deformation, making strengthening modelling in 

those multiphases-strengthened HEAs impossible. Hence, we mainly focusing on the alloys 

dispersed mostly with L12 type precipitations. The Al5Nb0.5, Al5Nb1, Al5Nb1.5, and Al3Nb1 

alloys are thus selected for the multi-mechanisms strengthening modelling  contributing to the 

tensile yield stress (σy): lattice-friction stress (σo), grain boundary strengthening (σgb), solid-

solution strengthening (σss), and precipitation strengthening (σp), as shown in equation (3):  

 gb ss py o                                                        (3) 

The lattice friction stress (σo) is estimated to be 120 MPa borrowed from similar 

FeCoNiCr-based FCC-type alloys [66, 67, 69]. Meanwhile, the averaging grain size for 

Al5Nb0.5, Al5Nb1, Al5Nb1.5, and Al3Nb1 alloys are ~ 40, 50, 50, and 50 um, respectively, 

thus, based on the Hall-Petch relationship [68], i.e., 0.5( )gk d  , where kg is the Hall-Petch 

coefficient and d is the average grain size, the σgb of the above alloys are ~ 39, 35, 35, and 35 

MPa, after borrowing kg ~ 250 MPa∙μm0.5 from a similar FeCoNiCr multicomponent alloy [66]. 

Besides, as the Al, Ti, and Nb solute additions are mostly partitioned to the L12, η, and Laves 

phases, their solid solution strengthening effect to the FeCoNiCr matrix are limited, and thus 

omitted in our research. 
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Considering about the L12 precipitation-strengthening, whether the precipitates are 

sheared (small and week) or bypassed (large and strong) by the particles (Orowan bypass) are 

unclear in our cases [65], thus the contribution from both modes are calculated for verification 

and validation of the actual operating mechanism. When the precipitates are strong and large, 

the increment in yield strength through the Orowan mechanism is calculated by [65]: 

0.4 ln(2 / )

1p

orowan

MGb r b

L 
 


                                                                (4) 

where M = 3 is the Taylor factor, G = 78.5 GPa is the shear modulus of the FCC matrix [74], 

b = 0.255 nm is the value of the FCC Burgers vector [74],  = 0.31 is the Poisson ratio [74], 

2 / 3r r   is the particle radius of L12 on the slip planes, r is the mean L12 radius (Table 

4.4-1), and 2 ( / (4 ) 1)pL r f   is the averaging L12 spacing. Meanwhile, When the 

precipitations are small and weak, the shearing mechanism dominates instead, and 

strengthening is thus originated mainly from three aspects, i.e., matrix-precipitate coherency 

(Δcoherency), modulus mismatch (Δmodulus), and precipitate ordering (Δorder) [76-78], the 

specific calculations of which are as follows [75,79]:   
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where ƒ is the L12 volume fraction (Table 3), ε ≈ 2/3·(Δα/α) is the lattice parameter mismatch, 

where Δα is the lattice constant difference between the L12 (3.592, 3.599, 3.602, and 3.602 Å) 

and the FCC matrix (3.589, 3.592, 3.595, and 3.591 Å for Al5Nb0.5, Al5Nb1, Al5Nb1.5, and 

Al3Nb1, respectively), ΔG = 8.5 GPa is the shear modulus difference between the L12 phase 

(87.0 GPa) and FCC (78.5 GPa) [45,81], m = 0.85 is a constant [75], and γAPB = 0.20 J/m2 is 
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the anti-phase boundary energy of the L12 [72]. Applying the particle radius and volume 

fraction data obtained experimentally (Table 4.3-1), the strengthening contribution value from 

each individual mechanism were calculated and summarized in Table 4.3-1. Since the Orowan 

bypassing strengthening contributions are even larger than the total yield stress of all selected 

alloys, the operating mechanism should be the particle shearing. Considering about the particle 

shearing contribution, it is documented that the Δcoherency + Δmodulus contributes before 

shearing, while Δorder dominates during shearing, and the larger one contributes the yield 

strength increment [82]. In our case, Δorder is much more larger (Table 4.3-1) for all alloys 

involved, thus it should be the operating one. The Δorder value for Al5Nb0.5, Al5Nb1, 

Al5Nb1.5, and Al3Nb1 alloys are 300, 343, 391, and 453 MPa, respectively. After combining 

all strengthening contribution factors, the modelling yield stress for the above alloys are 459, 

498, 546, and 608 MPa, respectively. The results match pretty well with the experimental 

values, i.e., 435, 483, 539, and 622 MPa, respectively, indicating our modelling is reasonable 

(Fig. 4.3-3). 

 

Fig. 4.3-3. Comparison between the strengthening contribution modellings and experimental 

yield stress values of L12-dominated HEAs. 
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Table 4.3-1. Particle radii (r), volume fractions (ƒ), precipitate-strengthening modelling 

contributions, and actual yield stress of the L12-dominated Al5Nb0.5, Al5Nb1, Al5Nb1.5, and 

Al3Nb1 alloys in the 24-h aged conditions. 

 

4.4 Summary    

On the basis of the systematic investigation of the Al/Ti/Nb ratio effects on the multi-

species intermetallic precipitate competition, coherent L12 size and morphology evolution, and 

mechanical properties of the (CoCrFeNi)94-x-y-zAlxTiyNbz HEAs, the following conclusions are 

drawn: 

The FCC-L12-L21 constituents dominate at high Al/Ti ratio and low Nb addition 

(Al5Nb0.5, Al4Nb0.5, Al3Nb0.5, Al5Nb1, Al4Nb1, Al5Nb1.5, and Al4Nb1.5). The 

decreasing Al/Ti ratio leads to the transition to the FCC-L12-Eta structure (Al2Nb0.5, 

Al1Nb0.5, Al2Nb1, Al1Nb1, Al3Nb1.5, Al2Nb1.5, and Al1Nb1.5). With the further increasing 

Nb to 2 at%, the FCC-L12-Laves configurations appear in the Al5Nb2 and Al4Nb2 alloys, 

while the FCC-L12-Laves-Eta structure is obtained at low Al/Ti ratio (Al3Nb2, Al2Nb2, and 

Al1Nb2). It is noteworthy that the Al3Nb1 alloy is with FCC-L12 structure only. 

The combination of CDF, precipitate/matrix lattice misfit, and interface energy together 

determines whether the precipitation of incoherent L21, η, and Laves phase occurs or not, while 

the appearance of coherent L12 with high CDF, small lattice misfit and interface energy is 

preferred in all conditions involved in the designed alloy systems. 

Alloy 
r 

(nm) 
ƒ 

(%) 
Δcoherency 

(MPa) 
Δmodulus 

(MPa) 
Δorder 

(MPa) 
Δorowan 

(MPa) 
Δy 

(MPa) 

Al5Nb0.5 10.3 + 6.6 9.1 + 0.8 47 53 300 992 435 

Al5Nb1 13.0 + 4.4 12.2 + 0.7 61 67 343 1021 483 

Al5Nb1.5 14.9 + 5.8 14.6 + 0.5 71 76 391 1101 539 

Al3Nb1 22.2 + 3.9 20.5 + 1.6 101 99 453 1289 622 
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The increasing Nb and Ti addition induces the rising L12 lattice constant through 

substituting other elements with small atomic radius (Al, in particular), which leads to the 

increasing FCC/L12 lattice misfit and the equilibrium shape transition from sphere to semi-

cuboidal, accompanied by the expanding precipitate size. 

The Al5Nb0.5, Al5Nb1, Al5Nb1.5, and Al3Nb1 alloys, dispersed mostly with the 

coherent L12 precipitation, are perfect candidates for strengthening modelling. The modelling 

of precipitation strengthening indicates that the particle shearing mechanism is operative in the 

studied alloys, while the order strengthening, lattice friction, and grain boundary strengthening 

together contribute to the observed yield stress. 
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Chapter 5: Control of discontinuous and continuous precipitation 

of L12-strengthened high-entropy alloys through nanoscale Nb 

segregation and partitioning1 

5.1 Introduction 

Fundamentally, the precipitation of L12-ordered γʹ-Ni3(Al,Ti) in FCC HEAs takes place 

through two distinct competitive modes, namely continuous and discontinuous precipitation. 

Continuous precipitation (CP) generally involves the formation of fine γʹ nanoparticles within 

grain interiors, whereas discontinuous precipitation (DP) occurs at grain boundaries and 

proceeds inwards by the cellular growth of alternating layers of γʹ precipitates and γ matrix 

(with greatly reduced supersaturation) behind a moving grain boundary [91]. The DP behavior 

is significant in γʹ-strengthened HEAs; for example, Zhao et al. reported that the volume 

fraction of DP colonies can be as high as 50% upon aging in the CoCrNi-based alloys [92]. 

Similar behavior was observed in a CoCrFeNi-based alloy [92]. He et al. reported that γʹ 

precipitates in both DP and CP regions have the same crystal structure (i.e., ordered L12), and 

DP colonies cannot be suppressed by adjusting Al and Ti concentrations or changing annealing 

treatments [93]. Because DP colonies are coarse in size and non-uniform in distribution, they 

have significant implications for the mechanical properties of HEAs [94]. CP nanoparticles are 

primarily responsible for precipitation hardening, whereas the coarse and wide-spaced DP 

colonies provide a limited hardening capability. Moreover, because DP colonies are generally 

limited to the vicinity of grain boundaries, they provide potential sites for localized deformation 

and thus reduce workability. For example, Chang et al. revealed that coarse DP colonies can 

 
Full of the work in this chapter has been published on “L. Fan, T. Yang, J.H. Luan, Z.B. Jiao, Control of discontinuous and 
continuous precipitation of γʹ-strengthened high-entropy alloys through nanoscale Nb segregation and partitioning, Journal of 
Alloys and Compounds 832, 154903, 2020.” 
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crack grain boundaries of CoCrFeNi-based HEAs at high temperatures, thus dramatically 

reducing hot ductility [95]. Therefore, the minimization or even complete suppression of the 

DP reaction is crucial for achieving the improved mechanical properties of γʹ-strengthened 

HEAs. Micro-alloying has been recognized as a key method for inhibiting the DP reaction 

either by altering precipitation thermodynamics or changing precipitation kinetics in numerous 

conventional alloys with one or two principal constitutes [96]. However, in HEAs comprising 

multi-principal elements, there is a lack of systematic research into the effects of micro-

alloying on the DP behavior, and a fundamental understanding of mechanisms for suppressing 

the DP reaction has not yet evolved in γʹ-strengthened HEAs. 

In this study, we show that minor additions of Nb to γʹ-strengthened HEAs cannot only 

suppress the DP reaction but also promote the CP formation through grain boundary 

segregation and nanoscale solute partitioning. Grain boundary characteristics and precipitate 

microstructures, including precipitate size, number density, morphology, and composition, of 

the γʹ-strengthened (CoCrFeNi)94-xAl3Ti3Nbx (at.%) HEAs with different Nb contents were 

thoroughly examined by electron microscopies and atom probe tomography (APT). Particular 

effort was made to understand the fundamental mechanism for suppressing the DP reaction and 

to elucidate the correlation between the precipitate microstructure and mechanical properties 

of the γʹ-strengthened HEAs. 

5.2 Results 

5.2.1 Microstructural characterization 

Representative SEM micrographs of 0Nb, 0.4Nb, 0.8Nb, 1.6Nb, and 2.3Nb alloys aged 

for 8 h at 800 °C are presented in Fig. 5.2-1. The 0Nb alloy (Fig. 5.2-1a) exhibits a 

heterogeneous precipitate microstructure containing both CP and DP regions. The CP region 

consists of spherical γʹ nanoparticles uniformly dispersed in the grain interior, whereas the DP 
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region contains rod-shaped coarse γʹ colonies near grain boundaries (Fig. 5.2-1b). The volume 

fraction of the DP region is approximately 30 ± 6%, which is consistent with the previous 

reports in the CoCrFeNi-based HEAs [97,98]. With the 0.4% Nb addition, the CP and DP 

regions still coexist, but the volume fraction of the DP region is decreased to less than 10% 

(Fig. 5.2-1c). For the alloy with 0.8% Nb, the DP formation is almost completely suppressed, 

resulting in a uniform microstructure with continuous γʹ nanoparticles throughout the matrix 

(Fig. 5.2-1d). However, with the further increase of Nb addition to 1.6 and 2.3 at.%, additional 

micron-sized block-shaped phases appear mostly at the grain boundaries (Figs. 5.2-1e and f). 

The EDS analysis reveals that these block-shaped phases are enriched with Nb and 

considerable amounts of Fe, Co, Cr and Ni (Fig. 5.2-2a), and the measured atomic ratio of (Fe 

+ Co + Cr + Ni):(Nb + Ti) is approximately 2:1. 

The phase structures of the 0Nb, 0.4Nb, 0.8Nb, 1.6Nb, and 2.3Nb alloys aged for 8 h at 

800 °C were examined by XRD, and Fig. 5.2-2b shows the corresponding patterns. The 0Nb, 

0.4Nb, and 0.8Nb alloys exhibit similar patterns, with γ and γʹ peaks, validating that precipitates 

in the CP and DP regions have the same crystal structure. In the 1.6Nb alloy, although the 

peaks are prevalently indexed to the γ and γʹ phases, a new diffraction peak at a 2θ of 41° 

corresponding to the Laves phase is also detected. Moreover, the Laves phase peak becomes 

prominent in the 2.3Nb alloy. The XRD patterns together with the EDS spectrum indicate the 

presence of Fe2Nb-type block-shaped phases at grain boundaries. From these results, it can be 

concluded that 0.8 at.% Nb addition is effective for suppressing the DP reaction without 

introducing the brittle Laves phase. Therefore, we investigate this alloy in detail in the 

following sections. 
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Fig. 5.2-1. Microstructures of the (CoCrFeNi)94-xAl3Ti3Nbx alloys in the 8-h aged condition: 

(a and b) 0Nb, (c) 0.4Nb, (d) 0.8Nb, (e) 1.6Nb, and (f) 2.3Nb. (b) is an enlarged view of the 

DP and CP regions in the 0Nb alloy. 
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Fig. 5.2-2. (a) EDS spectrum of the block-shaped phase in the 2.3Nb alloy, and (b) XRD 

patterns of the (CoCrFeNi)94-xAl3Ti3Nbx alloys in the 8-h aged condition. 

 

5.2.2 APT characterization of grain boundary segregation 

Because the discontinuous γʹ precipitates nucleate at grain boundaries, it is necessary to 

understand how Nb addition affects the grain boundary characteristics of the HEAs. The grain 

boundary chemistry of the 0.8Nb alloy in the as-recrystallized state was examined by APT, for 

which the required specimens were cut out and milled at a location containing grain boundaries 

using a site-specific FIB lift-out technique. The atom maps of Co, Cr, Fe, Ni, Al, Ti, and Nb 

from an APT dataset containing a grain boundary are shown in Fig. 5.2-3a. Clear segregation 

of Nb to the grain boundary is evident, and the planar feature of the segregation is clearly 

delineated in the iso-concentration surfaces of 2 at.% Nb. A quantitative compositional analysis 

of the grain boundary chemistry was conducted using one-dimensional concentration profiles. 

Figure 5.2-3b shows a representative profile of Nb, perpendicular across the grain boundary. 

The Nb content in grain interior regions is 0.8 ± 0.3 at.%, whereas the content at the grain 

boundary exhibits a maxima estimated to be 7.4 ± 0.8 at.%. To quantify the enrichments, the 
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interfacial excess of Nb, which represents the number of excess Nb atoms at the grain boundary 

normalized to its area, is calculated to be approximately 3.5 atom/nm2.  

  
Fig. 5.2-3. (a) SEM microstructure and atom maps of dataset containing grain boundaries of 

the as-recrystallized 0.8Nb alloy, and (b) 1D concentration profile of Nb across the grain 

boundary. 

5.2.3 Discontinuous precipitate evolution 

Upon aging, coarse DP colonies are formed in the 0Nb alloy. To understand the DP 

mechanism, we investigate the temporal evolution of DP colonies by APT, and the required 

specimens were cut out from the DP region by using the site-specific FIB lift-out technique. 

As an example, the APT microstructure of the DP region in the 2-h aged condition are shown 

in Fig. 5.2-4a, in which the relative positions and extents of Co (purple), Cr (pink), Fe (orange), 

Ni (green), Al (cyan), and Ti (blue) atoms are indicated. Because of the coarse size of 

discontinuous γʹ precipitates, a part of a precipitate together with a part of the matrix can be 

observed in the volume of analysis. The partitioning of Ni, Ti, and Al to the precipitate and Co, 

Cr, and Fe to the matrix is clearly evident. Moreover, concentration isosurfaces with 12% (Al 

+ Ti) were used to visualize the interface between the precipitate and matrix, and the 

corresponding proximity histogram based on concentration isosurfaces is displayed in Fig. 5.2-

4b. Data points within the flat region of the profiles at the right side of the interface delineate 
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the precipitate composition. The atomic ratio of Ni/Al in the precipitate is non-stoichiometric, 

and the average composition of the precipitate is 56.0Ni–7.0Al–18.9Ti–14.3Co–3.1Fe–0.8Cr 

at.%, thus yielding a (Ni + Co + Fe + Cr):(Al + Ti) ratio of approximately 3:1. Moreover, the 

precipitate microstructure in the DP region for 7.5-min and 8-h aged conditions were also 

examined by APT. The precipitate composition evolution as a function of aging time is 

summarized in Fig. 5.2-4c. The DP colonies exhibit no significant changes in composition with 

aging time, indicating the near-equilibrium nature of the DP colonies. 

 

Fig. 5.2-4. (a) Atom maps of Co, Cr, Fe, Ni, Al, and Ti of the DP region of the 0Nb alloy in 

the 2-h aged condition, (b) proximity histograms of the DP region in the 2-h aged condition, 

and (c) evolution of precipitate composition of the DP region as a function of aging time. 
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5.2.4 Continuous precipitate evolution 

We now characterize the temporal evolution of continuous γʹ nanoparticles in the CP 

region, the primary strengthening phases in the γʹ-strengthened HEAs. The isosurfaces with a 

concentration of 12% (Al + Ti) were used to visualize CP nanoparticles. Figure 5.2-5 shows 

the CP microstructure of the 0Nb and 0.8Nb alloys in the 7.5-min, 2-h and 8-h aged conditions. 

High number densities of nanoparticles were detected in all the studied conditions, and the 

nanoparticles exhibit coarsening in both alloys with aging time while maintaining spherical 

morphology.  

 

Fig. 5.2-5. CP nanoparticles of the 0Nb and 0.8Nb alloys in different aging conditions: (a) 0Nb, 

7.5 min, (b) 0Nb, 2 h, (c) 0Nb, 8 h, (d) 0.8Nb, 7.5 min, (e) 0.8Nb, 2 h, and (f) 0.8Nb, 8 h. 
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Fig. 5.2-6. Proximity histograms of CP nanoparticles of the 0Nb and 0.8Nb alloys in different 

aging conditions: (a) 0Nb, 7.5 min, (b) 0.8Nb, 7.5 min, (c) 0Nb, 2 h, (d) 0.8Nb 2 h, (e) 0Nb, 8 

h, and (f) 0.8Nb, 8 h. 
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The proximity histograms of CP nanoparticles of 0Nb and 0.8Nb alloys are displayed in 

Fig. 5.2-6 as a function of aging time. In both alloys, the preferred partitioning of Co, Cr, and 

Fe to the matrix and Ni, Al, and Ti to the CP nanoparticles is evident. What is more interesting, 

and potentially relevant to an understanding of the formation mechanism of CP nanoparticles 

in FCC HEAs, is that Nb preferentially partitions towards CP nanoparticles; the concentration 

is approximately 2 at.% in the aged conditions. Moreover, the atomic ratio of (Ni + Co + Fe + 

Cr):(Ti + Al + Nb) in the 0.8Nb alloy is approximately 3:1, which is consistent with the 

formation of the  (Ni,Co,Fe,Cr)3(Ti,Al,Nb) phase [99]. 

TEM was employed to further examine the morphology and crystal structure of CP 

nanoparticles in the 0.8Nb alloy. A representative SAED pattern and a dark-field TEM (DF-

TEM) image of the CP region in the 2-h aged condition are shown in Figure. The SAED pattern 

clearly reveals the presence of (100) superlattice reflection in the [011] zone axis, which 

corresponds to a L12-ordered phase. The DF-TEM image of the CP region with the (100) 

superlattice spot exhibits the precipitation of high number densities of spherical nanoparticles 

with an average size of approximately 9 ± 3 nm, which is consistent with APT results. TEM 

observations together with the APT analysis demonstrate that the partitioning of Nb alters the 

composition but does not change the crystal structure of CP nanoparticles.  

The average radius and number density of CP nanoparticles of the 0Nb and 0.8Nb alloys 

in the 7.5-min aged condition are shown in Fig. 5.2-7a. The average particle radii of the 0Nb 

and 0.8Nb alloys are 2.8 ± 0.8 and 3.0 ± 0.9 nm, respectively, whereas the number density of 

the 0.8Nb alloy (7.9 ± 0.9 × 1023 nm−3) is considerably larger than that of the 0Nb alloy (6.1 ± 

1.0 × 1023 nm−3), indicating that Nb addition promotes the precipitation of CP nanoparticles. 

In the 2-h and 8-h aged conditions, CP nanoparticles are too coarse for quantitative analysis of 

sizes and number densities. However, their compositions can be quantitatively determined, and 

based on these compositions, the volume fraction of the CP nanoparticles in different aging 
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conditions can be estimated using the lever rule [94], as presented in Fig. 5.2-7b. The volume 

fraction of CP nanoparticles in the 0Nb alloy increases from 9.1 ± 0.9 at.% in the 7.5-min aged 

condition to 9.9 ± 0.7 at.% in the 2-h aged condition and to 10.2 ± 0.9 at.% in the 8-h aged 

condition, whereas that in the 0.8Nb alloy gradually increases from 11.5 ± 0.8 at.% in the 7.5-

min aged condition to 12.0 ± 0.7 at.% in the 2-h aged condition and to 13.0 ± 0.5 at.% in the 

8-h aged condition. Therefore, the Nb addition increases the volume fraction of CP 

nanoparticles in all the studied conditions, further confirming that Nb promotes γʹ precipitation 

in the CP region of the γʹ-strengthened HEAs.  

 
 

Fig. 5.2-7. (a) Particle radii and number densities of CP nanoparticles in the 0Nb and 0.8Nb 

alloys in the 7.5-min aged condition, and (b) volume fractions of CP nanoparticles in the 0Nb 

and 0.8Nb alloys as a function of aging time. 

5.2.5. Mechanical properties 

Room-temperature tensile tests were performed to assess the effects of Nb additions on 

the mechanical properties of γʹ-strengthened HEAs. The representative engineering stress–

strain curves of the 0Nb, 0.4Nb, 0.8Nb, 1.6Nb, and 2.3Nb alloys aged for 8 h at 800 °C are 

shown in Fig. 5.2-8a, and the yield strength, ultimate tensile strength, elongation to failure, and 

reduction in area are summarized in Table 5.2-1. The 0Nb alloy exhibits a yield strength, 

ultimate tensile strength, elongation to failure, and reduction in area of approximately 636 ± 10 
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MPa, 1073 ± 9 MPa, 36 ± 3%, and 72 ± 10%, respectively. The addition of 0.4 at.% Nb slightly 

increases yield strength and ultimate tensile strength. By contrast, the 0.8 at.% Nb addition 

clearly increases yield strength and ultimate tensile strength (~770 ± 13 and ~1129 ± 17 MPa, 

respectively), while maintaining a high ductility, with an elongation to failure of ~32 ± 2% and 

a reduction in area of 79 ± 6%. However, a further increase in Nb content significantly 

decreases ductility and reduces elongation to failure to approximately 22 ± 6% and 19 ± 2% 

for the 1.6Nb and 2.3Nb alloys, respectively, even though a higher strength is achieved. 

Therefore, 0.8 at.% Nb addition is beneficial in increasing strength without decreasing ductility. 

To further evaluate the evolution of the hardening of the 0.8Nb alloy with respect to aging time, 

the as-recrystallized and aged samples with different aging times were evaluated (Fig. 5.2-8b 

and Table 5.2-1). Upon aging, the yield strength increases from 406 ± 13 MPa in the as-

recrystallized condition to 729 ± 12 MPa in the 7.5-min aged condition and to 789 ± 9 MPa in 

the 2-h aged condition. With the further increase in the aging time, the strength gradually 

decreases to 770 ± 13 in the 8-h aged condition and further to 652 ± 10 MPa in the 32-h aged 

condition, indicating an overaging effect.  

 

Fig. 5.2-8. Room-temperature tensile stress–strain curves of (a) the (CoCrFeNi)94-xAl3Ti3Nbx 

alloys in the 8-h aged condition and (b) 0.8Nb alloy in different aging conditions. 
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Table 5.2-1. The yield strength (YS), ultimate tensile strength (UTS), elongation to failure (EL), 

and reduction in area (RA) for the HEAs in the as-recrystallized (AR), 7.5-min, 2-h, and 8-h 

aged conditions. 

 

The fracture surfaces of the γʹ-strengthened HEAs with different Nb additions after aging 

for 8 h at 800 °C are presented in Fig. 5.2-9. In the 0Nb alloy, the fracture surface reveals plenty 

of fine dimples, a characteristic mode of a ductile fracture (Fig. 5.2-9a). The addition of 0.4 

and 0.8 at.% Nb does not induce apparent changes in the fracture mode, and the fracture surface 

still consists of numerous fine dimples (Figs. 5.2-9b and c). However, when the Nb content 

increases to 1.6 and 2.3 at.%, the fracture mode changes to a mixed fracture mode (Figs. 5.2-

9d and e), with cleavage facets in areas surrounded by dimpled rupture or intergranular fracture 

features (Fig. 5.2-9f). 

Alloy YS (MPa) UTS (MPa) EL (%) RA (%) 

0Nb, 8 h  636 + 10 1073 + 9 36 + 3 72 + 9 

0.4Nb, 8 h  657 + 14 1113 + 16 35 + 4 80 + 7 

0.8Nb, AR 406 + 13 844 + 11 54 + 5 90 + 3 

0.8Nb, 7.5 min  729 + 12 1079 + 12 39 + 2 87 + 4 

0.8Nb, 2 h   789 + 9 1148 + 13 33 + 4 75 + 5 

0.8Nb, 8 h  770 + 13 1129 + 17 32 + 2 79 + 6 

0.8Nb, 32 h 652 + 10 1106 + 16 31 + 3 74 + 3 

1.6Nb, 8 h  848 + 12 1253 + 18 22 + 6 49 + 6 

2.3Nb, 8 h  948 + 19 1336 + 10 19 + 2 52 + 3 
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Fig. 5.2-9. Fracture surfaces of the (CoCrFeNi)94-xAl3Ti3Nbx alloys in the 8-h aged condition: 

(a) 0Nb, (b) 0.4Nb, (c) 0.8Nb, (d) 1.6Nb, and (e and f) 2.3Nb. (f) is an enlarged view of the 

fracture surface in (e). 

5.3 Discussion 

The aforementioned results demonstrate that Nb additions are crucial for not only 

suppressing the DP reaction but also for promoting the CP formation of the γʹ-strengthened 

HEAs. In the following sections, the mechanisms for suppressing DP colonies at grain 

boundaries and for promoting of CP nanoparticles in grain interiors are discussed in detail, and 
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the correlation between the precipitate microstructure and mechanical properties of the γʹ-

strengthened HEAs is analyzed. 

5.3.1 Mechanisms for suppressing discontinuous precipitation 

Fundamentally, the DP reaction involves two critical steps, namely heterogeneous grain-

boundary precipitation and synchronous grain-boundary migration, both of which are 

essentially determined by grain boundary properties, such as grain boundary chemistry. Our 

APT results reveal the prominent segregation of Nb at the grain boundaries of the HEAs, which 

may affect grain-boundary precipitation and/or migration. Therefore, the beneficial effects of 

Nb on the suppression of DP reaction are discussed in terms of (1) grain-boundary precipitation 

and (2) grain-boundary migration.  

First, the effects of grain boundary Nb segregation on the grain boundary precipitation is 

analyzed. It is known that grain-boundary precipitation of a second phase is affected by such 

factors as grain-boundary energy and grain-boundary diffusion; the smaller these factors, the 

less likely the grain boundary precipitation occurs. The grain-boundary energy is affected 

significantly by the grain boundary segregation. In this study, the change in grain boundary 

energy caused by Nb segregation can be calculated by [91, 100-104]: 

( )segH kTlnX                                                      (1) 

where ∆γ is the grain-boundary energy variation, Γ is the specific Nb excess at the grain 

boundaries, ΔHseg is the segregation enthalpy, kT represents the thermal energy (k is the 

Boltzmann constant and T is the temperature), and X is the Nb content in the alloy. ΔHseg can 

be obtained using the McLean isotherm [105]:  

exp( )
1 1

gb gi seg

gb gi

X X H

X X RT




 
                                                 (2) 
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where Xgb and Xgi are the Nb concentration at the grain boundary and grain interior, respectively, 

R is the gas constant, and T is the temperature. With input values of Γ = 3.5 atom/nm2, k = 1.38 

× 10-23 J/K, T = 1073 K, Xgb = 7.4 ± 0.8 at.%, Xgi = 0.8 ± 0.3 at.%, and R = 8.31 J/K·mol, the 

reduction in grain boundary energy caused by Nb segregation is 112.8 ± 11.9 mJ/m2 at 800 °C. 

The relevant literature shows that the typical grain boundary energy of FCC CoCrFeNi-based 

alloys is approximately 630–900 mJ/m2 at 800 °C [106-109]. Therefore, the reduction in grain 

boundary energy induced by Nb segregation is approximately 12–18% of the total grain 

boundary energy. Because the heterogeneous nucleation of DP γʹ colonies is highly dependent 

on the extra energy provided by the grain boundaries, a dramatic reduction in grain boundary 

energy should increase the critical energy for nucleation, thereby thermodynamically inhibiting 

grain boundary precipitation. On the other hand, the grain boundary segregation of Nb can also 

affect the grain boundary precipitation by influencing the grain boundary diffusion. Since the 

diffusivity of Nb, which segregates at the grain boundaries as observed by APT, is considerably 

lower than that of the principal elements (i.e., Co, Cr, Fe, and Ni) because of its large atomic 

size and high melting point [110], the grain boundary precipitation would be retarded due to 

the lowering of grain boundary diffusivity. Consequently, the Nb segregation plays an 

important role in inhibiting the grain boundary precipitation by reducing the grain-boundary 

energy and slowing the grain-boundary diffusion, thereby substantially suppressing the DP 

initiation at the grain boundaries. 

Second, the effects of grain boundary Nb segregation on the grain boundary migration is 

explored. From the thermodynamic point of view, grain boundary energy is one of the driving 

forces of grain boundary migration. As discussed above, the Nb segregation effectively reduces 

the grain boundary energy of the HEAs. Thus, the reduction in this energy by Nb segregation 

should inhibit the migration of grain boundaries. From the kinetic perspective, the grain 

boundary Nb segregation can interact with migrating grain boundaries through the solute-drag 
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effect [111]. During grain boundary migration, the solute atmosphere formed by Nb 

segregation diffuses with but lags behind the grain boundary due to its considerably lower 

diffusivity [112], thus generating a dragging pressure on the grain boundary and kinetically 

reducing grain boundary mobility. In this study, Nb segregation is energetically favorable at 

the grain boundaries of CoCrFeNi-based HEAs, which was validated by APT, and the 

diffusivity of Nb is considerably lower than that of the principal elements (i.e., Co, Cr, Fe, and 

Ni) because of its large atomic size. Therefore, grain boundary migration can be substantially 

inhibited by the solute-drag of Nb, thus decelerating the kinetics of grain boundary migration 

in the Nb-modified HEAs. To further verify the effect of Nb segregation on grain boundary 

migration of HEAs, the recrystallization kinetics of three model alloys with different Nb 

additions—CoCrFeNi, (CoCrFeNi)99.5Nb0.5 and (CoCrFeNi)99Nb1 (at.%)—were investigated. 

To eliminate the effect of γʹ precipitates on the pining of grain boundary migration, the Al and 

Ti additions were removed from the original HEAs, and thus the effect of Nb on the grain 

boundary migration behavior of HEAs can be evaluated. Cold-worked samples of these alloys 

were subjected to annealing at different temperatures, and the recrystallization temperature was 

determined by measuring micro-hardness and microstructure at different temperatures [92]. It 

is found that the Nb additions dramatically decelerate the kinetics of grain boundary migration, 

with the recrystallization temperature increasing from approximately 600 °C in the CoCrFeNi 

alloy to approximately 725 °C in the (CoCrFeNi)99.5Nb0.5 alloy and to approximately 775 °C 

in the (CoCrFeNi)99Nb1 alloy. Therefore, the Nb addition to the HEAs decreases the grain 

boundary mobility because of the reduction of grain boundary energy and solute-drag effect, 

which effectively inhibits the DP reaction at the grain boundaries. 

The aforementioned analysis indicates that the grain boundary segregation of Nb is crucial 

in suppressing the (1) grain-boundary precipitation and (2) grain-boundary migration due to 
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the combination of reduction of grain-boundary energy and solute-drag effects, both of which 

can substantially inhibit the DP reaction at the grain boundaries of the γʹ-strengthened HEAs. 

5.3.2 Mechanisms for the promoting continuous precipitation 

In addition to suppressing the DP reaction, Nb addition also plays an important role in 

promoting CP formation, as evidenced by the higher number density and larger volume fraction 

of CP nanoparticles in the 0.8Nb alloy than those in the 0Nb alloy (Figs. 5.2-8a and b). 

Therefore, exploring the mechanism for the promotion of CP formation is crucial.  

APT reveals that the 0.8Nb alloy has a higher number density of CP nanoparticles than 

the 0Nb alloy in the early stage of precipitation (the 7.5-min aged condition), which should not 

be a result of slow coarsening because the particle radius of the 0.8Nb alloy (~3.0 ± 0.9 nm) is 

larger than that of the 0Nb alloy (~2.8 ± 0.8 nm). Instead, the increased number density of CP 

nanoparticles is likely due to the enhanced nucleation by Nb. According to the classical 

nucleation theory, the critical energy for nucleation of a spherical precipitate (∆G*) is given by 

[113]: 

   
3

* 16

3( )V

G
G G


 

 
                                                    (3) 

where γ is the interfacial energy between the precipitate and matrix, ∆GV is the chemical driving 

force for nucleation, and ∆Gε is the elastic strain energy. The APT analysis indicates that no 

apparent interfacial segregation of Nb occurs at the interface between the precipitates and 

matrix, and thus it is unlikely that the Nb additions would change the interfacial energy of the 

precipitates. Moreover, the atomic size of Nb (147 pm) is very similar to that of Al (143 pm) 

and Ti (147 pm), and thus, the partial substitution of Al and Ti by Nb in (Ni,Co)3(Al,Ti,Nb) 

precipitates is also unlikely to change the lattice mismatch between the precipitates and matrix 

[111]. Instead, the promotion of CP nanoparticles can be explained in terms of chemical driving 
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force. The partitioning of Nb to the precipitates is equivalent to increasing the total 

concentration of the nanoparticle-forming elements. Therefore, the total supersaturation of Al, 

Ti, and Nb in the 0.8Nb alloy is higher than that of Al and Ti in the 0Nb alloy, which increases 

the chemical driving force for the nucleation of CP nanoparticles, thus increasing the number 

density of continuous γʹ nanoparticles in the grain interior. 

The increased volume fraction of CP nanoparticles can also be explained by the 

partitioning of Nb to CP nanoparticles, which increases the total concentration of the 

nanoparticle-forming elements. To further understand this behavior, we performed 

thermodynamic calculations using Thermo-Calc software to determine the effect of Nb 

concentration on the γʹ phase. Figure 5.3-1a shows the calculated volume fraction of the γʹ 

phase of the (CoCrFeNi)94-xAl3Ti3Nbx alloys as a function of temperature and Nb concentration. 

The volume fraction of the γʹ phase increases from 15% in the 0Nb alloy to 20 % in the 0.8Nb 

alloy at 800 °C, which is in consistent with the experimental results. Moreover, the analysis of 

the theoretical phase compositions reveals that Nb is thermodynamically favorable to partition 

to the γʹ phase, which increases the total concentration of γʹ-forming elements and subsequently 

the volume fraction of the γʹ phase. However, a further increase of the Nb addition gradually 

decreases the γʹ volume fraction because excessive Nb additions tend to induce the formation 

of the Laves phase (Fig. 5.3-1b). The Laves phase consumes the γʹ-forming elements, including 

Ni and Nb, thereby reducing the volume fraction of the γʹ phase. Therefore, thermodynamic 

calculations are consistent with our experimental observations that appropriate Nb addition 

(0.8 at.%) can promote γʹ precipitation without forming the Laves phase.  
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Fig. 5.3-1. (a) Calculated volume fractions of γʹ phase in the (CoCrFeNi)94-xAl3Ti3Nbx alloys, 

and (b) the pseudo-binary phase diagram of the (CoCrFeNi)94-xAl3Ti3Nbx system. 

On the basis of the aforementioned discussion on the DP and CP, the effects of Nb on the 

precipitation behavior of the γʹ-strengthened HEAs can be summarized as follows and 

schematically illustrated in Fig. 5.3-2. In the Nb-free HEAs, the DP colonies are initiated at the 

grain boundaries, whereas the CP nanoparticles are formed in the grain interiors. As the 

precipitation reaction proceeds, both the CP nanoparticles and DP colonies grow, resulting in 

a microstructure containing a mixture of CP and DP regions. By contrast, in the HEAs with 

appropriate Nb additions, Nb tends to segregate at the grain boundaries, which lowers the grain 

boundary energy and decreases the grain boundary mobility. Thus, the formation of DP 

colonies at grain boundaries is significantly inhibited. Moreover, Nb is energetically favorable 

to partition to the CP nanoparticles by forming (Ni,Co)3(Al,Ti,Nb) phase with increased 

number densities and volume fractions because of enhanced supersaturation compared with 

Nb-free HEAs. Consequently, CP formation is the dominant precipitation routine in the Nb-

modified HEAs, resulting in a microstructure containing a uniform distribution of CP 

nanoparticles throughout the matrix. 
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Fig. 5.3-2. Schematics showing the precipitation mechanism of the γʹ-precipitate-strengthened 

HEAs with and without Nb additions. 

5.3.3 Precipitate-strengthening mechanisms for the γʹ-nanoparticle-strengthened HEAs  

Conventional γʹ-strengthened HEAs generally comprise a large amount (more than 30 

vol.%) of DP regions, in which DP colonies are irregular in both morphology and distribution, 

thus increasing the difficulty of modeling the strengthening response and of understanding the 

strengthening mechanism. The results of this study indicate that an appropriate amount of Nb 

can completely suppress DP reaction, leading to the uniform distribution of CP nanoparticles 

throughout the matrix. Therefore, these Nb-modified alloys provide a suitable base on which 

to understand and model the precipitation strengthening contribution of γʹ precipitates in the 

HEAs.  



82 
 

In precipitation-strengthened alloys, precipitates hinder dislocation motion by forcing 

them to shear weak obstacles (particle shearing) or bypass strong obstacles (Orowan bypass), 

depending on the precipitate size [114]. Because the critical precipitate size for the transition 

from particle shearing to Orowan bypass is unclear for the γʹ-strengthened HEAs, the 

strengthening contribution of γʹ nanoparticles is separately modeled using the two mechanisms. 

When the precipitates are strong obstacles, the increase in yield strength by the Orowan 

mechanism is given by [114]: 

0.4 ln(2 / )

1p

orowan

MGb r b

L 
 


                                                                (4) 

where M = 3 is the Taylor factor, G = 78.5 GPa is the shear modulus for the matrix [115], b = 

0.255 nm is the magnitude of the Burgers vector of the matrix [24],  = 0.31 is the Poisson 

ratio [115], 2 / 3r r   is the radius of the sphere particle on the slip planes, r is the average 

particle radius (Table 3), and 2 ( / (4 ) 1)pL r f   is the mean particle spacing. When the 

particles are weak, the particle shearing mechanism operates, and strengthening is primarily 

attributed to three parts, namely precipitate-matrix coherency (Δcoherency), modulus mismatch 

(Δmodulus), and atomic ordering (Δorder) [116-118]. The equations for the aforementioned 

particle shearing mechanism are as follows [115,116]:   
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where ƒ is the volume fraction of the precipitates (Table 3), ε ≈ 2/3·(Δα/α) is the constrained 

lattice parameter mismatch, where Δα is the difference of lattice constant between the 

precipitates (3.590 Å) and the matrix (3.578 Å) [114,115], ΔG = 8.5 GPa is the difference 

between the shear modulus of the γʹ phase (87.0 GPa) and matrix (78.5 GPa) [114,115], m = 

0.85 is a constant [115], and γAPB = 0.20 J/m2 is the anti-phase boundary energy of the γʹ 

precipitates [119]. Using the experimental data obtained by APT and TEM (Table 5.3-1), the 

theoretical strengthening contributions from each individual mechanism were calculated and 

summarized in Table 5.3-1. The experimental values of precipitation strengthening were 

determined by the difference in yield strength between the aged and unaged samples of the 

0.8Nb alloy and are also included in Table 5.3-1. The Orowan strengthening contribution is 

considerably higher than the experimental increment of yield strength in all conditions, 

implying that Orowan bypass mechanism might not be operative in the currently studied HEAs 

with ultrafine particles. For the particle shearing mechanism, the values of Δcoherency, Δmodulus, 

and Δorder in the 7.5-min aged condition are approximately 29, 44, and 351 MPa, respectively; 

those for the 2-h aged condition are approximately 52, 61, and 361 MPa, respectively; those 

for the 8-h aged condition are approximately 70, 74, and 374 MPa, respectively. As suggested 

in Ref. [120], the increment in strengthening due to particle shearing is taken as the larger of 

(a) the sum of modulus strengthening and coherency strengthening (Δcoherency + Δmodulus), or 

(b) the order strengthening (Δorder). This is because these two modes (a and b) are sequential, 

the former occurring before the dislocation shears the particles and the latter during shearing. 

As summarized in Table 5.3-1, Δorder is much larger than (Δcoherency + Δmodulus) in all the 

aging conditions studied, suggesting that the precipitation strengthening should be contributed 

mainly by order strengthening. The contributions of order strengthening are approximately 351, 

361, and 374 MPa for the 7.5-min, 2-h, and 8-h aged conditions, respectively, which are close 

to the experimental values of precipitation strengthening response, namely 323, 383, and 364 
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MPa, respectively (Table 5.3-1). Therefore, the particle shearing mechanism operates in the γʹ-

strengthened HEAs with ultrafine particles, and order strengthening is crucial in the 

strengthening of these HEAs. 

Table 5.3-1. Particle radii (r), volume fractions (ƒ) and strengthening contributions of the 

0.8Nb alloy in different aging conditions. 

 

5.4 Summary 

On the basis of the systematic investigation of the Nb effects on the discontinuous and 

continuous precipitate microstructures, grain boundary segregation, and mechanical properties 

of the (CoCrFeNi)94-xAl3Ti3Nbx HEAs, the following conclusions are drawn: 

The precipitation of γʹ precipitates in the CoCrFeNi-based HEAs occurs in the CP and DP 

modes. The Nb-free HEAs exhibit a microstructure containing CP nanoparticles in the grain 

interiors and DP colonies at grain boundaries. With an appropriate Nb addition (0.8 at.%), the 

coarse-sized DP colonies are completely suppressed, leading to the uniform distribution of CP 

nanoparticles throughout the matrix. However, excess additions of Nb can lead to the 

precipitation of Laves phase at grain boundaries. 

APT reveals that Nb exhibits segregation at the grain boundaries of the CoCrFeNi-based 

HEAs. This segregation plays an important role in suppressing the (1) grain-boundary 

precipitation and (2) grain-boundary migration due to the synergistic effects of grain-boundary 

Aging 
time 

r 
(nm) 

ƒ 
(%) 

Δorowan 

(MPa) 
Δcoherency 

(MPa) 
Δmodulus 

(MPa) 
Δorder 

(MPa) 
Δexperimental 

(MPa) 

7.5 
min 

3.1 + 1.0 11.5 + 0.8 3179 29 44 351 323 

2 h 9.3 + 2.6 12.2 + 0.7 1491 52 61 361 383 

8 h 15.8 + 1.9 13.1 + 0.5 1137 70 74 374 364 
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energy reduction and solute-drag effects, and the combination of these two factors significantly 

inhibits DP reaction in the γʹ-strengthened HEAs.  

In the CP region, APT reveals that Nb partitions to the γʹ nanoparticles, the partitioning 

of which increases the total concentration of the γʹ-forming elements. This leads to a high 

chemical driving force for the γʹ precipitation and also increases the volume fraction of γʹ 

nanoparticles, which is in consistent with the thermodynamic calculations.  

The 0.8Nb alloy, exhibiting a uniform distribution of γʹ nanoparticles throughout the 

matrix, achieves a good combination of high strength and ductility. The modeling of 

precipitation strengthening indicates that the particle shearing mechanism is operative in the 

studied alloys with ultrafine particles, and order strengthening is crucial in the strengthening 

of the γʹ-strengthened HEAs. 
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Chapter 6: Ultrahigh strength and ductility in newly developed 

materials with coherent nano-lamellar architectures2 

6.1 Introduction  

Advanced structural materials with ultrahigh strengths and excellent ductilities are highly 

desirable for a wide variety of technological applications, including aerospace, transportation, 

and energy sectors. Nano-lamellar alloys containing high-density interfaces are of particular 

interest due to their unusual interface-driven properties, such as extremely high strengths [121-

126]. Unfortunately, these materials typically suffer from a severe limitation—lack of tensile 

ductility, typically less than 5% elongation, and the region of the uniform deformation is even 

more limited [127]. This makes them difficult to be fabricated and prone to catastrophic failure 

in load-bearing applications. The strength–ductility trade-off has been a long-standing dilemma, 

which has attracted great attention in materials science [128]. Recently, several engineered 

heterogeneous nanostructures, such as gradient, bimodal, harmonic, and hierarchical structures, 

have been demonstrated to have the potential to enhance tensile ductility of nanostructured 

materials, leading to improved strength–ductility synergy [129]. However, these approaches 

usually produce materials with limited strengths (on the order of 1 GPa) because the creation 

of microstructural heterogeneity requires the incorporation of some coarse-scale 

microstructures that sacrifice the strength. By contrast, for nano-lamellar alloys with extremely 

high strengths on the order of 2 GPa, brittleness remains their Achilles’ heel, which can be 

ascribed to the absence of work-hardening and serious strain localization at incoherent lamellar 

boundaries. Furthermore, most nano-lamellar alloys are fabricated in the form of thin 

 
Full of the work in this chapter has been published on “L. Fan, T. Yang, Y.L. Zhao, J.H. Luan, G. Zhou, H. Wang, Z.B. Jiao, 
C.T. Liu, Ultrahigh strength and ductility in newly developed materials with coherent nanolamellar architectures, Nature 
Communications 11, 6240, 2020.” 
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films/sheets by such methods as electrodeposition and severe plastic deformation, which are 

not readily applicable to the large volume components necessary for practical applications. 

Consequently, developing ultrahigh-strength, ductile, and scalable nano-lamellar alloys are 

highly desirable but extremely challenging. 

6.2 Results  

6.2.1 Thermodynamics-aided alloy design  

Here we overcome these critical challenges and present the development of new nano-

lamellar alloys featuring in situ-formed coherent nano-lamellar (CNL) architectures, which 

exhibit an unprecedented combination of ultrahigh strength and tensile ductility and can be 

produced through conventional casting and thermomechanical treatments. Our design 

philosophy is to create nanometer-thick lamellae for an extremely high strengthening purpose 

while maintaining coherent lamellar boundaries that can suppress stress concentration and 

accommodate plastic strain, thereby promoting work hardening together with tensile ductility 

for nanostructured materials. In particular, we chose Ni-Fe-Co-Cr-Al-Ti multicomponent 

alloys as our model system, because they provide a large dual-phase region consisting of 

disordered face-centered cubic (FCC) and ordered FCC (L12) phases (Fig. 6.2-1) with a small 

lattice mismatch, satisfying the requirement for the formation of coherent boundaries. The CNL 

architectures were controlled through a solid-state phase separation involving the process of 

“supersaturated FCC solid solution → L12 + FCC lamellae” within ultrafine grains at a 

relatively low temperature of 600 °C. At this temperature, the bulk diffusion is significantly 

inhibited, which kinetically suppresses the continuous precipitation of spheroidal nanoparticles. 

In contrast, the ultrafine grain structure promotes the discontinuous precipitation of nano-

lamellae, because the high-density grain boundaries not only provide numerous nucleation sites 
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but also promote their growth through grain-boundary diffusion, which leads to the formation 

of unique FCC/L12 CNL architecture across the whole grains.  

 

Fig. 6.2-1. Thermodynamic calculations of the isothermal section of (Ni1.5CoFeCr0.5)100-x-

yAlxTiy (at.%) at 600 ° C. The Ni-Co-Fe-Cr-Al-Ti system has a large dual-phase region 

consisting of disordered-FCC and ordered-L12 phases with a small lattice mismatch, satisfying 

the requirement for the formation of coherent boundaries. The red spot indicates the position 

of the CNL alloy (Ni32.8Fe21.9Co21.9Cr10.9Al7.5Ti5.0). 

 

6.2.2 Mechanical properties 

We performed tensile tests at room temperature to quantitatively measure the mechanical 

properties of a representative CNL alloy, Ni32.8Fe21.9Co21.9Cr10.9Al7.5Ti5.0 (at.%). To emphasize 

the substantial improvement in mechanical property upon the formation of the CNL 

architecture, the curves of two other samples having the same composition as the CNL alloy 

but without any CNL architectures are presented for comparison. The two reference materials 
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are respectively a conventionally processed alloy and a severely deformed alloy. From these 

curves, we see that our CNL alloy exhibits an extraordinary combination of ultrahigh strength 

and large uniform ductility (Fig. 6.2-2). The yield strength reaches as high as 2026 ± 20 MPa, 

and the ultimate tensile strength to 2118 ± 34 MPa; these values are more than quadruple of 

those for the conventionally processed alloy without such CNL architectures. More intriguingly, 

the ultrahigh-strength CNL alloy also shows a large tensile ductility, with a uniform elongation 

of 16%, which is an order of magnitude larger than that of the severe deformed alloy with high 

dislocation densities (~1% uniform elongation). 

 

Fig. 6.2-2. Engineering tensile stress-strain curve of the newly developed CNL alloy. The 

curves of the conventionally processed alloy (black) and severely deformed alloy (blue), which 

have the same composition as the CNL alloy but without the CNL architectures, are presented 

for comparison. The CNL alloy (red) reveals an extraordinary combination of ultrahigh 

strength and large ductility. 
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In addition, from the true stress-strain curve (Fig. 6.2-3a), an obvious work hardening 

appears in the major plastic deformation stage, indicative of considerable dislocation 

accumulation during the plastic straining before failure. The work hardening rate curve Fig. 

6.2-3b) reveals a multi-stage work hardening response. After a precipitous initial drop 

associated with the elastic to plastic transition, the work hardening rate increases rapidly to a 

peak at the 2% strain and then drops gradually till a strain of 5%. Beyond that strain, the work 

hardening rate increases again till the 6% strain, followed by a monotonic decrease. The 

fracture surface has two regions, i.e., the peripheral shear lip and central flat fracture regions 

(Fig. 6.2-4). Both regions reveal a microvoid coalescence fracture mode with a plenty of fine 

dimples, indicating a characteristic mode of a ductile fracture at room temperature. Thus, our 

CNL alloy achieves an unprecedented synergy of both ultrahigh strength and large uniform 

ductility, which are inaccessible to conventional lamellar materials. 

 

Fig. 6.2-3. Tensile behavior of the CNL alloy: (a) True stress-strain curve, (b) Work hardening 

rate as a function of true strain. 
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Fig. 6.2-4. Fracture surfaces of the CNL alloy: (a) Overview of the fracture surface, (b) High 

magnification of the peripheral shear lip region, (c) High magnification of the central flat 

fracture region.  Both regions show a plenty of fine dimples, indicating a characteristic mode 

of a ductile fracture. 
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6.2.3 Microstructure characterization 

To understand the observed superb mechanical properties of the CNL alloy, we studied 

the underlying microstructures in detail down to the atomic scale. Electron backscatter 

diffraction (EBSD) reveals that the grain structure exhibits a uniform distribution of ultrafine 

equiaxed grains with an average size of 390 nm and random orientations along the rolling, 

transverse, and normal directions (Fig. 6.2-5),  indicating a full recrystallized and uniform 

microstructure. Each grain contains a high density of alternating lamellae of the order-L12 and 

disorder-FCC phases with thicknesses in the nanometer range, as observed in bright-field (Fig. 

6.2-6) and dark-field (Fig. 6.2-6) transmission electron microscopy (TEM). All the grains have 

the FCC/L12 nano-lamellar structure without any spheroidal L12 nanoparticles. The average 

thickness for the FCC and L12 lamellae was measured to be approximately 37 ± 18 and 30 ± 

16 nm, respectively (Fig. 6.2-6). From high-resolution TEM (Fig. 6.2-6), we observed a 

coherent FCC/L12 interface with continuous crystal lattices, where the crystal lattice of the 

ordered L12 phase is very close to that of the disordered FCC phase. This agrees with the X-

ray diffraction (XRD) results that the lattice mismatch between the two phases is only 

approximately 0.13% (Fig. 6.2-7), the small value of which effectively stabilizes the CNL 

structure without any heterogeneous coarsening. We further analyzed the phase composition 

and elemental distribution of the FCC/L12 CNL structure by three-dimensional atom probe 

tomography (3D-APT) (Fig. 6.2-6) and energy-dispersive X-ray spectroscopy mapping in the 

scanning-TEM mode (STEM-EDS). We observed that Ni (green), Ti (blue), and Al (cyan) 

partition to the L12 lamellae, whereas Co (purple), Cr (pink), and Fe (orange) partition to the 

FCC lamellae. The 12% (Al + Ti) concentration isosurfaces were used to visualize the 

boundary between the FCC and L12 lamellae, and the corresponding proximity histogram 

showing the concentration profiles across the boundary is also displayed in Fig. 6.2-6. Data 
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points within the flat region of the profiles at the left and right sides of the interface delineate 

the composition of the FCC and L12 nano-lamellae, respectively.  

 

Fig. 6.2-5. EBSD images and grain size distributions of the CNL alloy along the different 

directions: (a and b) Rolling direction (RD), (c and d) Transverse direction (TD), (e and f) 

Normal direction (ND). The CNL alloy exhibits a uniform distribution of equiaxed ultrafine 

grains with an average size of ~390 nm and random orientations. 
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Fig. 6.2-6. Unique nano-lamellar architecture of the CNL alloy: APT characterization of the 

elemental partitioning and composition of the FCC and L12 nano-lamellae. 

 

Fig. 6.2-7. XRD patterns of the CNL alloy: (a) The diffraction pattern showing the co-existence 

of FCC and L12 phases, (b) Deconvolution of the (311) diffraction peak for determining the 

lattice parameter of the FCC and L12 phases. 

The composition of the FCC lamellae is 36.4Fe-28.1Co-14.6Ni-18.2Cr-2.3Al-0.4Ti 

(at.%), whereas that the L12 lamellae can be regarded as 59.7Ni-10.6Co-3.5Fe-1.5Cr-13.5Al-

11.2Ti (at.%), yielding a (Ni + Co + Fe + Cr):(Al + Ti) ratio of approximately 3:1 (A3B-type). 

By using the lever rule analysis, the volume fraction of the FCC and L12 phases are determined 

to be approximately 56% and 44%, respectively (Fig. 6.2-8). From the aforementioned 
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observations, we can see that our newly developed CNL alloy exhibits a unique lamellar 

architecture consisting of alternating order-L12 and disorder-FCC lamellae with nanometer 

thicknesses and coherent boundaries, which is significantly distinctive to conventional lamellar 

alloys with coarse lamellar thickness and/or incoherent boundaries. Meanwhile, 

microstructures of the conventionally processed and severely deformed alloys were examined 

for comparison (Fig. 6.2-9). The conventionally processed alloy exhibits a mixed 

microstructure containing spheroidal nanoparticles in grain interiors and nano-lamellae near 

grain boundaries, which is similar to that reported in the literature. The severely deformed alloy 

exhibits a typical cellular microstructure containing elongated sub-grains. 

 

Fig. 6.2-8. Determination of phase volume fractions of the CNL alloy by using the lever rule. 

The APT concentrations of Fe, Co, Cr, Ni, Al, and Ti were used in the analysis. The volume 

fraction of the FCC and L12 phases were estimated to be approximately 56% and 44%, 

respectively. 
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Fig. 6.2-9. Microstructures of the reference alloys: (a) Conventionally processed alloy, (b) 

Severely deformed alloy. 

6.3 Discussion 

6.3.1 Strengthening mechanisms 

We attribute the ultrahigh yield strength of the CNL alloy mainly to the lamellar boundary 

strengthening associated with nanometer-thick order/disorder lamellae. In this material, the 

ordered L12 lamellae are much stronger than the FCC solid solution lamellae, because the 

ordered L12 superlattice structure has high anti-phase boundary energy (~200 mJ·m-2) [130], 

requiring high stresses for dislocations to cut through. Thus, the FCC/L12 lamellar boundaries 

are strong barriers to the dislocation motion. It was documented that a Hall–Petch relationship 

also describes the yield strength of dual-phase nano-lamellar materials [131]. In these materials, 

dislocations initially start to propagate inside the soft phase and pile-up at interphase 

boundaries. The yield occurs when the leading dislocation in a pile-up can overcome the barrier 

strength and transmit slip across the boundary. Thus, the parameters controlling the strength 

are the thickness and physical properties of the soft lamellae [131]. In the FCC/L12 CNL 

architecture, initial plastic deformation occurs in the soft FCC lamellae; thus, the parameters 

controlling the yield strength is the thickness and physical properties of the FCC lamellae. The 
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strengthening contributed by the FCC/L12 boundaries can be described by 0.5( )l lk    , 

where lk  is the Hall-Petch coefficient and λ is the average thickness of the FCC lamellae. The 

Hall-Petch coefficient lk  can be calculated by [132]: 

2 2 2
1/2( )

8l

n G b
k


                                                             (1) 

where n = ~4.5 is the number of dislocations crossing the same lamellae (obtained through 

TEM analysis of the 2% and 5% strained samples), G = 84 GPa is the shear modulus of the 

FCC phase [133], 2 / 2b a  = 0.255 nm is the magnitude of the Burgers vector of the FCC 

phase, a = 0.3585 nm is the lattice constant of the FCC phase obtained from XRD, λ = ~37 nm 

is the average lamellar thickness of the FCC lamellae. Using these data, the strengthening 

contribution by the nano-lamellar boundaries was estimated to be ~1.0 GPa, which accounts 

for approximately a half of the total yield strength, providing the dominant contribution to the 

macroscopic yield strength. 

The ultrafine grain structure also contributes considerably to the yield strength. The grain 

boundary strengthening can be described using the well-known Hall–Petch relationship 

0.5( )g gk d   , where kg = ~516 MPa∙μm0.5 is the Hall-Petch coefficient, measured from an 

alloy having the composition of the FCC lamellae in the CNL alloy (Fig. 6.3-1), and d = ~390 

nm is the average grain size of the CNL alloy. The strengthening due to the ultrafine grains 

was calculated to be 0.8 GPa. Therefore, the total strengthening contributed by the lamellar and 

grain boundaries is ~1.8 GPa, accounting for as high as 90% of the total yield strength. Overall, 

the collective strengthening contributions from the FCC/L12 nano-lamellae, ultrafine grain 

sizes, together with other strengthening from solid solution and dislocations, elevate the yield 

strength of the CNL alloy beyond 2 GPa [126]. 
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Fig. 6.3-1. Plot of the yield strength as a function of the inverse square root of mean gain size 

of the alloy having the composition of the FCC matrix in the CNL alloy. 

6.3.2 Plastic deformation mechanisms 

To understand the underlying mechanisms for the unusual work hardening and large 

tensile ductility of the ultrahigh-strength CNL alloy, we investigated the dynamic evolution of 

deformation microstructures at different strains of plastic deformation. At the strain of ~2%, 

the dislocation slipping is activated in the appearance of extended stacking faults (SFs, red 

arrow) on the primary {111} planes, which cuts across the FCC/L12 nano-lamellae, indicating 

an early stage of planar dislocation slip across the coherent lamellar boundaries. With further 

increasing strain to ~ 5%, the SFs (red arrow) are activated in more grains and with a much 

higher density as compared with those in the 2% strain state. Further increasing the strain to 

16% results in the planar SF-dominated deformation mode with an extremely high-density of 

SFs on two {111} slip systems (red and yellow arrows) and extensive SF intersections. The 

enlarged view shows that numerous intersected SFs activated on two {111} slip systems, 

leading to the formation of hierarchical nano-spaced SF networks.  
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On the basis of these observations, we now discuss the structural origins responsible for 

the unusual deformation behavior and large ductility of the CNL alloy. First, the presence of 

extensive SFs suggests that the CNL matrix might have an intrinsically low SF energy. To 

understand the generation of SFs during plastic deformation, we calculated the SF energy of 

the CNL matrix using ab initio calculations, where the supercell composition (17Fe-14Co-7Ni-

9Cr-1Al) was based on the matrix composition determined by APT. The average SF energy of 

the FCC lamellar matrix is approximately 25 mJ·m-2. This value is in the range of 20-45 mJ·m-

2, within which partial dislocations separation with SF bonds are thermodynamically preferred 

[134], thereby making the activation of SFs easy under plastic deformation. For FCC-type 

materials with low SF energy, a perfect a/2 <110> unit dislocation tends to dissociate into a 

pair of a/6 <112> Shockley partials bonded with the SF during plastic deformation, in contrast 

to materials with high SF energies in which the dislocation cross-slip and micro-banding are 

the preferred deformation mode [135]. Therefore, the unusual SF-dominated deformation in 

the nano-lamellar alloys should originate from the low SF energy of the CNL matrix (25 mJ·m-

2), which results in a high propensity of dislocation dissociation into wide SFs in our material, 

thereby hindering the cross-slip process. Second, the coherent boundaries in the CNL alloy are 

characterized by continuous crystal lattices, and the orientation of the ordered L12 phase is very 

close to that of the disordered FCC phase. These structural features facilitate continuous 

dislocation transmissions across the lamellar boundaries, with no need to change the slip 

direction [135]. When an applied stress is higher than the yield strength, dislocations can easily 

transmit across the coherent boundaries, rather than being localized at the boundaries, thereby 

suppressing the stress concentration due to dislocation accumulations. In addition, the 

dislocation transmission across the boundaries facilitates long-range dislocation gliding 

through different L12 and FCC lamellae, which results in the microscopic homogeneous plastic 

deformation, thereby enhancing the plastic deformation stability and averting an early stage of 
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crack initiation of the CNL alloy. Third, the interaction of the two leading partial dislocations 

results in the formation of a sessile stair-rod dislocations on a non-slipping {100} plane, known 

as the immobile Lomer-Cottrell (LC) locks. The formation of those high-density LC locks not 

only act as strong obstacles to effectively pin the dislocation motion, but can also be served as 

Frank-Read sources for dislocation multiplication [136], leading to a steady and progressive 

work hardening of the CNL alloy. The LC locks derive their effectiveness in strain hardening 

from their capability to accumulate dislocations from the two aspects: on the one hand, LC 

locks serve to stabilize the SF network by pinning lock-forming dislocation segments, because 

when two dislocations meet to produce an LC lock, four dislocation segments are pinned [137], 

and on the other hand, the sessile nature of the stair-rod dislocation in the LC locks enables 

them to exhibit high structural stability resistant to dissociations and to block other dislocation 

motion as a barrier, which consequently presents a strong hindering effect on dislocation 

motion [138]. In addition, the hierarchical SF networks dynamically subdivide the ultrafine 

grains into even finer sub-grains during deformation (with sizes of ~20 nm at the 16% strain), 

which can pin the motion of dislocations by decreasing their mean free path (i.e., the dynamic 

Hall-Petch effect), thereby further enhancing the work hardening of the CNL alloy. Fourth, 

APT reveals that the L12 phase in the CNL alloy has a multicomponent composition, which 

can be regarded as (Ni,Co,Cr,Fe)3(Al,Ti). Previous research indicates that the incorporation of 

Co and Fe in the L12 phase improves its intrinsic ductility [139,140], whereas the partial 

substitution of Al by Ti alleviates the environment embrittlement [139]. Furthermore, it has 

been demonstrated that the multicomponent L12 phase is much stronger and more ductile than 

binary Ni3Al [141]. Therefore, the multicomponent L12 lamellae effectively enhance the 

strength of the CNL alloys while maintaining high ductilities. Consequently, the combination 

of the coherent nano-lamellar boundaries, high-density immobile LC locks, hierarchical SF 

networks, and ductile nature of the L12 lamellae substantially enhances the plastic deformation 



102 
 

stability and work hardening capability of the CNL alloy, leading to the large uniform tensile 

ductility at an ultrahigh-strength level. Upon fracture, the high-density SF interactions and LC 

locks may act as preferred nucleation sites for microvoids, leading to a homogeneous 

microvoid coalescence with fine dimples and ductile fracture (cf. Fig. 6.2-4). 

6.3.3 Comparison with traditional alloys  

To illustrate the unusual properties of our CNL alloy, we compare its tensile properties 

with those of other lamellar materials and high-performance nanostructured materials [142-

164] (Fig. 6.3-2). We see that our CNL alloy exhibits an order of magnitude larger uniform 

elongation than lamellar pearlitic steels while maintaining a tantamount strength [151,152]. 

Meanwhile, our CNL alloy shows a twofold strength and uniform elongation advantage over 

lamellar titanium alloys [142,143]. Even when compared with the recently reported lamellar 

high-entropy alloys (HEAs) [148,149], our CNL alloy displays a simultaneous 50% increase 

in both yield strength and uniform ductility. Therefore, our CNL alloy exhibits an 

unprecedented combination of ultrahigh yield strength and large uniform ductility, which 

outperforms from other lamellar materials and high-performance nanostructured materials, 

thereby overcoming the long-standing dilemma of the strength-ductility trade-off. Several 

major contributions from the unique lamellar architectures account for the superior mechanical 

properties of the CNL alloy. First, the unique processing approach for tailoring architectures 

with nanometer-thick lamellae and strong order/disorder lamellar boundaries effectively 

elevates the yield strength over 2 GPa, reaching to the ultrahigh strength level. Second, the 

coherent lamellar boundaries eliminate the stress concentration that normally occur in 

incoherent lamellar materials, thereby enhancing the plastic deformation stability and avoiding 

an early stage of crack initiation of the CNL alloy. Third, the intrinsically low SF energy (25 

mJ·m-2) of the FCC lamellae promotes the dynamic formation of hierarchical SF networks and 

high densities of LC locks during plastic deformation, which substantially increases the work-
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hardening capacity, leading to the superior tensile ductility even at the ultrahigh strength level. 

Fourth, the fully recrystallized and uniform microstructure promotes the homogeneous 

deformation, leading to stable mechanical properties of the CNL alloy. This contrasts with non-

uniform structured materials, which usually induce inhomogeneous deformation, resulting in 

large variations of mechanical properties [165]. In addition, the delicate composition design 

endows our materials with extra advantages compared to other existing ultrahigh-strength 

materials. For instance, the Cr and Al additions provide a good oxidation resistance of the 

materials, making them potentially attractive for applications in harsh environments such as in 

aerospace and aeronautic applications. Furthermore, unlike most conventional nano-lamellar 

materials that are fabricated in the form of thin films/sheets in the micron scale, such as 

magnetron sputtered and electrodeposited films [166, 167], our CNL materials produced by 

casting and thermomechanical treatments can potentially be produced in relatively large 

dimensions (in the mm scale), thus offering a great potential for structural applications in 

industries. 
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Fig. 6.3-2. Tensile properties of our CNL alloy compared with those of other lamellar materials 

and high-performance nanostructured materials. The reference materials include lamellar-

structured alloys (Ti alloy [142, 143], Fe alloy [144], Co alloy [145], Ni alloy [146], Zr alloy 

[147], HEA [148,149], TiAl alloy [150], pearlitic steel [151,152], bainitic steel [153], and 

twinning-induced plasticity (TWIP) steel [154]), laminated metal composites (Al/Ti [155], 

Ti/Ta [156], Fe/Cu [157], Cu/Zr [158], Cu/Nb [159], and steel/steel [160]), and nanostructured 

metals (Al [161], Ni [162], Mo [163], and W [164]). Our CNL alloy clearly outperforms other 

high-performance materials and overcomes the long-standing dilemma of the strength-ductility 

trade-off. 
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6.4 Summary  

Nano-lamellar materials with ultrahigh strengths and unusual physical properties are of 

technological importance for structural applications. However, these materials generally suffer 

from low tensile ductility, which severely limits their practical utility. Here we show that 

markedly enhanced tensile ductility can be achieved in coherent nano-lamellar alloys, which 

exhibit an unprecedented combination of over 2 GPa yield strength and 16% uniform tensile 

ductility. The ultrahigh strength originates mainly from the lamellar boundary strengthening, 

whereas the large ductility correlates to a progressive work-hardening mechanism regulated by 

the unique nano-lamellar architecture. The coherent lamellar boundaries facilitate the 

dislocation transmission, which eliminates the stress concentrations at the boundaries. 

Meanwhile, deformation-induced hierarchical stacking-fault networks and associated high-

density Lomer-Cottrell locks enhance the work hardening response, leading to unusually large 

tensile ductilities. The coherent nano-lamellar strategy can potentially be applied to many other 

alloys and open new avenues for designing ultrastrong yet ductile materials for technological 

applications. 
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Chapter 7: Conclusions and Suggestions for Future Research 

7.1 Conclusions  

The traditional metallurgical alloy designing philosophy based on single principle element 

has reached its limits for achieving excellent combined mechanical properties, whereas the 

novel Multi-principal element alloys (MPEAs) or High-entropy alloys (HEAs) have drawn 

great attention as candidates for next-generation structural materials due to their excellent 

mechanical properties. Currently, the greatest weakness of these single phase HEAs is their 

relatively low strength, which is far from the requirements for practical structural applications. 

Here, we demonstrated that the precipitation of coherent L12 precipitates is a powerful method 

for strengthening face-centered cubic (FCC) HEAs while maintaining reasonable ductility, and 

the main findings of this research thesis are summarized as below: 

1. The chemical driving force (CDF), strain energy and interface energy are the crucial 

factors determining the phase relationship, stability and precipitation mechanisms in the Fe-

Co-Ni-Cr-Al-Ti-Nb HEAs containing various types of intermetallic precipitates. In particular, 

the CDF is the dominating factor determines whether the precipitation of incoherent L21, η, 

and Laves phase occurs or not, as those incoherent particles are with high precipitate/matrix 

lattice misfit and interface energy, which significantly hinder their occurrence. Meanwhile, the 

appearance of coherent L12 with high CDF, small lattice misfit and interface energy is preferred 

in all conditions involved in the designed alloy systems. Besides, the increasing Nb and Ti 

addition induces the rising L12 lattice constant through substituting other elements with small 

atomic radius (Al, in particular), which leads to the increasing FCC/L12 lattice misfit and the 

equilibrium shape transition from sphere to semi-cuboidal, accompanied by the expanding 

precipitate size. 
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2. The Nb micro-alloying has been proved to be an excellent method for controlling the 

discontinuous and continuous precipitation of L12-strengthened high-entropy alloys through 

nanoscale segregation and partitioning. In this part, our findings show that the appropriate 

addition of Nb not only suppresses discontinuous L12 precipitation through grain boundary 

segregation but also promotes continuous L12 precipitation through nanoscale solute 

partitioning. On the one hand, Nb has been revealed to present preferential segregation at grain 

boundaries of HEAs, which substantially inhibits the grain-boundary precipitation and 

migration due to the synergistic effects of grain-boundary energy reduction and solute-drag, 

thereby suppressing discontinuous L12 precipitation at the grain boundaries. On the other hand, 

Nb partitions to the continuous L12 nanoparticles in grain interiors, which leads to a high 

supersaturation for continuous L12 precipitation. Because of these beneficial effects, Nb-

modified HEAs with a uniform distribution of L12 nanoparticles throughout the matrix were 

developed, and the correlation between the precipitate microstructure and mechanical 

properties of these HEAs has been clarified. 

3. Coherent FCC/L12 nano-lamellar structure in the Fe-Co-Ni-Cr-Al-Ti HEAs provides a 

feasible approach for designing structure materials with ultrahigh strengths and ductility. Here 

we show that markedly enhanced tensile ductility can be achieved in coherent nano-lamellar 

alloys, which exhibit an unprecedented combination of over 2 GPa yield strength and 16% 

uniform tensile ductility. The ultrahigh strength originates mainly from the lamellar boundary 

strengthening, whereas the large ductility correlates to a progressive work-hardening 

mechanism regulated by the unique nano-lamellar architecture. The coherent lamellar 

boundaries facilitate the dislocation transmission, which eliminates the stress concentrations at 

the boundaries. Meanwhile, deformation-induced hierarchical stacking-fault networks and 

associated high-density Lomer-Cottrell locks enhance the work hardening response, leading to 

unusually large tensile ductilities. The extraordinary mechanical properties of the CNL 
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materials offer tremendous potential for structural applications in aerospace, automotive, and 

energy industries. In addition, the fundamental concept of lamellar architecture engineering 

can be applied to many other metallic materials, including new-generation superalloys, 

titanium alloys, advanced steels, and HEAs, to achieve enhanced properties for specific 

applications. 

7.2 Suggestions for future research 

Despite the great efforts dedicated to L12 coherent precipitate-strengthened HEAs till now, 

it is still at the initial developing stage of this promising material, and more diverse studies 

from researchers with different background are urgent for facilitating the understanding of 

mechanism behind this material. In particular, from the structure material perspective, the 

further researches should be focusing on the following respects: (1) the thermal stability of the 

precipitate strengthened HEAs; (2) the fatigue and creep properties; (3) the large-scale 

fabrication of the current developed HEAs. 

First, it is of great significance to investigate the thermal stability of L12 coherent 

precipitate-strengthened HEAs. The high temperature structure stability is crucial for the long 

time service of structure materials. In particular, both the grain coarsening, precipitate 

coarsening, and the secondary transformation of brittle new phases should be evaluated for 

high temperature application. Meanwhile, as the L12-strengthed HEAs with low pricing 

advantage comparing with traditional Ni-based superalloy are promising future high 

temperature structure materials, thus the thermal stability of the currently developed HEAs 

should be studied for guiding the new HEAs with excellent thermal stability.  

Second, the long-time fatigue and creep properties of the L12-strengthed HEAs should be 

completed for potential engineering application. The actual structure materials, including 

bridge, ship, and aircraft, will undertake periodic loading or constant loading at a particular 

temperature. Under such harsh service conditions, the structure material should present good 
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structure-property stability to avoid failure. Hence, the evaluation of these properties are 

compulsory before the industrial trial production of this promising materials.  

Third, the feasibility of the large scale fabrication of the L12-strengthed HEAs is another 

challenge for the HEAs researchers. Currently, most of the materials fabricated are in mm or 

even μm size, thus, their properties might show some size effects, namely, the poor properties 

would be obtained at large scale. Meanwhile, the fabrication of large-size HEAs in factory will 

also introduce the shrinkage and segregation defects, which are hard to remove even with hot 

rolling and long term annealing treatments. Hence, it is necessary to evaluate the large-scale 

fabrication feasibility of the HEAs for understanding of size effect in the materials and gaining 

fabrication tricks for obtaining defects-free large-size HEAs. 
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