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Abstract 

Nanostructured materials have garnered significant attention due to their superior 

properties to coarse-grained materials, such as ultrahigh strength. According to the 

Hall-Petch relationship, the abundant grain boundaries in nanostructured materials 

contribute effectively to grain boundary strengthening. However, reducing grain size 

limits dislocation mobility, leading to poor ductility. To address this strength-ductility 

trade-off, heterogeneous nanostructured materials have been developed, as their 

microstructural heterogeneitiesðsuch as variations in grain size and phase 

compositionðcan facilitate strain redistribution under applied forces, evading strain 

localization and enhancing overall mechanical performance. 

Medium and high entropy alloys (M/HEAs), characterized by their multi-

component systems, emerge as promising candidates for structural applications due to 

their exceptional properties like high strength, superior wear resistance, high corrosion 

resistance and so on. However, a key challenge lies in overcoming the traditional trade-

off between strength and ductility, limiting their broader application in engineering. 

This challenge is further compounded by the complex interplay between 

microstructural evolution and deformation mechanisms in heterogeneous systems. 

While existing studies highlight the potential of microstructural heterogeneitiesðsuch 

as grain size and phase composition variations, improving mechanical properties, the 

optimal combination of fabrication methods, microstructural characteristics, and 
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deformation behaviors remains insufficiently understood. In particular, some 

metastable M/HEAs with low stacking fault energy exhibit unique phase transition 

behaviors, including transformation-induced plasticity, which could play a significant 

role in enhancing plasticity and work-hardening capabilities. A systematic investigation 

of the interaction between microstructural features and phase transitions is therefore 

crucial for advancing the design of M/HEAs with tailored properties. To address these 

gaps, this thesis employs surface processing techniquesðincluding plastic deformation 

and thermal treatmentsðto generate heterogeneous nanostructures in both bcc-based 

and fcc-based metastable M/HEAs. The heterogeneous structure is generated through 

different formation mechanisms: gradient plastic strain and accumulated total plastic 

strain from the surface to the matrix of severe plastic deformation on the surface; and 

the unique thermal conditions and rapid solidification dynamics with high cooling rate 

and suppressed grain growth of laser treatment. The effects of these processes on 

microstructural evolution, phase transition behaviors and its corresponding mechanical 

properties and deformation mechanism are comprehensively explored to develop 

effective strategies for overcoming the strength-ductility trade-off. According to the 

main work done during the research study, the thesis will be divided into the following 

three parts: 

In the first part, a repeated sliding wear process on the surface is adopted to 

generate a gradient nanostructure (GNS) on a bcc-based dual-phase TiZrHfTa0.5 

RHEAs with a high content of hcp phase up to 66% acquired from pre-plastic 
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deformation and thermal treatment, which accommodates sliding-caused gradient 

plasticity and contributes to the enhanced wear resistance. The average grain size 

decreases significantly when decreasing distance to the worn surface, e.g. from Ḑ100 

nm at the depth of Ḑ 3 ɛm to Ḑ30 nm in the topmost worn surface region. Also, more 

hcp phase is formed due to the deformation-induced bcc Ÿ hcp phase transition 

activated within the self-organized gradient worn subsurface, facilitated by atom 

shuffling and partial dislocation dipole gliding. This heterogeneous structure, 

characterized by gradients in grain size and hcp phase content, redistributes strain and 

suppresses localization, significantly improving wear resistance. Consequently, this 

heterogeneous structure of grain size and hcp phase content formed on this dual-phase 

TiZrHfTa0.5 RHEA exhibits an exceptionally low coefficient of friction at 0.12-0.15 and 

wear rate at 4.08-9.68Ĭ10-5 mm3/NĿm, demonstrating the potential of wear-induced 

surface treatments to enhance tribological properties. 

In the second part, a high-strain rate ultra-precision machining technology named 

single point cubic boron nitride turning (SPCBNT) is employed to fabricate a 60 ɛm-

depth GNS surface layer on a fcc-based dual-phase Fe45Mn35Cr10Co10 HEAs with 

significant phase transition, significantly enhance the strength. The cost-effective 

SPCBNT can impart a high strain rate (104 s-1) in the topmost surface of the specimen 

and achieve a high-quality surface with nanometer-level surface roughness. This 

method reduces the average grain size from Ḑ 30 Õm in the matrix core to Ḑ 13 nm at 

the surface. Notably, during the machining process, the deformation-induced fcc Ÿ hcp 
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phase transitions are activated in this GNS, but a further step of fcc Ÿ hcp Ÿ bcc only 

be introduced in the topmost surface as the gradient distribution of plastic strain and 

strain rate along the depth direction. The nanohardness of the topmost surface of this 

GNS attains ~6.7 GPa, which is much higher than it at the matrix (~4.3GPs). Analysis 

based on high-resolution transmission electron microscope unveils the fcc Ÿ hcp is 

facilitated by the movement of Shockley partial dislocations on every second (111)fcc 

plane, and the subsequent transition hcp Ÿ bcc is accomplished by the interaction of 

two sets of Shockley partial dislocation dipoles on either side of the (0001)hcp planes. 

This phase transition mechanism of coordinated dislocation dipole interaction and 

atomic shuffling relieves and accommodates the significant stress and strain fields 

produced by the plastic deformation on the surface, which significantly influences 

mechanical properties.  

In the third part, different from the above two plastic deformation methods, a 

thermal-typed laser surface treatment produces a nanostructured layer with crystalline-

amorphous microstructure on a fcc-based dual-phase Fe45Mn35Cr10Co10 HEAs. The 

remelting and solidification of the gradient heating and cooling induced by high-power 

laser beams, with a rapidly high cooling rate of 104ï106 ÁC/s contributes to the 

formation of heterogeneous nanostructure. The rapid cooling rate (~10  K/s) calculated 

by simulation during laser remelting produces refined grains (~8 nm) interspersed with 

amorphous regions along grain boundaries. Based on this formation mechanism, the 

mechanical properties of this unique crystalline-amorphous microstructure are analyzed 
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to investigate its deformation mechanism and the deformation-induced crystallization 

mechanism. This unique structure achieves exceptional strength (~3.8 GPa) and 

compressive strain (~28%) during micro-pillar compression tests. During plastic 

deformation, dislocations are confined within nanograins and impeded by amorphous 

boundaries, promoting deformation-induced crystallization and grain coalescence. This 

process balances strength and ductility by leveraging the interaction between 

nanocrystals and amorphous grain boundaries, highlighting the effectiveness of laser-

based surface treatments for enhancing mechanical properties. 

In summary, this thesis systematically investigates microstructural evolution, 

mechanical properties and corresponding deformation mechanisms of heterogeneous 

nanostructured M/HEAs generated through surface processing techniques, including 

sliding wear, high-strain-rate machining, and laser treatment. By elucidating the 

interplay between microstructural heterogeneities, phase transitions mechanism, and 

deformation mechanisms, the findings provide essential guidelines for designing 

advanced HEAs with tailored properties, advancing their potential for technological 

applications. 

  



Publications Arising from the Thesis 

VI  

 

Publications Arising from the Thesis 

1. Yang, W., Luo, J., Fu, H., Cheung, C. F., Ruan, H., & Yang, X. S. (2022). bccŪ 

hcp phase transition significantly enhancing the wear resistance of metastable 

refractory high-entropy alloy. Scripta Materialia, 221, 114966. 

2. Yang, W., Qian, L., Luo, J., & Yang, X. S. (2024). A novel atomic mechanism of 

fcc Ū hcp Ū bcc phase transition in a gradient nanostructured compositionally 

complex alloy. Materials Research Letters, 12(12), 929ï938. 

3. Yang, W., Lu W., Qian, L., & Yang, X. S. (2025). Achieving enhanced strength-

ductility synergy in an additive manufactured eutectic compositionally complex alloy 

via optimizing alloy composition. Materials Science and Engineering A, 941, 148644. 

4. Yang, W., Qian, L., Luo, J., Lu W. Gao, Z., Cheung, C., Ruan, H., Wang, Y. & Yang, 

X. S. (2025). Amorphous boundary crystallization-involved cooperative deformation 

mechanism in a nanostructured crystalline-amorphous compositionally complex alloy. 

Acta Materialia, under review. 

5. Lu, W., Yang, W., Hu, R., Yang, X. S. (2025). Coherent intergranular precipitates 

overcome intermediate-temperature embrittlement of a L12-strengthened medium-

entropy alloy. Scripta Materialia, 268, 116876.  

6. Gao, Z., Hou, X., Yang, W., Chan, K. C., Fu, H., Wang, D., & Yang, X. S. (2025). 

Achieving the strength-ductility balance in heterogeneous (FeCrCoNi) 95B5 high-

entropy alloy by laser surface remelting. Materials Science and Engineering: A, 148644. 

7. Zhang, J., Qian, L., Yang, W., Wang, J., & Yang, X. S. (2025). Dislocation 

nucleation and shear sliding at dual-phase high-entropy alloy semi-coherent interface 

with atomic complexity. Acta Materialia, 121118. 

8. Qian, L., Yang, W., Luo, J., Wang, Y., Chan, K. C., & Yang, X. S. (2023). 

Amorphous Thickness-Dependent StrengtheningïSoftening Transition in Crystallineï

Amorphous Nanocomposites. Nano Letters, 23(23), 11288-11296. 



Acknowledgements 

VII  

 

Acknowledgements 

First and foremost, I would like to express my deepest gratitude to my supervisor, 

Dr. YANG Xusheng, for his invaluable guidance, support, and constant encouragement 

throughout my Ph.D. journey. I am deeply grateful for the opportunity to learn and grow 

under his mentorship. His expertise and constructive advice have been a cornerstone of 

my academic research and personal development.   

I would also like to extend my heartfelt appreciation to my research group 

members for their thoughtful guidance and inspiring advice. I am grateful to Dr. FU 

Hui, Dr. WU Bo, Dr. YUAN Shuqing, Dr. LUO Jiasi, Dr. QIAN Lei, Dr. LU Wenjie, 

Dr. WANG Yilin, Mr. GAO Zhenguang, and Mr. QIN Bailiang for their generous advice 

on my research and kind encouragement in my daily life. A special thanks to my dear 

friend, Ms. YANG Lei, for her understanding and support, and to my best Brazilian jiu-

jitsu partner, Ms. Ocean Annika, for her companionship at my whole training time. Oss!  

I owe my deepest gratitude to my parents, Mr. YANG and Ms. LI, for their endless 

love, encouragement, steadfast belief and unwavering support, which have been my 

anchor during the hard period. Finally, I would like to express my deepest gratitude to 

my husband, Mr. WEI Ziyao, for his unwavering support, patience, and encouragement 

throughout this challenging journey. Thank him for being my remote pillar of strength, 

for the great sacrifices he made, and for always reminding me of my capabilities. 



Contents 

VIII  

 

Contents 

Abstract ......................................................................................................................... I  

Publications Arising from the Thesis ...................................................................... VI  

Acknowledgements .................................................................................................. VII  

Contents .................................................................................................................. VIII  

List of Figures ............................................................................................................ XI  

Chapter 1 Introduction................................................................................................ 1 

1.1 High-entropy Alloys (HEAs) ......................................................................... 2 

1.1.1 Definition ................................................................................................... 2 

1.1.2 Notable High-entropy alloys ...................................................................... 5 

1.1.3 Properties and Applications of HEAs ...................................................... 13 

1.2 Strategies to Improve Mechanical Properties .............................................. 20 

1.2.1 Grain-boundary strengthening ................................................................. 20 

1.2.2 Deformation-induced Phase transformation and Twinning Strengthening

 25 

1.2.3 Solid Solution Strengthening ................................................................... 31 

1.2.4 Precipitation Strengthening ...................................................................... 34 

1.3 Heterogeneous Structure in HEAs ............................................................... 37 

1.3.1 Gradient Nanostructure (GNS) in HEAs ................................................. 38 

1.3.2 Multi-phase Heterogeneous Structure in HEAs ....................................... 43 

1.4 Processing Methods of Heterogeneous Structure ........................................ 53 

1.4.1 Severe Plastic Deformation...................................................................... 54 

1.4.2 Ultra-precision Machining ....................................................................... 59 

1.4.3 Laser surface treatment ............................................................................ 68 

1.5 Research gaps............................................................................................... 71 



Contents 

IX 

 

1.6 Research objectives ...................................................................................... 74 

1.7 Organization of the Thesis ........................................................................... 75 

Chapter 2 Research Methodology ............................................................................ 77 

2.1 Specimen preparation................................................................................... 77 

2.2 Surface treatment methods ........................................................................... 78 

2.3 Microstructural characterization .................................................................. 79 

2.4 Mechanical properties tests .......................................................................... 80 

Chapter 3 Heterogeneous structure on the bcc-based TiZrHfTa0.5 RHEA .......... 82 

3.1 Introduction .................................................................................................. 82 

3.2 Results and discussion ................................................................................. 83 

3.3 Conclusions ................................................................................................ 100 

Chapter 4 Heterogeneous structure on fcc-based Fe45Mn35Cr10Co10 HEA ........ 102 

4.1 Introduction ................................................................................................ 102 

4.2 Results and discussion ............................................................................... 104 

4.3 Conclusions ................................................................................................ 121 

Chapter 5 Crystalline-amorphous heterogeneous structure on the fcc-based 

Fe45Mn35Cr10Co10 HEA ........................................................................................... 123 

5.1 Introduction ................................................................................................ 123 

5.2 Results ........................................................................................................ 127 

5.2.1 Microstructural evolution after the laser treatment ................................ 127 

5.2.2 Thermal profile of LST process ............................................................. 134 

5.3.1 Localized mechanical properties............................................................ 135 

5.3 Discussion .................................................................................................. 137 

5.3.1 Cooperative co-deformation behavior of crystalline-amorphous 

nanostructure ....................................................................................................... 138 



Contents 

X 

 

5.3.2 Crystallization of amorphous boundaries .............................................. 142 

5.3.2 Boundary crystallization-assisted grain coalescence ............................. 145 

5.4 Conclusions ................................................................................................ 151 

Chapter 6 Conclusions and Suggestions for Future Research............................. 153 

6.1 Overall Conclusions ................................................................................... 153 

6.2 Suggestions for Future Research ............................................................... 155 

References ................................................................................................................. 157 

  



List of Figures 

XI  

 

List of Figures 

Figure 1.1 Periodic table of elements used in HEAs [7]................................................ 5 

Figure 1.2 (a) Representative engineering stressïstrain curves of the CoCrFeMnNi 

alloy at the six testing temperatures [16]. (b) Stress-strain curves and (c) 

normalized strain hardening curves of different equiatomic HEAs [17]. (d-g) 

Representative TEM BF images of tensile test specimens of the CoCrFeMnNi 

HEAs with planar slip of 1/2<110>-type dislocations on the {111} planes [16]. 6 

Figure 1.3 Mechanical properties of Fe40Mn40Co10Cr10. (a) Engineering stress-strain 

curves at 273 K and 223 K and (b) strain hardening rate curves. (c) XRD patterns 

and (d-e) EBSD micrographs of the material deformed at 223 K [24]. ............... 9 

Figure 1.4 (a) X-ray diffraction patterns for HfNbTaTiZr (b)True stress-strain curves of 

as-cold-rolled and rolled-and-annealed sheet of HfNbTaTiZr [29]. .................. 11 

Figure 1.5 Mechanical properties of the CrMoNbV alloy as (a) room temperature and 

(b) elevated temperature (573 K- 1273 K). (c-e) TEM images of dislocations with 

different g vectors along the zone axes of [111] or [110] [30]. .......................... 12 

Figure 1.6 (a) Maps showing the range of yield strength versus HV for structural 

materials [8]. (b) tensile strength vs elongation and (c) compressive strength vs 

compressive strain of HEAs composed with different phase [35]. .................... 15 

Figure 1.7 (a) Specific strength vs. temperature of HEA with respect to conventional 

high temperature materials [35]. (b) Engineering tensile stress-strain curves of 

AlCoCrFeNix(x = 2.0, 2.1 and 2.2) alloys at RT, at -70 oC, and at -196 oC [46].

............................................................................................................................ 16 

Figure 1.8 Schematic illustration of the fatigue mechanism in the (a) fcc-based, (b) bcc-

based, (c) metastable with phase transformation from fcc to hcp and (d)multi-

phase HEAs [50]. ............................................................................................... 18 

Figure 1.9 (a) Interactions between GBs and dislocations in the CrFeCoNiPd HEAs [57] 

(b) Strength-ductility synergy in single phase HEAs, MEAs and traditional 



List of Figures 

XII  

 

nanocrystalline alloys with compositional variations [58]. ............................... 22 

Figure 1.10 (a) Tensile true stress-strain curves and (b) strain-hardening rate curves of 

CoCrFeMnNi HEAs with different grain sizes [59]. ......................................... 23 

Figure 1. 11 (a) High-resolution HAADF-STEM image revealing the ultrathin 

disordered layer at the GBs with a nanoscale thickness. (b) Atomic-resolution 

HAADFSTEM image and corresponding EDX maps taken from the inner L12-

type OSG, revealing the sublattice occupations. (c-d) stress-strain curves and the 

yield strength versus uniform elongation compared with other bulk ordered alloys 

[63]. .................................................................................................................... 24 

Figure 1.12 The evolution of deformation mechanism of TWIP- TRIP HEAs: (a) XRD 

patterns and EBSD phase maps and (b) Mechanical properties of Fe80 ī 

xMnxCo10Cr10 (x=45 at%, 40 at%, 35 at% and 30 at%) HEAs [22]. ............. 26 

Figure 1.13 Microstructure evolution during 77K-deformation of the alloy 

Fe60Co15Ni15Cr10 with respect to an increase in tensile strains [67]. ................. 27 

Figure 1.14 (a) Microstructure of TiZrHfTax HEAs with different content of Ta. (b) 

Representative tensile true stressïstrain curves. (c) The corresponding strain-

hardening rate curves. ........................................................................................ 28 

Figure 1.15 (a) Twins in Al0.1CoCrFeNi HEAs; (b) the twin thickness and (c) twin 

spacing distributions of the as-cast and recrystallized HEAs; (d) the average 

values of twin thickness and twin spacing versus mean grain size [72]. ........... 30 

Figure 1.16 (a) Engineering stress-strain curves and (b)the corresponding strain 

hardening rate of the CoCrNi and (CoCrNi)94Al3Ti3 MEAs. (c) Ni, Ti, Al, Co and 

Cr atom maps in a typical APT tip of (CoCrNi)94Al3Ti3 MEAs. (d-e) Prevalence 

of SFs with the solid solution strengthening [79]. ............................................. 32 

Figure 1.17 Mechanical properties of TiNbZr-O-N-C HEAs with different content of O. 

(a) Compressive engineering stress-strain curves. (b) Load-displacement curves 

measured by bending. SEM images of (c) micro-pillar and (d) cantilevers after 

deformation. (e) 3D reconstruction of a typical APT specimen taken from the 



List of Figures 

XIII  

 

deformed material. (f) Compositional profile acquired from APT [80]. ........... 34 

Figure 1.18 (a) The precipitates used in HEAs and (b) the ordering crystallographic 

structure and site occupancy of the L12 MCINP by density functional theory 

(DFT) calculations of the Al7Ti7 alloy. (c) Engineering stress-strain curves. (c) 

work hardening rate curves of the MCINPS alloys [86].................................... 36 

Figure 1.19 Mechanical properties of Al0.5CoCrFeNi HEA. (a) Engineering stress-strain 

curves. (b) Cyclic stress response curves. (c) Hysteresis loops at selected 

numbers of cycles fatigued at the strain amplitude of Ñ1%. (d) Total strain 

amplitude, elastic-strain amplitude, and plastic strain amplitude versus the 

number of reversals to failure. (e) The comparison of CoffinïManson fatigue data 

for Al0.5CoCrFeNi HEA and other conventional alloys [89]. ............................ 37 

Figure 1.20 (a) Strengthïductility synergy of GNS combining nanograins and coarse 

grains. (b) Normalized yield strength versus normalized uniform tensile strain of 

homogeneous and heterogeneous materials [91, 95]. ........................................ 39 

Figure 1.21 Typical microstructure of GNSed CoCrFeNiMn HEA. (a-f) EBSD images 

of GNS generated by different parameters. (g) Microhardness distribution and (h) 

Engineering stress-strain curves [107]. .............................................................. 41 

Figure 1.22 (a) Typical heterogeneous microstructure; (b) Engineering stressïstrain 

curves; (c-d) SFs and dislocations along subgrain boundaries. (e-f) Dark field 

TEM images of deformation twins [108]........................................................... 42 

Figure 1.23 Typical gradient dislocation structure in Al0.1CoCrFeNi HEA processed 

by cyclic torsion processing. EBSD images of (a-b) gradient microstructure and 

(g-h) core region. (c) Schematic of gradient dislocation structure with a gradient 

distributed low angle dislocation structure. (d-e) Corresponding TEM image of 

dislocation structure at the topmost surface. (f) Plots of misorientation-angle 

variation [109]. ................................................................................................... 43 

Figure 1. 24 (a) Hmix-ŭ plot (b) Hmix-ŭ
2 plot in HEAs. (c) Dependence of solid 

solution types on Hmix and ŭ in HEAs. (d) role of VEC in phase selection 



List of Figures 

XIV  

 

between fcc and bcc type solid solutions in HEAs [113]. ................................. 44 

Figure 1.25 The microstructure of dual-phase heterogeneous structure in CrCoNi-based 

MEA generated by cold-rolling and annealing. (a), (d), (g), (j) for CR (cryo-

rolling); (b), (e), (h), (k) for CRA (cryo-rolling followed by a high-temperature 

annealing); and (c), (f), (i), (l) for CRAA (cryo-rolling followed by high-

temperature annealing and a subsequent aging) [114]. ...................................... 46 

Figure 1.26 (a) TEM image of the dual-phase microstructure in Cr20Mn6Fe34Co34Ni6 

HEA. (b) HRTEM image of the interface between fcc and hcp phase. (c-e) are 

the microstructure of SFs networks  and partial dislocations [57]. .................. 47 

Figure 1.27 Development traces of amorphous alloys, amorphous-nanocrystalline 

alloys, and nanocrystalline alloys [119]. ............................................................ 49 

Figure 1.28 (a) Structure of crystalline-amorphous phase dual-phase in magnesium 

alloys. (b) HRTEM images of arresting the initial shear band generated two sub-

shear bands. (c) Engineering stressïstrain curves for micropillars in dual-phase 

magnesium alloys. (d) Curves of Youngôs modulus and ultimate stress for 

compared the dual-phase Mg with other nanocrystalline alloys [127]. ............. 50 

Figure 1.29 (a-b) TEM and HRTEM images of crystalïglass high-entropy 

nanocomposite. (c-d) are concentrations of Cr and Fe illustrating crystal and glass. 

(e) Compressive engineering stress-strain curves. (f-i) SEM images of deformed 

pillar [128]. ........................................................................................................ 51 

Figure 1.30 (a) HRTEM images of crystalline-amorphous nanolaminates. (b) 

Dislocation nucleates at ACI. (c) Activation of STZ (shear transformation zone) 

induced by partial dislocations in the amorphous layer. (d) Incompatibility of 

dislocations in the amorphous layer [129]. ........................................................ 53 

Figure 1.31 Schematic illustrations of (a) SMAT, (b) SMGT, (c) SMRT, (d) HESP and 

(e) USR techniques [99]..................................................................................... 55 

Figure 1.32 (a) Cross-sectional characterization of the TiMoNb alloy after dry sliding. 

(c-f) bright-field TEM image, HRTEM image, particle size distribution, and 



List of Figures 

XV 

 

SAED pattern of the glaze layer, respectively [139]. ........................................ 58 

Figure 1.33 Cross-sectional microstructural evolution induced by sliding wear in 

CoCrFeNi HEA [140]. ....................................................................................... 59 

Figure 1.34 Schematic diagram of ultra-precision cutting with different tool edge [147].

............................................................................................................................ 62 

Figure 1.35 Set-up of ultra-precision turning under three axis [149]. ......................... 62 

Figure 1.36 (a-b) Schematic diagrams of the SPCBNT process. (c) Cross-sectional OM 

image showing the heterogeneous structure. (d) MD simulation of SPCBNT 

process [96]. (e) Hardness and grain size variation at the different depths. (f) 

Engineering stress-strain curves of the generated heterogeneous structure in 

CrCoNi MEA [150]............................................................................................ 64 

Figure 1.37 SEM image of the cross-section of NiCrAl gradient coating [154]. ........ 66 

Figure 1.38 Typical micro-structures of ultra-precision machining for optical 

applications [149]............................................................................................... 68 

Figure 1.39 (a) Schematic diagram of laser metal deposition and (b) scanning pattern. 

(c) Cross-sectional images of-gradient structured CoCrFeMnNi HEA [161]. .. 69 

Figure 1.40 (a) The schematic illustrations of the strengthening mechanisms of laser 

shock peening. (b) Relations between the yield strength with grain size and 

dislocation density, and (c) contribution of strengthening mechanism of refined-

grains, NTs, dislocations and LAGBs into the yield strength of the studied 

CrFeCoNiMn0.75Cu0.25 HEA specimens before and after treatment [163]. ........ 71 

Figure 2.1 Schematic of SPCBNT technique. ............................................................. 78 

Figure 2.2 Schematic of LST technique. ..................................................................... 79 

Figure 3.1 BSE and EBSD images of the (a1-a2) as-cast TiZrHfTa0.5 RHEA and the 

cold-rolled plus (b1-b2) 200 oC-, (c1-c2) 420 oC-, and (d1-d2) 870 oC-annealed 

specimens, respectively. ................................................................................... 85 

Figure 3.2 XRD patterns of the TiZrHfTa0.5 RHEA after cold rolling and annealing at 

different temperatures. ..................................................................................... 85 



List of Figures 

XVI  

 

Figure 3.3 (a) TEM images with the (b) corresponding EDS results of as-cast samples, 

indicating the elemental composition of different phases. (c) TEM images and 

EDS results of bcc and hcp phases in 870 oC-annealed specimens. ................ 86 

Figure 3.4 (a) Steady-state COFs and (b) wear rates of the as-cast and cold-rolled plus 

annealed specimens under the loads of 16-64 N. (c) The variation of COFs with 

the hardness in this work and some referenced HEAs. .................................... 88 

Figure 3.5 SEM images and inserted 3D surface profiles of the 12000-cycled worn 

surface morphologies of four specimens under a load of 16 N: (a) As-cast, (b) 

200 oC-, (c) 420 oC-, and (d) 870 oC-annealed specimens. .............................. 89 

Figure 3.6 Cross-sectional (a) SEM image, (b) TEM image with corresponding SAED 

patterns taken from I, II, and III regions. ......................................................... 91 

Figure 3.7 (a-d) TEM images at different depths away from surface and the 

corresponding (e) statistical grain size and hcp phase content. ........................ 92 

Figure 3.8 Cross-section (a) HAADF-STEM image and corresponding EDS elemental 

maps of the cold-rolled plus 870oC-annealed specimen after 12000 cycles under 

a load of 16 N. (b) HAADF-STEM image of the red rectangle in (a) and EDS 

elemental maps of the oxides layer. ................................................................. 93 

Figure 3.9 HRTEM image with inserted corresponding SAED patterns and 

corresponding atomic Fourier-filtered image of hcp phase. ............................ 94 

Figure 3.10 (a) HRTEM image and associated SAED patterns of the interfacial regions 

between bcc and hcp phases. (b) Schematic summarizing the diffraction spots 

for the ORs between the bcc and hcp phases. .................................................. 95 

Figure 3.11 (a) An HRTEM image capturing the interfacial region of the first bcc Ÿ 

hcp transition following [ρρρ ]bcc1//[ρρςπ ]. (b) The evolution of the 

representative lattices and (c) atomic spacing versus the atomic distance along 

the  [ρρς]bcc direction in the transition zone. (d) Schematics illustrating the 

atom shuffling along  [ρρς]bcc and [ρρρ]bcc directions for completing bcc Ÿ 

hcp transition. (e-f) Schematic diagrams of the Burgers mechanism of bcc Ÿ 



List of Figures 

XVII  

 

hcp transition describing the atom shuffling including the expansion and 

compression on (110)bcc plane. ....................................................................... 97 

Figure 3.12 (a) An HRTEM image capturing the interfacial region of the second bcc Ÿ 

hcp transition following [ππρ ]bcc//[ρρςπ ]hcp directions. (b) Atomic spacing 

versus the atomic distance along the along [ρρπ]bcc direction in the interfacial 

region from bcc to hcp. (c) Schematic diagrams for the cooperative of partial 

dislocation dipoles and atom shuffling in the lattice evolutions from bcc to hcp.

 .......................................................................................................................... 99 

Figure 4.1 Typical cross-sectional microstructures of GNS surface layer on 

Fe45Mn35Cr10Co10 HEA after the SPCBNT process. (a) OM image, (b) IPF map, 

(c) grain boundary and phase boundary map, and (d) Kernel average 

misorientation (KAM) map of the SPCBNTed HEA. The phase boundaries, 

high-angle grain boundaries (HAGBs) and low-angle grain boundaries (LAGBs) 

are represented by green, blue and red lines, respectively. ............................ 104 

Figure 4. 2 (a) XRD patterns of matrix and top surface. (b) Surface roughness of treated 

Fe45Mn35Cr10Co10 HEA. ................................................................................. 105 

Figure 4.3 Mechanical property of the gradient nanograined surface layer in 

Fe45Mn35Cr10Co10 HEA after the SPCBNT process. (a) The plot showing the 

variations in grain size and nanohardness with depths. (b) Micro-pillar 

compressive engineering stress-strain curves and SEM images of the deformed 

pillars at several representative depth layers. ................................................. 107 

Figure 4.4 Microstructures of fcc, hcp and bcc phases in GNS surface layer on 

Fe45Mn35Cr10Co10 HEA after the SPCBNT process. (a-d) A series of plane-view 

TEM images with corresponding SAED patterns taken at different depth layers 

showing (a) fcc phase in the un-SPCBNTed matrix and hcp laths formed at (b-

c) ~40 ɛm and (d) ~20 ɛm depth, respectively. ............................................. 108 

Figure 4.5 (a) bright-field and (b) dark-field TEM images at the topmost surface layer 

showing the formation of nanoscale hcp phase observed with the refined fcc 



List of Figures 

XVIII  

 

nanograins. (c) An atomic Fourier-filtered image showing the nanoscale hcp 

laths with dense stacking faults. (d) A typical HRTEM image showing that 

nanoscale hcp lath is partially transformed to bcc phase. (e-f) Interfaces between 

fcc phase, nanoscale hcp lath, and bcc phase and (g-i) corresponding FFT 

diffraction patterns of fcc, hcp and bcc phases. ............................................. 109 

Figure 4.6 Microstructural characteristics of fcc Ÿ hcp Ÿ bcc transition. (a) A typical 

HRTEM image and (b) corresponding FFT diffraction spot showing the fcc Ÿ 

hcp Ÿ bcc PDIMT. (c) FFT diffraction spots for fcc, hcp, and bcc phases along 

ρρπÆÃÃ , ρρςπÈÃÐ , and ππρÂÃÃ  directions, respectively. (d) Schematic 

summarizing the ORs between fcc, hcp, and bcc phases viewed along 

ρρπÆÃÃ //ρρςπÈÃÐ //ππρÂÃÃ  directions. (e) Eyy GPA map analysis of the 

interfacial region taken from (a). (f) An atomic Fourier-filtered image taken 

from (a) showing the interface between fcc and bcc phases with the N-W OR. 

(g-h) an atomic Fourier-filtered image, TEM image and its corresponding FFT 

pattern of bcc phase projected along ρρρÂÃÃ  direction. (i) Atomic planar 

spacing intensity profiles of bcc phase projected along ππρÂÃÃ and ρρρÂÃÃ 

directions, respectively. .................................................................................. 110 

Figure 4.7 Atomic movement mechanism of fcc Ÿ hcp Ÿ bcc transition. (a) An 

HRTEM image and (b-c) corresponding FFT diffraction spots showing fcc Ÿ 

hcp transition. (d) An atomic Fourier-filtered image of the interfacial region 

between fcc and hcp phases showing the gliding of Shockley partial dislocations 

on every second (111)fcc planes. (e) Schematics showing three types of 

Shockley partial dislocations on (111)fcc plane. ............................................ 113 

Figure 4.8 (a) An HRTEM image and (b-c) corresponding FFT spots showing hcp Ÿ 

bcc transition. (d-e) Atomic Fourier-filtered images and (f) measured atomic 

spacing along the ρρππÈÃÐ direction in the diffuse interfacial region between 

hcp and bcc phases showing the partial dislocations dipoles and atom shuffling. 

(g) Schematic illustrating the lattice evolution from fcc to intermediate hcp and 



List of Figures 

XIX  

 

finally the bcc phases viewed along ρρπÆÃÃ//ρρςπÈÃÐ//ππρÂÃÃ directions.

 ........................................................................................................................ 114 

Figure 4.9 Atomic movement mechanisms schematically illustrated by lattice 

correspondences. (a) Lattice correspondence for the fcc Ÿ hcpŸ bcc transition 

completed by the BBOC model [195]. (b) Lattice correspondence for the fcc Ÿ 

hcpŸ bct transition completed by one set of partial dislocation dipoles and 

associated atomic shuffling [196] .................................................................. 116 

Figure 4.10 (a) Lattice correspondence for the fcc Ÿ hcpŸ bcc transition in the current 

HEA and (b) lattice evolution projected along ρρπfcc//ρρππhcp//ρππbcc 

directions (rotated 90o from the HRTEM view), schematically illustrating the 

concurrent gliding of the second set of partial dislocation diploes and associated 

shuffling to change the length of the cbcc. (c) Schematic diagram of two sets of 

partial dislocation dipoles associated with atomic shuffling along two vertical 

directions to form the bcc phase. .................................................................... 119 

Figure 5.1 (a) hardness and (b) strain-stress curves of Fe45Mn35Cr10Cr10 HEAs after 

laser surface treatment with different power. ................................................. 128 

Figure 5.2 Cross-sectional OM image of laser-treated Fe45Mn35Cr10Cr10 HEAs at 

different powers. (a) 70 W, (b) 90 W, (c) 100 W, (d) 130 W, (e) 150 W, (f) 180 

W. ................................................................................................................... 128 

Figure 5.3 Typical microstructure of molten pool after LST. (a) Cross-sectional SEM 

image, (b) IPF map and (c) GB and phase boundary map show the morphology 

along the depth direction of the laser-treated sample. (d-e) Cell grain in the 

refined grains of molten pool. (f) Bright-field TEM image and the associated 

selected area electron diffraction (SAED) pattern of the crystalline-amorphous 

nanostructure at the depth of 100 ɛm away from surface of the treated samples. 

(g) Schematic of crystalline-amorphous nanostructure distributed within cell 

grains. ............................................................................................................. 129 

Figure 5.4 Microstructure of nanograins and amorphous GBs at different depths in the 



List of Figures 

XX 

 

Fe45Mn35Cr10Co10 HEA after laser surface treatment. ................................... 131 

Figure 5.5 The statistical distributions for grain size at different depths on laser-treated 

Fe45Mn35Cr10Co10 HEA. ................................................................................. 131 

Figure 5.6 GIXRD patterns of laser-treated specimens at different depths ............... 132 

Figure 5.7 Crystalline-amorphous nanostructure. (a) High-resolution TEM (HRTEM) 

images of nanograins with amorphous GBs in the laser-treated 

Fe45Mn35Cr10Co10 HEA at the depth of ~100 ɛm. (b) Magnified HRTEM image 

from (a) and Fast Fourier transformation (FFT) patterns of (c) Area I and (d) 

Area II selected from (b), exhibiting the coexistence of crystalline and 

amorphous phases. (e) High-angle annular dark-field scanning transmission 

electron microscopy (HAADF-STEM) image and (f-i) corresponding electron 

dispersive spectrometry (EDS) map about the distribution of Fe, Mn, Cr, Co. (j) 

Statistical gain size and amorphous thickness of the crystalline-amorphous 

nanostructure at the depth of ~100 ɛm. (k) EDS -line profiles of crystalline and 

amorphous phases selected from (e). The EDS map and line profiles show the 

crystalline and amorphous phases are enriched in Co and Cr, respectively. .. 133 

Figure 5.8 FEA results of thermal profile of the molten pool generated by LST. (a) 

Temperature distribution during the treatment process. Laser beam scanning 

direction is along the positive z-axis. Variation of (b) temperature and (c) 

cooling rate acquired from (a) along the y-axis from the top towards the bottom 

of the molten pool. ......................................................................................... 135 

Figure 5.9 Localized mechanical properties of the crystallineïamorphous layer in 

molten pool. (a) Nanohardness varying along the depth away from the treated 

surface. (b) Compressive engineering stressïstrain curves of pillar samples with 

the same diameter. (c) Hall-Petch plot of the yield strength for LSTed samples 

in this work compared with other nanocrystalline and nanocrystalline-

amorphous HEAs. N represents nanocrystalline and N-A represents 

nanocrystalline-amorphous. (d) SEM images of the same samples before and 



List of Figures 

XXI  

 

after compression, revealing the shear bands denoted by the black arrow. ... 137 

Figure 5.10 Crystalline-amorphous nanostructure after plastic deformation. (a) Bright-

field TEM image after compression. (b) Statistical grain size distribution after 

deformation. (c) Two types of GBs are formed after plastic deformation: the 

amorphous GBs with an average thickness at ~1.2 nm and newly formed 

nanograin-nanograin boundary (N-N GB). (d) and (e) are magnified TEM 

images from (a) exhibit the dislocation-induced faulted bands including SFs, 

deformation twins and hcp laths within nanograins, representative grain 

coalescence and grain coarsening. ................................................................. 139 

Figure 5.11 The dislocation-induced faulted bands maintained within nanograins in 

crystalline-amorphous nanostructure. (a) A typical HRTEM image of a 

representative nanograin containing high-density dislocation-induced faulted 

bands including SFs, hcp laths and deformation twins. (b) The corresponding 

FFT pattern of SF acquired from (a). (c) Atomic Fourier-filtered image of the 

selected region in (a) indicates the two types of Shockley partial dislocations 

(ὦὴρ ὥȾφςρρ  and ὦὴσ ὥȾφρρς ) on (111) plane nucleated from 

amorphous GB. Atomic Fourier-filtered images acquired from (a) to indicate (d) 

hcp laths, (e) SFs and twin boundaries formed by Shockley partial dislocations 

within the nanograin. ...................................................................................... 141 

Figure 5.12 Deformation-induced crystallization of amorphous GBs. (a) HRTEM 

image with the corresponding FFT showing dislocations impeded by amorphous 

GBs. The magnified, colored HRTEM image in (b) highlights the rearrangement 

of atoms within the amorphous GB, forming an ordered region associated with 

faulted bands. (c) HRTEM image of a thinned amorphous GB with confined SFs 

inside nanograins. (d) HRTEM image showing crystallization at the connection 

point between nanograins G1 and G2. (e) Atomic Fourier-filtered image of nano 

clusters with ordered structures embedded in the amorphous GBs, serving as 

nucleation sites for crystallization. (f) HRTEM image of dislocations generated 



List of Figures 

XXII  

 

from G1 propagate along SFs and are obstructed by the amorphous phase, 

resulting in dislocation pile-up. (g) Atomic Fourier-filtered image indicates that 

crystallization at the interface connects G1 and G2 through dislocation activities.

 ........................................................................................................................ 144 

Figure 5.13 Microstructure of crystallization-assisted grain coalescence. (a) 

Crystallization of amorphous GBs and partly grain coalescence of G3 and G4. 

(b-c) FFT diffraction patterns of G3 and G4 along ρρπÆÃÃ  direction. (d) 

Atomic Fourier-filtered image of the crystallization area for G3 and G4. (e) A 

typical HRTEM image shows that two nearby nanograins have small 

misorientation angles when they begin to coalesce through dislocation-induced 

faulted bands. (f-g) The corresponding FFT images of G5, G6 and G7, 

respectively, evidencing that G5 and G6 have the same orientation as ρρπ 

direction, while G7 is viewed along ππρ  direction. (h) Atomic Fourier-

filtered image indicates the low misorientation angle at ~10o between G5 and 

G6. (i) The accomplishment of coalescence for G8 and G9 with the same 

orientation of ρρπ is identified in HRTEM. (j) Corresponding atomic Fourier-

filtered image of the selected region from (i), implying the parallel (111) plans 

in the two different nanograins. ...................................................................... 147 

Figure 5.14 (a) HRTEM image of interfacial structures between two adjacent grains 

crossed by SFs. (b) Exx map of amorphous/crystalline grains/SFs taken from 

the white dash square region in (a). (c) Average strains in amorphous/crystalline 

grains/SFs interfaces. ..................................................................................... 148 

Figure 5.15 The schematic diagram of grain growth mechanism through dislocation 

movement. ...................................................................................................... 151 

  



Chapter 1 Introduction 

1 

 

Chapter 1 Introduction  

Throughout history, the exploration for developing new materials has been a key pursuit 

of human civilization [1]. This endeavor has led to the discovery of new metals and the 

invention of various alloys, which have played a crucial role in shaping our world for thousands 

of years. Traditionally, alloys have been developed based on a 'major element' paradigm, where 

one or occasionally two principal elements, such as iron in steel, copper in bronze, or nickel in 

superalloys, form the foundation. Minor alloying elements are then added to enhance the 

properties of the alloys. 

However, a novel concept for alloy design emerged approximately a decade ago [2]. This 

approach involves mixing multiple elements in an equimolar or near-equimolar composition, 

deviating from the traditional 'major element' concept. These specially designed alloys, called 

'high-entropy alloys' (HEAs), were coined by Yeh et al.[3]. The term 'high entropy' signifies 

the high configurational entropy resulting from the random mixing of elements in these alloys. 

Over time, there has been a growing interest in the study of HEAs [4, 5]. Nevertheless, despite 

the increasing research focus on HEAs, the study of HEAs still needs to be improved, and there 

is much more to explore and understand to grasp their potential and applications fully. 

Continued investigation and exploration of HEAs hold great promise for advancing the field 

of materials science and engineering. 
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1.1 High-entropy Alloys (HEAs) 

1.1.1 Definition  

Unlike conventional alloys, HEAs contain multiple elements in equiatomic or near-

equiatomic fractions and the concentration of each element is between 5% and 15% [6]. Instead 

of complicated phases, HEAs tend to have solid solution structures, which are stabilized by 

their high configurational entropy of mixing. The following equation expresses how the 

configurational entropy of mixing increases as the number of composing elements and their 

concentrations rise [7]: 

DSconf = -Rä ni ln(ni )          (1.1-1) 

where ni is the atomic fraction of the ith element and R is the gas constant. Based on that, these 

alloys are divided into the following four categories: (i) HEAs with ȹSconf ḷ 1.61R, (ii) 

medium-entropy alloys (MEAs) with 1.61R ḷ ȹSconf ḷ 0.69R, and (iii) low-entropy alloys 

(LEAs) with ȹSconf Ḷ 0.69R [8].  

Moreover, two parameters were proposed to design HEAs, namely, the atomic size 

difference d and the mixing enthalpy DHmix [9]: 

Ϸ‏ ρππϷВ ὧρ
В

        (1.1-2) 

where ci and ri denote the atomic fraction and atomic radius of the ith element, respectively. 

Ὄ В   ὧὧ В τ Ὄ ὧὧȟȟ     (1.1-3) 



Chapter 1 Introduction 

3 

 

where Ὄ  is the enthalpy of mixing of the binary liquid between the ith and jth elements 

at an equiatomic composition. In general, the formation of a single-phase solid solution 

corresponds to the region -15 kJ/mol < Ὄ  < 5 kJ/ml and 0 < 5 > ‏. Different phases then 

appear with the variation in Ὄ  and ‏. With the further increase in (8<) ‏ and decrease 

in the negative Ὄ  value (< -15 kJ) [9]. 

The high-entropy phases like solid-solution phases are normally stabilized by high-

entropy effect, which also form intermetallic compound phases for equi- or near-equi-atomic 

alloy compositions. The Gibbs free energy of mixing is listed [8]: 

Ὃ Ὄ Ὕ Ὓ     (1.1-4) 

where Ὄ  and Ὓ  are the enthalpy of mixing and entropy of mixing, respectively. 

Although increasing the number of constituent elements in an alloy enhances configurational 

entropy, which can promote the formation of solid solutions. However, the Ὄ  depends 

on atomic size mismatch, chemical affinities, and electronic interactions among components. 

This entropic effect competes with enthalpic contributions, and does not guarantee solid 

solution stability in all cases. A highly positive Ὄ  can outweigh the entropic contribution, 

leading to phase separation or the formation of intermetallic compounds, even in systems 

containing multiple principal elements.  

According to the Gibbs phase rule, the number of phases (P) in a given alloy at constant 

pressure in equilibrium condition is [10]: 
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P=C+1-F        (1.1-5) 

The number of components (C) and the maximum number of thermodynamic degrees of 

freedom (F) in a system are linked by certain constraints. However, it is noteworthy that not all 

multi-component alloys in an equal molar ratio will form solid solution phases at the center of 

the phase diagram. The formation of solid solutions, rather than intermetallic compounds, is 

limited to carefully selected compositions that meet specific criteria for HEA formation. 

Given the equimolar nature of HEAs, differentiating the solvent from the solute based on 

Gibbs phase rules can be challenging. Consequently, many multi-principal-element alloys tend 

to form simple phases, such as bcc or fcc solid solutions, leading to a considerably reduced 

number of phases compared to the maximum possible. This phenomenon suggests that the high 

entropy characteristic of HEAs widens the solution limits between the constituent elements, 

favoring the formation of high-entropy phases, i.e., solid-solution phases, over intermetallic 

phases. Intermetallic phases, in contrast, typically exhibit organized structures with low 

configurational entropy. 

The periodic table comprises a total of 118 elements that have been verified, of which 72 

elements are classified as neither noble gases, halogens, nor radioactive [1]. Consequently, 

these 72 elements offer potential for utilization in the alloying of HEAs [1]. The versatility of 

HEAs is reflected in the extensive range of elements employed, with over 37 elements being 

utilized in the creation of numerous HEA compositions. Notable among these elements are Fe, 

Ni, Cr, Co, Al, Cu, Ti, Mn, V, Zr, Mo, Nb, Si, Ta, and Sn, which have demonstrated significant 
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contributions to HEA development [7]. In the early stages of HEA composite formulation, 

particular emphasis was placed on the utilization of Fe, Ni, Cr, Co, Cu, and Mn as primary 

constituent elements. Notably, approximately 85% of 3d transition metal-based HEAs 

incorporate a minimum of four elements in Figure 1.1, selected from Al, Co, Cr, Cu, Fe, Mn, 

Ni, Ti, and V [11]. On the other hand, refractory elements characterized by relatively large 

atomic sizes, such as V, Zr, Mo, Nb, and Ta, are frequently employed in the fabrication of bcc-

structured refractory HEAs (RHEAs) [12]. 

 

Figure 1.1 Periodic table of elements used in HEAs [7]. 

1.1.2 Notable HEAs 

Single-phase, solid-solution HEAs with fcc, bcc, hcp and orthorhombic crystal structures 

have been identified [2].  

1.1.2.1 fcc-based HEAs 
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The equiatomic fcc-based CoCrFeMnNi HEA, known as the Canter alloys, was proposed 

as single-phase fcc solid solution, which is one of the most widely studied HEAs [13, 14]. The 

Cantor alloys exhibit excellent properties at room temperature, high temperature and cryogenic 

temperature. As shown in Figure 1.2(a), with enhanced work-hardening rate, the strength and 

ductility increased with the decrease of temperature, with ultimate strength and elongation at 

cryogenic temperature in excess of 1 GPa and 60%, respectively [15, 16].  

 

Figure 1.2 (a) Representative engineering stressïstrain curves of the CoCrFeMnNi alloy at the 

six testing temperatures [16]. (b) Stress-strain curves and (c) normalized strain hardening 

curves of different equiatomic HEAs [17]. (d-g) Representative TEM BF images of tensile test 

specimens of the CoCrFeMnNi HEAs with planar slip of 1/2<110>-type dislocations on the 

{111} planes [16]. 

Based on the empirical verification of the HEAs, it is proposed that the microstructure has 

a significant effect on critical property, including the dislocation mobility and stacking-fault 

energy (SFE), processing method and so on. Currently, it is well-established that three primary 
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deformation mechanisms (dislocation slip, deformation-induced twinning, and deformation-

induced martensitic transformations) play crucial roles in materials. These mechanisms are 

significantly influenced by the SFE and the conditions of deformation temperature and pressure. 

For metals with low SFE values, the difficulty of cross-slip facilitates the occurrence of 

deformation-induced twinning and martensitic phase transformations as ways to accommodate 

the applied strain during deformation [18]. Basically, the deformation mechanism of Cantor 

alloys is mainly accomplished by dislocation slip as the high activity of slip systems. For 

example, the plastic deformation occurred exclusively through the planar gliding of dislocation 

1/2<110> on the {111} planes denoted in Figure 1.2(d-g), the slip became more homogeneous 

as the strain increased, leading to the development of cell structures [16]. 

Consequently, several variants derived from the equimolar Cantor alloy, either with fewer 

alloying elements or non-equimolar compositions, have been developed [13, 19]. One of the 

underlying motivations for these variants was to minimize the SFE, thereby facilitating the 

occurrence of phase transformation and/or deformation twining [20]. This deliberate approach 

aimed to create materials that possess enhanced potential for strain-hardening, as exemplified 

by the equiatomic CrCoNi medium-entropy alloy [21]. Through subjecting the single-phase 

CrCoNi alloy to cold work followed by partial recrystallization, a notable enhancement in yield 

strength beyond 1 GPa has been achieved; however, this improvement came at the expense of 

reduced tensile ductility, which decreased to approximately 20-30%. In comparison to the 

Cantor alloy, the CrCoNi alloy displayed a lower SFE and higher yield strength, rendering it 
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more susceptible to reaching the twinning stress and exhibiting abundant nano-twinning. 

Another example is the non-equiatomic Fe-Mn-Co-Cr-Ni HEA in Figure 1.2(b-c), that 

primarily underwent planar dislocation slip during the initial stages of deformation and 

subsequently experienced deformation twinning at high strains (>10%) at room temperature 

[18, 22]. Conversely, within the equiatomic Cantor alloy, such twinning behavior is typically 

observed only under cryogenic conditions or applying exceedingly high strains. The non-

equiatomic multi-component Cr-Mn-Fe-Co-Ni HEAs have been developed with the addition 

of interstitial elements like C, N and O [15, 23], which displayed distinct deformation 

mechanisms include forming planar slip substructures at low strain levels and intricate cell 

structures characterized by high dislocation-density walls at higher strains. 

Kim et al. [24] investigated the transformation of deformation mechanisms at room 

temperature and 223 K. The results revealed that at room temperature, the alloy primarily 

exhibits deformation twinning, whereas at the lower temperature of 223 K, strain-induced hcp 

phase transformation occurs. Despite the different deformation mechanisms, the alloy showed 

relatively large elongation at both temperatures (48% and 55%), with a higher strain hardening 

rate at the lower temperature, as illustrated in Figure 1.3. The formation of the hcp phase at 

lower temperatures enhanced the ability of interface to impede dislocation motion, thereby 

increasing the strain hardening rate. This temperature-dependent shift in deformation 

mechanisms is linked to a decrease in SFE. Additionally, the alloy displayed a complex 

dislocation structure at varying temperatures, including extended dislocations, dislocation 
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loops, high-density dislocation walls, and subgrain structures, all of which significantly 

influence the mechanical properties of the alloy. 

 

Figure 1.3 Mechanical properties of Fe40Mn40Co10Cr10. (a) Engineering stress-strain curves 

at 273 K and 223 K and (b) strain hardening rate curves. (c) XRD patterns and (d-e) EBSD 

micrographs of the material deformed at 223 K [24]. 

1.1.2.2 bcc-based HEAs 

Compared with fcc-based Cantor-based HEAs, the RHEAs composed of refractory 
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elements with high melting pointed were developed with the increased requirements of 

applications. The RHEA compositions that are most frequently used are HfNbTaTiZr, 

MoNbTaW, MoNbTaVW, NbTiVZr, AlMoNbTaTiZr [11]. For example, the most well-known 

HfNbTaTiZr RHEA with single bcc phase showed high compressive yield strength (ů0.2 = 929 

MPa) and ductility (Ů > 50%) with considerable strain hardening and homogeneous 

deformation [25]. Notably, the HfNbTaTiZr RHEA exhibits asymmetrical strain-hardening 

behavior under compression and tension, primarily due to distinct deformation mechanisms 

and internal microstructure evolution under different loading conditions. Typically, the 

compressive stress-strain curve exhibits a higher strain hardening rate compared to tension. 

Under compression, the samples can sustain continuous plastic deformation until fracture 

occurs due to accumulated plastic strain and structural instability [26]. The compressive stress 

state suppresses crack propagation and enhance plastic stability. In contrast, under tensile 

loading, necking occurs in the fracture region, leading to localized deformtation and early crack 

initiation, which limits the strain hardening [27]. Moreover, tension tends to favor dislocation 

slip-dominated deformation, while compression promotes shear-dominated mechanisms that 

can accommodate larger plastic strains. 

Then Senkov et al. [28] continued investigating the microstructure and mechanical 

properties of Nb25Mo25Ta25W25 and V20Nb20Mo20Ta20W20 RHEAs, which maintained 

single bcc structure after annealing at 1400 ÁC for 19 h. Based on the mechanical properties of 

coarse grains, plastic deformation like cold rolling was used to control grain size, thereby 
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enhancing the mechanical properties with yield stress at 1145 MPa and ultimate tensile strength 

at 1262 MPa, as shown in Figure 1.4 [29].  

 

Figure 1.4 (a) X-ray diffraction patterns for HfNbTaTiZr (b)True stress-strain curves of as-

cold-rolled and rolled-and-annealed sheet of HfNbTaTiZr [29]. 

The CrMoNbV RHEA was designed with excellent high-temperature strength which 

exceeds 1000MPa at1273K [30]. This outstanding high-temperature strength originates from 

the large atomic size and elastic modulus mismatch, temperature-insensitive elastic constants, 

and the predominance of non-screw dislocations pinned by vital solute atoms. The addition of 

Cr elements (smaller atomic radius, larger shear modulus) and Mo elements (smaller shear 

modulus) is the main reason for the large mismatch in atomic size and elastic modulus. The use 

of tempering elements Nb and V with temperature-insensitive elastic constants also helps the 

alloy maintain excellent mechanical performance at high temperatures. Moreover, the 

dislocation slip is one of the essential deformation mechanisms. The bcc structure of these 

alloys provides multiple slip systems, allowing for plastic deformation, with dislocations 

typically moving on {110} planes in Figure 1.5 [30]. 
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Figure 1.5 Mechanical properties of the CrMoNbV alloy as (a) room temperature and (b) 

elevated temperature (573 K- 1273 K). (c-e) TEM images of dislocations with different g 

vectors along the zone axes of [111] or [110] [30]. 

Therefore, based on the abovementioned representative HEAs, it is evident that phase 

composition plays a pivotal role in governing the mechanical response of these alloys. One 

effective empirical approach to estimate phase stability is through the valence electron 

concentration (VEC), which is calculated as follows [31]: 

ὠὉὅ В ὧὠὉὅ    (1.1-6) 

The crystal structure of HEAs correlates strongly with VEC. Alloys with VEC Ò 6.87 generally 



Chapter 1 Introduction 

13 

 

favor the formation of bcc structures, whereas fcc phases are typically stabilized when VEC Ó 

8.0. In the intermediate range (VEC å 4.09ï4.18), a combination of bcc and hcp phases can be 

observed. These phase types directly influence mechanical behavior. Fcc-structured HEAs 

usually exhibit higher ductility and lower strength due to the abundance of slip systems 

facilitating dislocation motion. In contrast, bcc-structured HEAs possess fewer slip systems 

and are subject to higher Peierls stress [32], which is the lattice resistance to dislocation motion, 

leading to reduced dislocation mobility. Consequently, bcc-phase HEAs tend to exhibit greater 

strength and hardness but limited ductility [33]. For example, the AlCoCrFeNi alloy modified 

with 5 wt% NiTi forms a dual-phase (fcc + bcc) lamellar eutectic structure [34]. The increased 

bcc phase fraction, combined with the strengthening effect of NiTi particles, results in a low 

wear rate of 0.71 Ñ 0.01 mmį/NĿm, demonstrating the performance advantages conferred by 

tailored phase composition. Furthermore, mechanical properties can be further tuned by 

adjusting the alloying elements to manipulate the VEC. Specifically, incorporating elements 

with lower valence electron counts, such as Mo and Nb, into bcc-based HEAs decreases the 

ideal shear strength, thus promoting dislocation activity and improving ductility [35].  

1.1.3 Properties and Applications of HEAs 

1.1.3.1 Mechanical Properties of HEAs 

The HEAs offer numerous remarkable features, including high strength [22, 36, 37], high 

fracture toughness at different temperatures [38, 39], enhanced thermal stability [40] and strong 

corrosion resistance [41]. Their unique structure and balanced elemental composition endow 
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HEAs with exceptional mechanical and physical properties.  

(1) Mechanical behavior at room temperature: In engineering area, ideal HEAs could typically 

satisfy the requirements of low density and high strength/hardness, particularly for structural 

applications in civil transportation and aerospace engineering, where reducing the weight of 

components is crucial for energy efficiency [9]. Figure 1.6(a) shows maps of yield strength 

versus Vickers hardness, placing HEAs in the top-right region, indicating their superior yield 

strength and hardness compared to traditional materials like stainless steel, magnesium, nickel 

alloys, and glasses [8]. Moreover, the mechanical properties of HEAs vary significantly 

depending on their phase composition, as shown in Figure 1.6(b-c) [35]. Different content of 

Mo was added in CrMnFeCoNi to form sigma phase, which increased yield strength from 

216MPa to 765MPa [42]. Similarly, the fine orthorhombic needle-like plates within bcc 

Al10Hf25Nb5Sc10Ti25Zr25 HEAs exhibited ultimate strength at 1240MPa, which revealed 

that twins and hcp plates play a crucial role in plastic deformation and strengthening of the 

materials [43]. 
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Figure 1.6 (a) Maps showing the range of yield strength versus HV for structural materials [8]. 

(b) tensile strength vs elongation and (c) compressive strength vs compressive strain of HEAs 

composed with different phase [35]. 

(2) Mechanical behavior at wide temperature range: As discussed earlier, the fcc-based 

CrMnFeCoNi alloy is one of the most HEA in terms of mechanical properties at room 

temperature and below. These HEAs exhibit a strong temperature dependence, with yield 

strength increasing as temperature decreases [44]. This is due to a shift in the deformation 

mechanism from single dislocation movement to a combination of deformation-induced 

twinning and dislocation gliding. Conversely, TaNbHfZrTi RHEAs demonstrate continuous 
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strain hardening and good ductility at high temperatures [45]. The yield strength of this alloy 

ranged from 929 MPa at 296 K to 92 MPa at 1473 K. The mechanical behavior of HEAs at 

elevated temperatures is illustrated in Figure 1.7 (a) [35]. Compared to traditional metals, the 

HEAs maintain good mechanical properties at temperatures exceeding 600ÁC. Currently, the 

AlCoCrFeNi HEAs were introduced as hypoeutectic, eutectic and hypereutectic states by Guo. 

et al [46], which showed good mechanical properties with stable phase boundaries achieved in 

a wide compositional range, and at both room and cryogenic temperatures, as shown in Figure 

1.7 (b). 

 

Figure 1.7 (a) Specific strength vs. temperature of HEA with respect to conventional high 

temperature materials [35]. (b) Engineering tensile stress-strain curves of AlCoCrFeNix(x = 

2.0, 2.1 and 2.2) alloys at RT, at -70 oC, and at -196 oC [46]. 
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(3) Creep behavior: The creep behavior of a number of HEAs has been studies in a range of 

temperature, for example, dislocation creep behaviors of CoCrFeMnNi at room temperature 

[47], time-dependence plastic deformation behavior of nanocrystalline and coarse-grained 

CoCrFeMnNi [48], creep behavior of the AlTiVNbZr0.25 HEAs by employing the uniaxial 

stress-relaxation tests at 1073K [49]. The creep characteristics are typical for class A behavior 

with viscous glide by interaction of dislocations and specific atoms [49]. The quasi-stationary 

creep rate obeys a three-power law and the transients after stress changes are inverted. 

(4) Fatigue behavior: Given that many potential applications for HEAs, such as aircraft engine 

components, frequently encounter cyclic loading, the fatigue properties of HEAs are critically 

important. Generally, fatigue failures occur through the fundamental stages of crack initiation 

and propagation, and the fatigue mechanism of different crystal structure in HEAs are 

compared in Figure 1.8 [50]. For example, the fatigue behavior of wrought Al0.5CoCrCuFeNi 

HEAs with dual fcc phases has been investigated in terms of high-cycle stress-lifetime (S-N) 

relations and fatigue strength. This assessment involved conducting four-point bending fatigue 

tests at room temperature with a stress ratio (R) of 0.1, where R is defined as the ratio of applied 

minimum stress (ůmin) to maximum stress (ůmax). The fatigue-endurance limit and the ratio of 

fatigue-endurance limit to ultimate tensile strength were determined to be within the ranges of 

540-945 and 0.402-0.703, respectively [51]. Additionally, the impact of temperature on fatigue-

crack growth was examined for the CrMnFeCoNi HEAs, utilizing disc-shaped compact-

tension specimens subjected to a load ratio of R=0.1 [52]. The lower fatigue ratios of HEAs 
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are notably superior to those of steels, titanium, and nickel alloys, and they also outperform 

zirconium alloys and certain Zr-based bulk metallic glasses. 

 

Figure 1.8 Schematic illustration of the fatigue mechanism in the (a) fcc-based, (b) bcc-based, 

(c) metastable with phase transformation from fcc to hcp and (d)multi-phase HEAs [50]. 

 

(5) Wear behavior: Wear is a significant problem limiting the lifetime of metallic components 

in a variety of functional and structural applications. As a result, the development of novel 

metallic alloys with excellent wear resistance is in high demand to ensure the reliability, 

longevity, and efficiency of metallic contacts in severe situations. This enhancement is 
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attributed to its high hardness, which not only prevents plastic deformation and delamination 

but also contributes to oxidative wear resistance, facilitated by the formation of an oxide film. 

For example, the wear performance AlCoCrFeNi HEAs was enhanced with the increase of 

temperature as the formation of a compact oxides in the contact region and a precipitation 

strengthening in the subsurface [53]. The TiZrNbTaMo HEAs exhibited superior dry- and wet-

wear resistance with low wear rates at 3Ĭ10-7 mm3ĿN-1Ŀmm-1 and 2.6Ĭ10-7 mm3ĿN-1Ŀmm-1, 

respectively [54]. 

1.1.3.2 Applications for HEAs 

HEAs have the potential to be employed in a wide range of applications, including structural 

and functional materials. Additionally, HEAs can be used with liquids, polymers, and even 

ceramics [10]. With excellent wear and corrosion resistance, HEAs can be used as coasting to 

resist the high-temperature friction and corrosion. Besides, the introduction of Al and Cr 

elements into HEAs, for example, AlCoCrFeNi2.1 HEAs, enhanced the oxidation resistance 

and corrosion resistance of HEAs [55], which exhibited potential power to be ice-breakers, 

pipelines in ships, motor housing, valves, offshore oil platform, acid pump components, instead 

of copper alloys and stainless steels, and be complex structural castings requiring both excellent 

mechanical properties and corrosion resistance. Moreover, the fcc-based HEAs can keep 

superior mechanical properties in a wide range of temperatures from 77K to as high as 1000K. 

In addition, the RHEAs and some eutectic HEAs could be helpful to for thermal barrier coatings 

and heat-resistant/ wear-resistant coatings as they have excellent high-temperature mechanical 
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performance [56]. As a new class of metal materials containing multi-principal elements, HEAs 

demonstrate unique and attractive engineering properties. 

Another promising application for HEAs is functional materials. For instance, adding 

lightweight elements can reduce the density of HEAs, making them suitable for mobile devices, 

battery anodes, and the transportation industry. Additionally, the excellent damping properties 

of certain HEAs make them ideal for manufacturing shock absorbers [31]. Furthermore, HEAs 

with lamellar structures can exhibit magnetoresistance between hard and soft magnetic phases. 

In summary, HEAs, with their tailored structures and properties, can potentially revolutionize 

metallic materials. 

1.2 Strategies to Improve Mechanical Properties 

Like traditional polycrystalline metals and alloys, HEAs derive their primary strength 

from inherent lattice friction, which impedes dislocation motion. Additionally, they benefit 

from multiple strengthening mechanisms such as solution strengthening, precipitation 

strengthening, grain refinement, phase transformation-induced strengthening, and deformation 

twin strengthening, further enhancing their mechanical properties. 

1.2.1 Grain-boundary strengthening  

Grain boundary (GB) plays a crucial role in impeding dislocation movement during the 

plastic deformation process. This strengthening effect is due to two microstructural factors: the 

requirement for dislocations to change direction at GBs because of varying grain orientations 
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and the discontinuity of slip planes between adjacent grains [12]. Based on the classical Hall-

Petch relationship, it is known that reducing grain size can increase pinning points impeding 

the propagation of dislocations. The Hall-Petch equation between yield stress (ů) and grain size 

(d) is listed below:  

„ „ ὯὨ Ⱦ    (1.2-1) 

where ů0 is the intrinsic stress, d is the grain size and ků is the Hall-Petch coefficient. Numerous 

disordered GBs necessitate more energy for dislocation to traverse into adjacent grains. This 

impediment restricts dislocation movement within slip planes, reducing plasticity and 

increasing strength. Additionally, grain morphology significantly affects the GB strengthening 

mechanism. Coarse grains weaken GBs and inter-grain bonding, leading to rapid deterioration 

of thermo-plasticity in the solidified microstructure. Therefore, refining grains hinders 

dislocation motion by providing more obstacles and increasing the GB fraction relative to grain 

volume, effectively restricting interaction between GB and dislocations, as shown in Figure 

1.9(a) [57]. The comparison of synergistic strength and ductility for various HEAs, MEAs, and 

traditional nanocrystalline alloys with different compositions is shown in Figure 1.9(b) [58]. 

While increased strength typically results in decreased ductility, like traditional nanocrystalline 

alloys, grain refinement notably enhances the strength of HEAs. 
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Figure 1.9 (a) Interactions between GBs and dislocations in the CrFeCoNiPd HEAs [57] (b) 

Strength-ductility synergy in single phase HEAs, MEAs and traditional nanocrystalline alloys 

with compositional variations [58]. 

For instance, the research results of fully recrystallized CrCrFeMnNi HEAs with different 

grain size ranging from 503 nm to 88.9 nm showed that yield strength significantly increased 

from 236 MPa to 888 MPa, and the strain-hardening curves changed as well, as shown in Figure 

1.10 [59]. For materials with low SFE, strain-hardening is sensitive to grain size as the 

dislocation and deformation twin could be activated at different strains. Similarly, the grain 

size of HfNbTaTiZr RHEAs was controlled by heat treatment [60], which increased both 

strength and ductility as the grain growth rate was controlled by the slowest element, i.e., Nb 

and Ta, of these materials. 
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Figure 1.10 (a) Tensile true stress-strain curves and (b) strain-hardening rate curves of 

CoCrFeMnNi HEAs with different grain sizes [59]. 

Moreover, grain refinement can be applied to reinforce the effect of twinning and phase 

transformation during deformation process. The TWIP effect was activated in 

Cr20Mn15Fe34CoNi11 HEAs after grain refinement, which simultaneously increased strength 

and maintained ductility [61]. When the grain size is reduced to ~1.5 ɛm, the deformation 

twinning ensures a high strain hardening rate at high strain levels to keep a high uniform 

elongation. Furthermore, apart from plastic deformation, reducing grain size can also be 

accomplished through introducing new elements, i.e. carbon in HEAs. A series of 

(AlCoCrFeNi)100ïxCx (x = 0ï8, atomic ratio) HEAs were prepared to reduce grain size from 

~250ɛm to 50ɛm with the alloying effects of C, which increased yield strength from 1120MPa 

to 1426MPa [62]. Yang et al. introduced a unique disordered interfacial nanolayer at GBs 

between adjacent micrometer-scale superlattice grains in 

Ni43.9Co22.4Fe8.8Al10.7Ti11.7B2.5 alloys, as shown in Figure 1.11 [63]. This nanolayer is a 
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persistent source of toughness by facilitating dislocation migration, effectively preventing 

brittle fractures at GBs. As a result, the alloy demonstrates remarkable mechanical properties, 

including ultra-high strength (1.6 GPa) and 25% tensile elongation at room temperature, along 

with excellent thermal stability and resistance to softening. 

 

Figure 1. 11 (a) High-resolution HAADF-STEM image revealing the ultrathin disordered layer 

at the GBs with a nanoscale thickness. (b) Atomic-resolution HAADFSTEM image and 

corresponding EDX maps taken from the inner L12-type OSG, revealing the sublattice 
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occupations. (c-d) stress-strain curves and the yield strength versus uniform elongation 

compared with other bulk ordered alloys [63]. 

1.2.2 Deformation-induced Phase transformation and Twinning 

Strengthening  

The transformation-induced plasticity(TRIP) and twinning-induced plasticity (TWIP) 

observed in some steels have been employed in HEAs to improve strength and ductility as the 

metastability of the parent phase. Because the parent phase is metastable, it can partially change 

into a new phase when subjected to thermal processing or, more typically, plastic deformation. 

Currently, metallic alloys can be metastable by tuning their SFE, practically through adjusting 

the chemical composition or changing the deformation temperature. More interfaces and 

boundaries could be introduced, which offers fewer accessible paths for dislocation movement, 

thus contributing to strengthening.  

An example of metastability-engineering was found in fcc-based non-equiatomic Fe80-

xMnxCo10Cr10 (x= 45 at%, 40 at%, 35 at% and 30 at%) HEAs [22]. The parent fcc phase in 

this system is metastable by reducing the content of Mn with the phase transformation from 

fcc to hcp. The twins and dual phase can be achieved when the content of Mn is decreased to 

40 at% and 30 at%, respectively, which is in line with the rule of decreasing SFE. In Figure 

1.12, deformation-induced martensitic transformation (fcc Ÿ hcp) is the primary deformation 

mechanism in Fe50Mn30Co10Cr10 HEAs at the early stage of deformation, which increases 

additional obstacle of phase boundary to prohibit dislocation movement, thus causing strain 
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hardening. When the content of fcc decreases significantly at high strain, the hcp phase plays 

an essential role in the plastic deformation and strain hardening by contributing to dislocation 

slip, twinning, and stacking faults. Therefore, this enabled TRIP HEAs to display excellent 

strength-ductility tradeoff. 

 

Figure 1.12 The evolution of deformation mechanism of TWIP- TRIP HEAs: (a) XRD patterns 

and EBSD phase maps and (b) Mechanical properties of Fe80 ī xMnxCo10Cr10 (x=45 at%, 

40 at%, 35 at% and 30 at%) HEAs [22]. 

Similarly, the phase transformation fcc Ÿ hcp also can be found in 

Fe40Mn10Co20Cr20Ni10 HEAs [64], 49.5Fe30Mn10Co10Cr0.5C HEAs [65] and 

Fe42Mn28Co10Cr15Si5 HEAs [66]. Another important phase transformation case is fcc Ÿ 

bcc transformation, as that activated in the Fe60Co15Ni15Cr10 HEAs [67] at cryogenic 

temperatures. The bcc nucleated at the intersections of shear bands in grain with the fcc phase 

and gradually grow up to offer abundant barriers for dislocation movement (Figure 1.13). The 

initial phase constitution of a metastable HEA can be either a single parent phase or a dual 

phase.  
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Figure 1.13 Microstructure evolution during 77K-deformation of the alloy Fe60Co15Ni15Cr10 

with respect to an increase in tensile strains [67]. 

Moreover, the TRIP effect has been utilized in bcc-based HEAs to enhance ductility by 

introducing a secondary phase. Huang et al. [68] fabricated TiZrHfTax (x = 1, 0.6, 0.5, 0.4) 

HEAs with varying Ta content to destabilize the bcc phase. A single bcc phase is obtained in 

the quaternary equiatomic TiZrHfTa HEAs, while more hcp phase is detected as the Ta content 

decreases, as shown in Figure 1.14. This increase in the hcp phase content significantly 

improves the ductility of the specimens, with the uniform strain increasing by over 27%. The 

phase transformation alleviates stress localization at the interface between the bcc and hcp 

phases, facilitating plastic deformation and preventing early crack formation. The TRIP effect 

endows HEAs with multiple-stage strain hardening dominated by dislocation slip or 
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martensitic phase transformation, which eventually increases strength and maintains ductility 

simultaneously. The strengthening effect of two phases can be expressed as, i.e. [12], 

Ў„ „ Ὢ „ Ὢ     (1.2-2) 

where ůpar, and ůmar are the strengths of the parent and martensitic phases, respectively. fpar and 

fmar are the volume fractions of the parent phase and the martensitic phase, respectively.  

 

Figure 1.14 (a) Microstructure of TiZrHfTax HEAs with different content of Ta. (b) 

Representative tensile true stressïstrain curves. (c) The corresponding strain-hardening rate 

curves. 
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The enhancement of strength and strain hardening by twins has also been reported in 

various HEA systems, such as the fcc-based CrMnFeCoNi [61] and the AlCoCrFeNi [69] HEA 

with L12 and B2 phases. For example, the research results of tension test of AlCoCrFeNi2.1 

HEA revealed that deformation twinning is the primary mechanism dominating the plastic 

deformation [69]. With the twin-twin deformation mechanism, the alloy can exhibit excellent 

mechanical properties at high temperatures. Similarly, during the deformation process at low 

temperatures, the twinning deformation mechanism accompanied by limited prior slip was also 

activated in FeNiCoCrMn HEAs [70]. Su et al. [65] investigated that twinning in the parent fcc 

grains made the primary contribution to the improvement in the yield strength of the 

microstructures created by tempering and annealing in the interstitial TRIP-TWIP 

Fe49.5Mn30Co10Cr10C0.5 HEAs with the phase transformation from fcc to hcp. In the TRIP-

TWIP HEAs with low SFE, which exhibit fcc Ū hcp martensite phase transformation and 

deformation twins, the phase boundaries and twin boundaries significantly contribute to the 

improved yield strength, sometimes even more so than grain refinement [71]. For example, a 

decrease in grain size leads to a reduction in twin thickness and an increase in twin spacing in 

Al . CoCrFeNi HEA, as illustrated in Figure 1.15 [72]. Grain refinement significantly inhibits 

the twinning activity in this recrystallized HEA, which reduces the development of twinning 

on strain-hardening ability and tensile ductility. 
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Figure 1.15 (a) Twins in Al0.1CoCrFeNi HEAs; (b) the twin thickness and (c) twin spacing 

distributions of the as-cast and recrystallized HEAs; (d) the average values of twin thickness 

and twin spacing versus mean grain size [72].  

The strengthening effect of twins can be accomplished via the blockage of twin boundaries 

to dislocation movement, therefore, the twin spacing plays a vital role in deciding the 

strengthening effect of twins. Thus, the strengthening effect of twins can be typically 

characterized by a Hall-Petch-type equation [12, 65, 73], denoted as 

Ў„ ὪὯ ‗
Ⱦ
     (1.2-3) 

where ktb is the twin boundary strengthening coefficient, ft is the volume fraction of the grains 
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with twins and ɚt is the average twin spacing (i.e., the average twin thickness). 

Normally, the strengthening mechanism in HEAs is a combination of different ways rather 

than a simple method as the complicated microstructures and element composition in HEAs, 

for example, in the Cr26Mn20Fe20Co20Ni14 [74], Fe50Mn30Co10Cr10 [75]and 

Fe40Mn40Co10Cr10 [76] HEAs. The strengthening mechanisms include phase transformation, 

deformation twinning and dislocation slipping, which are responsible for the extraordinary 

ductility and strain hardening capability. Deformation twins offer more obstacles against 

dislocation motion via cut-free path of dislocation, resulting in increased stress. Meanwhile, 

the lamellae twin became thinner with the increased density of TBs, which retains the 

dislocations motion.  

1.2.3 Solid Solution Strengthening  

HEAs comprise several principal elements, primarily forming a random solid solution. 

Incorporating solute atoms into the solvent matrix enhances the mechanical properties of HEAs 

through a mechanism known as solid solution strengthening [77]. This strengthening 

mechanism arises from interactions between solute atoms and gliding dislocations. 

Consequently, solid solution strengthening significantly contributes to the high yield strength 

(YS) observed in some HEAs, with approximately half of the YS attributed to solid solution 

strengthening and the other half to additional strengthening effects, i.e. grain boundary 

strengthening [78]. The solid solution strengthening in (CoCrNi)94Al3Ti3, caused by the 

addition of substitutional Al and Ti solutes, which increased yield strength to ~750 MPa and 
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tensile strength of ~1.3 GPa, while maintaining ~45% ductility, as shown in Figure 1.16(a-c) 

[79]. High-density stacking faults prevail in the precipitation-hardened alloys, as denoted in 

Figure 1.16(d-e). Solid solution strengthening in binary or multicomponent alloys resulted 

from variations in lattice coordinates relative to ideal positions, with lattice distortion induced 

by different elements considered a fundamental factor in the general formulation of solid 

solution strengthening for both binary and highly concentrated alloys [80]. 

 

Figure 1.16 (a) Engineering stress-strain curves and (b)the corresponding strain hardening rate 

of the CoCrNi and (CoCrNi)94Al3Ti3 MEAs. (c) Ni, Ti, Al, Co and Cr atom maps in a typical 

APT tip of (CoCrNi)94Al3Ti3 MEAs. (d-e) Prevalence of SFs with the solid solution 

strengthening [79].  

Moreover, adding interstitial elements like C, N, O and B is an effective method to trigger 

solid solution strengthening. For example, Son et al. [81] studied the impact of co-doping 

interstitials on the mechanical properties of HEAs through doping CoCrFeMnNi HEA with B 
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and N, which significantly increased its yield strength by approximately 95%, while 

maintaining substantial ductility at around 49.8%. The segregation along GB decreases the 

phase stability and activate phase transformation, thereby improving the plasticity. Similarly, 

the interstitial elements (oxygen, carbon, nitrogen) existed in the highly distorted substitutional 

solid solution matrix in the form of solid solution, rather than forming brittle ceramic phases, 

which resultes in high YS at 4.2GPa and elongation at 65% in TiNbZr-O-C-N HEA [80], as 

shown in Figure 1.17(a-d). The pillars with high content of interstitial elements depict a good 

deformation ability without obvious shear band. Besides, Liu et al. [80] calculated the 

contribution of these interstitial elements enriched in different regions in Figure 1.17(e-f): O, 

N, and C solid solution strengthening are 2.2 GPa,0.7 GPa, and 0.3 GPa, respectively. The 

interstitial strengthening in this RHEA maintains ductility due to the highly distorted substitute 

solid solution matrix, which incorporates many interstitial elements without forming brittle 

phases. 
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Figure 1.17 Mechanical properties of TiNbZr-O-N-C HEAs with different content of O. (a) 

Compressive engineering stress-strain curves. (b) Load-displacement curves measured by 

bending. SEM images of (c) micro-pillar and (d) cantilevers after deformation. (e) 3D 

reconstruction of a typical APT specimen taken from the deformed material. (f) Compositional 

profile acquired from APT [80].  

1.2.4 Precipitation Strengthening  

Precipitation strengthening is widely utilized to enhance the mechanical properties of 

metallic materials [82]. This technique utilizes the solid solubility of solute atoms at specific 

treatment temperatures, where the formation of dispersed particles or secondary phases 
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interacts with defects to produce a hardening effect. The function of precipitation strengthening 

is determined by the capacity to generate a high density of uniformly distributed nanoscale, 

strong precipitates, either through thermo-mechanical processing or subsequent heat treatment 

[83]. The development and processing of various HEAs focus on optimizing and maximizing 

this precipitation process to enhance their mechanical properties. 

So far, the formation of advantageous precipitates like L12 precipitate, B2 precipitate, ů 

precipitate, carbide precipitate and so on induced by composition variation contributes to 

enhancement of strength in HEAs [84, 85]. It is found that Ni, Fe, Cr, Co, and Al are widely 

applied elements in nanoprecipitate-strengthened HEAs [85]. Yang et al. [86] proposed a 

method to introduce high-density, ductile multi-component intermetallic compound 

nanoparticles (MCINPs) into complex alloy systems by uniformly distributing L1  precipitates 

within an fcc-based FeCoNi HEA matrix through minor additions of Ti and Al. This MCINP-

reinforced alloy demonstrates exceptional mechanical performance, achieving ultra-high 

strength of up to 1.5 GPa and a significant elongation of up to 50% at room temperature, 

thereby overcoming the typical trade-off between strength and ductility (Figure 1.18). The 

controlled nanoscale precipitation and in-situ toughening of MCINPs via manipulation of 

order-disorder phase transformation and elemental partitioning contribute to the mechanical 

performance. The coherence of MCINPs with the matrix fosters a unique multi-stage work-

hardening behavior, effectively mitigating plastic instability typical in high-strength materials. 
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Figure 1.18 (a) The precipitates used in HEAs and (b) the ordering crystallographic structure 

and site occupancy of the L12 MCINP by density functional theory (DFT) calculations of the 

Al7Ti7 alloy. (c) Engineering stress-strain curves. (c) work hardening rate curves of the 

MCINPS alloys [86].  

The precipitates are introduced with the change of element composition; however, the phase 

stability is changed together. Wang et al. [87] investigated the relationship between heat 

temperature and phase transition in Al0.5Cr0.9FeNi2.5V0.2 HEAs, and discovered a sequence 

of phase transition fcc Ÿ fcc + L12 + bcc Ÿ fcc + L12 + bcc + B2 Ÿ fcc + B2 Ÿ fcc when the 

temperature increased from 200 ÁC to 1100 ÁC. The L12 precipitates are unstable at extremely 

high temperatures, limiting the application of precipitation strengthening of L12 below a critical 

temperature. The size of L12 increases from 93.7 nm to 780.4 nm from 800 ÁC to 1000 ÁC with 

a corresponding decrease of volume fractions of about 37ï17% as the GB stabilization slows 

the elemental diffusion [88]. Moreover, the introduction of B2 precipitates in the 
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Al0.5CoCrFeNi HEA notably enhances its fatigue life with the number of reversals to failure 

over 106 by improving yield strength, work hardening capability, and ductility, which is shown 

in Figure 1.19 [89]. This enhanced low-cycle fatigue resistance primarily due to the unique 

properties of the B2 precipitate phase, which exhibits high elasticity, plastic deformability, and 

reversible martensitic transformation. When microcracks develop, the high elasticity of B2 

precipitates and ability to undergo reversible martensitic transformation effectively slow down 

dislocation consumption and suppress cyclic softening, significantly extending the fatigue life. 

 

Figure 1.19 Mechanical properties of Al0.5CoCrFeNi HEA. (a) Engineering stress-strain 

curves. (b) Cyclic stress response curves. (c) Hysteresis loops at selected numbers of cycles 

fatigued at the strain amplitude of Ñ1%. (d) Total strain amplitude, elastic-strain amplitude, and 

plastic strain amplitude versus the number of reversals to failure. (e) The comparison of Coffinï

Manson fatigue data for Al0.5CoCrFeNi HEA and other conventional alloys [89]. 

1.3 Heterogeneous Structure in HEAs 
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Like traditional alloys, HEAs face the challenge of the strength-ductility trade-off, which is 

the inherent compromise between strength and ductility observed in materials with 

homogeneous structures. Several strategies have been developed to optimize the mechanical 

properties of HEAs through careful tuning of their chemical composition and microstructure. 

Compared with conventional methods of adjusting chemical composition, manipulating the 

microstructure offers a promising approach.  

1.3.1 Gradient Nanostructure (GNS) in HEAs  

To widen the application fields, high strength and excellent ductility are necessary. These 

mechanical properties are primarily influenced by dislocation movement: restricting 

dislocation movement increases deformation resistance, while allowing dislocation motions 

ensures plastic deformation. Therefore, strengthening mechanisms that improve strength often 

results in reduced ductility. The key to retaining ductility as strength increases is to enhance 

strain hardening ability, enabling the material to cope with rising flow stress and delay plastic 

instability [90]. 

To facilitate strain hardening and strain delocalization within homogeneous nanograins or 

coarse grains, the GNS designed in the mid-2000s with an internal gradient microstructure from 

surface to the interior of grain size, phase composition, and twin thickness ranging from 

nanoscale to microscale has been devised, which can overcome the strengthïductility trade-off 

of metallic materials [91]. Unlike homogeneous coarse grains or nanograins, GNS materials 

display heterogeneous deformation mechanisms. The deformation limited in the gradient 
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microstructure endows GNS materials with superior properties, including high strength, strong 

ductility, fatigue resistance and friction properties [92-94]. This microstructure combines a 

nanograined layer adhered to a ductile coarse-grained substrate composed of the same material, 

with a transition layer possessing a graded grain structure positioned between them. As shown 

in Figure 1.20 [91, 95], compared with the homogeneous, the transition layer features a 

variation of grain sizes (or grain-boundary density) that exhibits elastic homogeneity but 

demonstrates a gradient in plastic behavior. This GNS has been applied in some conventional 

materials like copper [96], steels [97, 98] and magnesium [99]. For example, the GNSed copper 

with a grain size at about 40 nm in the topmost surface overcame the inverse Hall-Petch effect 

with the deformation twining and detwinning process during plastic deformation, which 

exhibits dislocation activities-mediated mechanisms in coarse grains and sub-grains and 

twinning-mediated mechanisms in ultra-fine grains [96]. 

 

Figure 1.20 (a) Strengthïductility synergy of GNS combining nanograins and coarse grains. (b) 

Normalized yield strength versus normalized uniform tensile strain of homogeneous and 

heterogeneous materials [91, 95]. 
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Currently, the GNS has been successfully fabricated in HEAs [100-102], i.e. CrCoNi 

MEA [103], (Fe40Mn40Co10Cr10)C3.3 [104], CoCrFeNiMo0.15 HEAs [105]. Stress and 

strain partitioning occurs at the interface between hard domains, comprising ultrafine grains 

and nanograins, and soft domains, constituted by micron-size grains [106]. This phenomenon 

leads to significant stress concentration at the contact points within the ultrafine grains during 

tensile deformation. The elevated stress levels at the borders of the ultrafine grains trigger the 

emission of partial dislocations, subsequently leading to the formation of deformation twinning 

or phase transformation. Moreover, the dislocation movement increases progressively with the 

accumulation of plastic strain, which generates newly formed nanograins and imparts a higher 

degree of heterogeneity to the overall structure.  

For instance, the rotationally accelerated shot peening (RASP) technique was applied in 

CrCoFeNiMn to fabricate GNS, as shown in Figure 1.21, resulting in an increase in yield 

strength from 323MPa to 610MPa [107]. The change of average grain size along the depth 

from surface to interior induces the microhardness decrease away from the surface. Dislocation 

slip and deformation twinning are the two main deformation mechanisms in this GNSed HEA. 

The gradient structure is treated like a CG sandwich in the core, and the surface layer with 

defined grain presented high strength/hardness. However, the core structure remains 

undeformed, so there is a significant difference between the surface layers and the core, which 

evades strength-ductility trade-off.  
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Figure 1.21 Typical microstructure of GNSed CoCrFeNiMn HEA. (a-f) EBSD images of GNS 

generated by different parameters. (g) Microhardness distribution and (h) Engineering stress-

strain curves [107]. 

Similarly, Wu et. al [108] fabricated heterogeneous structure in Al0.1CoCrFeNi HEAs 

through cold working and intermediate-temperature-annealing non-recrystallization with 

subgrain boundaries, numerous dislocations, SFs an annealing twins in Figure 1.22. The 

variation of density of dislocation inside the partially recrystallized and fully recrystallized 

grains cause dislocation-density heterogeneity, which enable HEAs to exhibit a high ultimate 

strength at 928MPa and elongation at 30%.  



Chapter 1 Introduction 

42 

 

 

Figure 1.22 (a) Typical heterogeneous microstructure; (b) Engineering stressïstrain curves; (c-

d) SFs and dislocations along subgrain boundaries. (e-f) Dark field TEM images of deformation 

twins [108]. 

Pan et al. [109] introduced a novel gradient nanoscale dislocation cell structure within a 

stable single-phase Al0.1CoCrFeNi HEA depicted in Figure 1.23, achieving enhanced strength 

without significant loss of ductility. This gradient structure is formed via cyclic torsion 

treatment, resulting in a hierarchical dislocation arrangement throughout the specimen. The 

nanoscale dislocation cell structure contributes to continuous hardening and an unusual work-

hardening response by effectively impeding dislocation motion. The deformation mechanism 

is characterized by the progressive formation of high-density SFs and twins, originating from 

the abundant low-angle dislocation cells. 
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Figure 1.23 Typical gradient dislocation structure in Al0.1CoCrFeNi HEA processed by cyclic 

torsion processing. EBSD images of (a-b) gradient microstructure and (g-h) core region. (c) 

Schematic of gradient dislocation structure with a gradient distributed low angle dislocation 

structure. (d-e) Corresponding TEM image of dislocation structure at the topmost surface. (f) 

Plots of misorientation-angle variation [109]. 

1.3.2 Multi-phase Heterogeneous Structure in HEAs 

Due to the deformation-induced phase transformation and deformation twins, the HEAs 

with low SFE exhibit high ductility and high strength. Therefore, they have the potential to be 

used as base alloys for microstructure modification, wherein precipitation strengthening and 

heterogeneous grain structures can be added to obtain the ideal combination of ductility and 
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strength. For example, spinodal decomposition structure is a typical dual-phase structure with 

different composition but the same crystal structure [110]. A popular class of materials 

developed using the dual-phase concept like dual-phase steels [111] have been developed for 

automobile applications. The advantage of the martensite-ferrite dual-phase steels is that the 

volume fraction of the martensite phase can be controlled by adjusting the austenitization 

temperature in the ferriteïaustenite two-phase zone of the phase diagram, which determines 

the ratio of the austenite to ferrite [112]. Guo et al. [113] outlined phase selection criteria to 

predict phase composition in HEAs. These criterias include mixing enthalpy, configurational 

entropy, mismatch entropy, melting point, atomic size mismatch, electronegativity, and valence 

electron concentration, as illustrated in Figure 1.24. 

 

Figure 1. 24 (a) ǶHmix-ŭ plot (b) ǶHmix-ŭ2 plot in HEAs. (c) Dependence of solid solution 

types on ǶHmix and ŭ in HEAs. (d) role of VEC in phase selection between fcc and bcc type 
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solid solutions in HEAs [113]. 

Du et al. [114] demonstrated that a dual-phase heterogeneous structure in CrCoNi-based 

MEA comprising both matrix and precipitates can achieve an ultra-high tensile strength of 2.2 

GPa and a uniform elongation of 13% at room temperature. This dual heterogeneous structure 

featured a matrix with a combination of coarse grains and ultra-fine grains with average grain 

size at about 1.2 ɛm, alongside L12-structured nanoprecipitates of varying sizes from several 

to hundreds of nanometers are generated by annealing, as shown in Figure 1.25. These L12 

nanoprecipitates, fully coherent with the matrix, minimize elastic misfit strain at the interfaces, 

reduce stress concentration during deformation, and contribute significantly to enhanced 

ductility. 
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Figure 1.25 The microstructure of dual-phase heterogeneous structure in CrCoNi-based MEA 

generated by cold-rolling and annealing. (a), (d), (g), (j) for CR (cryo-rolling); (b), (e), (h), (k) 

for CRA (cryo-rolling followed by a high-temperature annealing); and (c), (f), (i), (l) for CRAA 

(cryo-rolling followed by high-temperature annealing and a subsequent aging) [114]. 

Besides, the interaction between local chemical environments and deformation-induced 

crystal structure changes in Cr20Mn6Fe34Co34Ni6 HEA [57] composed of fcc and hcp phases 
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indicates a link between deformation mechanisms and atomic distribution. In Figure 1.26, as 

the dual-phase microstructure, more deformation-induced hcp phase is formed along the SFs 

network boundaries in the fcc phase, which becomes the primary source of strain hardening. 

This dual-phase structure contributes to forming SFs networks, which drives the phase 

transformation from fcc to hcp. These networks are formed due to fluctuations in lattice friction, 

which are inherently associated with concentration waves within the materials. 

 

Figure 1.26 (a) TEM image of the dual-phase microstructure in Cr20Mn6Fe34Co34Ni6 HEA. 

(b) HRTEM image of the interface between fcc and hcp phase. (c-e) are the microstructure of 

SFs networks  and partial dislocations [57]. 

Except for the above single crystal structured materials, introducing amorphous phase in 

crystalline materials is also an effective method to modify microstructure and further influence 

properties. Amorphous metallic alloys are initially regarded as structural materials with high 
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strength [115]. Nevertheless, their widespread applications have been significantly constrained 

by their inherent limitation of ductility. Meanwhile, nanocrystalline alloys have been 

extensively studied, but for crystalline alloys with grain sizes smaller than approximately 15 

nm, the inverse Hall-Petch effect leads to a softening effect [116]. Therefore, to address the 

limitations and improve the properties of nanocrystalline and amorphous alloys, one proposed 

strategy is to combine them, forming amorphous-nanocrystalline metallic materials [117]. On 

one hand, nanocrystalline-amorphous metallic materials inherit exceptional properties from 

both their amorphous and nanocrystalline components, including superior magnetic properties, 

remarkable wear and corrosion resistance, and outstanding hardness and strength [118]. On the 

other hand, these alloys also demonstrate enhanced thermal stability and ductility, features that 

are challenging to attain in either amorphous or nanocrystalline alloys [119]. This kind of 

microstructure can be obtained through the nanocrystallization in metallic glasses and partial 

amorphization along nanograin boundaries [119], which includes annealing, severe plastic 

deformation, ball milling, laser, irradiation, and so on (Figure 1.27).  
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Figure 1.27 Development traces of amorphous alloys, amorphous-nanocrystalline alloys, and 

nanocrystalline alloys [119]. 

For example, the rapid solidification process of remelting in the amorphous materials is 

an effective method of activating partial crystallization and introducing the crystalline phase 

[119]. The free energy of nonequilibrium solid solution and lattice for crystalline phase is 

higher than that of the amorphous phase, which could result in the amorphization of the 

intergranular amorphous layer along GBs [120]. Similarly, some bulk metallic glasses adopt 

deformation-induced or annealing-induced crystallization to acquire the coexistence of 

crystalline and amorphous phases [119, 121], like the long-range orders are formed through 

cold rolling in some amorphous Al-based and Zr-based alloys [122, 123]. This partial 

crystallization induced by plastic deformation extended solid solubility to soften.  

Moreover, amorphous phase can be generated within crystalline HEAs to form crystalline-

amorphous nanocomposite through the proper techniques like magnetron sputtering process, 

laser treatment and so on [124-126]. For example, Wu et al. [127] investigated a Mg-based 
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dual-phase nanostructured material prepared by magnetron sputtering process, which consisted 

of MgCu2 nanocrystalline cores with a diameter of about 6 nm and a Mg-enriched amorphous 

shell, forming a "supra-nanometre-sized dual-phase glass-crystal" structure in Figure 1.28(a). 

This material has a near-ideal strength of 3.3 GPa, attributing to the synergistic strengthening 

effect of nanocrystals and amorphization, where the amorphous shell hinders dislocation 

motion and shear band propagation, as shown in Figure 1.28(b-c). Furthermore, this material 

also exhibited high hardness, low Young's modulus, and size-independent strength 

characteristics (Figure 1.28(d)). 

 

Figure 1.28 (a) Structure of crystalline-amorphous phase dual-phase in magnesium alloys. (b) 

HRTEM images of arresting the initial shear band generated two sub-shear bands. (c) 

Engineering stressïstrain curves for micropillars in dual-phase magnesium alloys. (d) Curves 

of Youngôs modulus and ultimate stress for compared the dual-phase Mg with other 

nanocrystalline alloys [127].  
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Similarly, a crystal-glass HEA nanocomposites was obtained by doping a glass-forming 

FeïSiïB system into a crystalline CrCoNi base alloy through magnetron co-sputtering, which 

allowed the coexistence of a nanocrystalline phase with low SFE and an amorphous phase 

[128]. The nanocrystalline phase contains high-density nanotwins and SFs, which acts as 

effective barriers for dislocation motion, as shown in Figure 1.29. The amorphous phase 

undertakes the main plastic flow during the plastic deformation, absorbing some of the 

dislocations generated from the grains and migrating towards the grain-amorphous interface. 

This plastic flow of the amorphous phase helps to suppress the formation of shear bands, 

improving the uniform plasticity of the material. At the same time, the newly formed grain-

amorphous interface also becomes a barrier to dislocation activities, producing a strengthening 

effect, compensating for the softening caused by the decrease in twin density. 

 

Figure 1.29 (a-b) TEM and HRTEM images of crystalïglass high-entropy nanocomposite. (c-
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d) are concentrations of Cr and Fe illustrating crystal and glass. (e) Compressive engineering 

stress-strain curves. (f-i) SEM images of deformed pillar [128]. 

Moreover, atomistic models provide crucial insights into the atomic deformation 

mechanisms involving defect-interface interactions. These models illuminate processes such 

as GB sliding, GB migration, slip transmission, and dislocation nucleation, which enhances our 

understanding of the fundamental deformation behaviors in the crystalline-amorphous 

microstructure. Wang et al. [129] investigated crystal-amorphous nanolayered materials 

composed of alternating 5-nm-thick Cu layers and 35-nm-thick Cu-Zr glass layers through 

molecular simulation, which exhibits a high tensile elongation of up to 13.8% and a high flow 

stress of 1.09 GPa at room temperature. It is found that the nanoscale metallic glass layers can 

absorb dislocations and achieve a uniform plastic deformation at the crystal-amorphous 

interface, thereby enhancing the ductility of the entire material. The mechanical performance 

of this crystal-amorphous composite material surpassed that of single-phase elemental 

materials, providing a feasible approach to developing new nanomaterials with superior 

strength and ductility. The dislocation nucleates from the amorphous-crystalline interface (ACI) 

or GBs, gliding across the nanocrystal layer and being absorbed in the opposite GBs or ACI, 

as shown in Figure 1.30. The ACIs, compared to the GB or the crystal-crystal interface (CCI), 

have better slip transfer capability and can eliminate extreme geometric incompatibility. The 

metallic glass layer serves a dual purpose by acting as a source and sink for dislocations, which 

mediates inelastic shear and slip transfer, effectively preventing extreme stress concentrations 

that can otherwise initiate fractures. 
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Figure 1.30 (a) HRTEM images of crystalline-amorphous nanolaminates. (b) Dislocation 

nucleates at ACI. (c) Activation of STZ (shear transformation zone) induced by partial 

dislocations in the amorphous layer. (d) Incompatibility of dislocations in the amorphous layer 

[129].  

1.4  Processing Methods of Heterogeneous Structure  

Currently, several techniques that can be used to generate nanoscale surface layers on CG 

materials through surface chemical treatment and surface plastic deformation [91]. Surface 

chemical treatments include surface coating and deposition, and surface plastic deformation 

involves applying intense strain to the surface layer to refine its microstructure to the nanoscale. 

These nanoscale surface layers often have a distinct interface with the underlying CG matrix 

and may differ in composition from the matrix material.  
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1.4.1 Severe Plastic Deformation  

To fabricate GNS surface layer in metallic materials, severe plastic deformation techniques 

have been developed, including surface mechanical attrition treatment (SMAT) [99], surface 

mechanical grinding treatment (SMGT) [130], surface mechanical rolling treatment (SMRT) 

[131], high-energy shot peening (HESP) [132], and ultrasonic surface rolling (USR) [133]. 

These methods rely on intense localized plastic deformation to refine surface grains into the 

nanometer regime, while establishing a gradual transition in microstructure from the surface to 

the bulk, maintaining structural continuity without introducing a distinct interface. 

The detailed mechanisms of the above processing methods are shown in Figure 1.31 [99]. 

The SMAT process introduces plastic deformation by randomly bombarding the surface with 

high-speed spherical shots, typically several millimeters in diameter, which are accelerated by 

ultrasonic or mechanical energy. This random multi-directional impact promotes isotropic 

deformation and high dislocation density, contributing to uniform grain refinement in the top 

surface layer. In contrast, SMGT involves a controlled grinding action wherein a hemispherical 

WC/Co tool tip penetrates into a rotating specimen and slides along its axis under lubrication. 

The contact stress and frictional shear together induce localized plasticity with directional 

features. SMRT, although similar in tooling, replaces the grinding movement with pure rolling, 

allowing smoother surface evolution and more uniform stress distribution. These differences 

influence not only the efficiency of grain refinement but also the morphology of the resulting 

nanostructure. HESP is a kind of industrial surface treatment method that employs high-
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pressure or compressed air to propel stainless steel shots onto the material surface, as shown in 

Fig. 1.31(d), inducing severe plastic deformation and forming a hardened layer. By tuning 

processing parameters such as peening pressure, injection angle, and spray distance, HESP can 

further enable surface nanocrystallization. The USR process operates by transmitting ultrasonic 

vibrations through a rolling tool head, which drives a spherical ball to repeatedly impact the 

rotating surface of the workpiece at high frequency and under static pressure. This dual action 

of ultrasonic impact and compressive rolling generates a concentrated stress field beneath the 

surface, promoting high-density dislocation activity and dynamic recovery. 

 

 

Figure 1.31 Schematic illustrations of (a) SMAT, (b) SMGT, (c) SMRT, (d) HESP and (e) USR 

techniques [99]. 
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The underlying mechanisms of these fabrication methods involve the generation and 

accumulation of dislocations during plastic deformation, leading to the formation of 

dislocation-cell walls with the transformed sub-grains with small misorientation. Then, as the 

strain accumulates, they gradually transform into GBs with larger misorientations. This process 

divides the initial coarse grain into multiple fine grains, refining a mean grain size to extremely 

low (~20 nm) [134]. Specifically, the deformation mechanism driven by phase transformation, 

SF, deformation twins, and dislocation wall can be activated in the GNS layer for the metallic 

alloys with low SFE [105, 135]. The resulting grain morphology (e.g., equiaxed or lamellar) 

depends on the material and strain path and ultimately governs the local properties. The 

thickness and gradient profile of the GNS layer are primarily determined by the magnitude and 

distribution of accumulated plastic strain, which are in turn controlled by the process 

parameters of each technique [136, 137]. These plastic deformation-based methods offer 

versatile pathways for tailoring surface structure and improving the mechanical performance 

of metallic alloys. 

Except for the specially designed treatment methods designed for the GNS layer, regions 

close to the contacting surfaces are subjected to large plastic deformation during the sliding 

wear process of metallic materials. This deformation modifies the microstructure and, thus, the 

properties of the worn regions, for instance, increasing the hardness through work hardening 

and grain size reduction [138]. These methods for modifying microstructures are ideal when 

selecting or designing materials for wear-resistant applications. However, worn surfaces 
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represent non-equilibrium, dissipative systems that exchange energy and matter with their 

environment. This includes the opposing surfaces, as well as any liquid or solid lubricants 

present and the gases near the contact area [138]. Addressing these interactions poses ongoing 

challenges for the wear-induced generation of GNS. Despite these many challenges, an 

attractive feature of driven materials is their tendency to self-organize in response to external 

forcing microstructural patterns on a nanometer-length scale. This self-organized ability offers 

a valuable control parameter in the design of self-adaptive materials. For example, Zhu et al. 

[139] studied the formation of a gradient microstructure in pure tantalum subjected to a dry 

sliding wear test at room temperature and 600 oC, as shown in Figure 1.32. They discovered 

that the compressive stress exerted by the alumina ball induces the formation of gradient 

microstructure under the wear track. Their results indicate that the friction coefficient and wear 

were independent of the initial microstructure and hardness, however, the depth of the gradient 

layer under the wear track depends on the treatment.  
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Figure 1.32 (a) Cross-sectional characterization of the TiMoNb alloy after dry sliding. (c-f) 

bright-field TEM image, HRTEM image, particle size distribution, and SAED pattern of the 

glaze layer, respectively [139]. 

In addition, the CoCrFeNi HEA experienced a significant enhancement of friction and 

wear resistance due to the spontaneous formation of a nanolayered subsurface microstructure 

during wear [140]. As depicted in Figure 1.33, there are three characteristic layers in the 

CoCrFeNi HEA. Closest to the surface, an equiaxed nanocrystalline (NC) layer with an average 

grain size of approximately 41 nm extends to a depth of ~0.8 ɛm. Beneath this lies a 

nanolaminated layer, consisting of elongated grains with an average thickness of ~63 nm and  

a plastically deformed layer marked by high dislocation densities and the presence of nanoscale 
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deformation twins forms with the increase of depth, indicating severe strain accumulation. The 

formation of this gradient microstructure is attributed to the combined effects of dislocation 

activity and deformation twinning, both of which are governed by factors such as SFE, initial 

grain size, and fabrication parameters. The resulting depth-dependent grain refinement, with 

decreasing structural refinement away from the surface, contributes to a significant reduction 

in both the coefficient of friction and wear rate, highlighting the critical role of wear-induced 

nanostructuring in enhancing the tribological performance of HEAs. 

 

Figure 1.33 Cross-sectional microstructural evolution induced by sliding wear in CoCrFeNi 

HEA [140]. 

1.4.2 Ultra-precision Machining  
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1.4.2.1 Fundamentals of Ultra-precision Machining 

With the development of machining precision, ultra-precision machining technologies are 

used to process materials with a high surface quality and accuracy [141]. Ultra-precision 

machine technology is suitable for various types of materials including metals such as soft 

metals and more challenging materials like hardened steel, stainless steel, high-speed steel, and 

hard alloys [142]. Additionally, it is used for hard-brittle non-metal materials, including 

semiconductors, ceramics, and glass [142]. Meanwhile, to enhance the properties, surface 

quality, reliability of products and interchangeability of components in the modern mechanical 

industries, machining precision is developed [141].  

As modern industries and high-tech products demand more remarkable accuracy and surface 

integrity, research in ultra-precision machining has gained increasing importance. Additionally, 

this technology significantly impacts other advanced sectors, including nuclear, national 

defense, and aerospace industries. Current ultra-precision machining technologies include 

turning, grinding, cutting, polishing, and non-traditional machining [143]. The term "ultra-

precision cutting" refers to a cutting technology that fabricates components with low roughness 

at several nanometers using tools made of tough materials, like diamonds. Based on the 

fabrication methods, ultra-precise cutting can be divided into precision turning, milling, boring, 

compound machining, or combining cutting with ultra-sonic vibration [143]. Regarding ultra-

precision cutting, single-point diamond turning (SPDT) is the primary technique for achieving 

nanometer-level surface roughness. In SPDT, a single-crystal diamond is utilized as the cutting 
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tool, characterized by its finely sharpened, small-diameter cutting edge [144]. This method is 

renowned for producing exceptionally smooth and precise surfaces, making it a cornerstone in 

high-precision machining applications. The nanoscale cutting edge can produce a smooth 

surface with minimal surface damage. 

To achieve a satisfactory machining result, the optimal circumstances of parameters such as 

working environment, machine tools, cutting variables, workpiece materials, cutting tools and 

cutting fluid should be determined appropriately [145]. Although diamond tools, frequently 

used in the ultra-precision machining, have outstanding properties, there are serious 

technological limitations for machining carbon-based materials [145]. The working 

temperature is restricted, and degradation reactions occur with these metals. Therefore, some 

studies show that turning with the hard cubic boron nitride (CBN) tools has a different cutting 

mechanism [146]. Furthermore, the cutting edge of CBN tool offers a large negative rake angle 

to increase the wedge angle and tool strength, which also leads to severe plastic strain in the 

machined material, as shown in Figure 1.34 [147]. The hardness of CBN-built materials 

exhibits high hardness at 100GPa, high oxidation temperature at 1294oC and excellent fracture 

toughness [148]. Particularly, CBN tools allow a commercial and relatively low-cost offer for 

many technological applications. 
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Figure 1.34 Schematic diagram of ultra-precision cutting with different tool edge [147]. 

 

Figure 1.35 Set-up of ultra-precision turning under three axis [149]. 


















































































































































































































