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Abstract

Abstract

Nanostructured materials have garnered significant attention due to their superior
properties to coarse-grained materials, such as ultrahigh strength. According to the
Hall-Petch relationship, the abundant grain boundaries in nanostructured materials
contribute effectively to grain boundary strengthening. However, reducing grain size
limits dislocation mobility, leading to poor ductility. To address this strength-ductility
trade-off, heterogeneous nanostructured materials have been developed, as their
microstructural heterogeneities—such as variations in grain size and phase
composition—can facilitate strain redistribution under applied forces, evading strain

localization and enhancing overall mechanical performance.

Medium and high entropy alloys (M/HEAs), characterized by their multi-
component systems, emerge as promising candidates for structural applications due to
their exceptional properties like high strength, superior wear resistance, high corrosion
resistance and so on. However, a key challenge lies in overcoming the traditional trade-
off between strength and ductility, limiting their broader application in engineering.
This challenge is further compounded by the complex interplay between
microstructural evolution and deformation mechanisms in heterogeneous systems.
While existing studies highlight the potential of microstructural heterogeneities—such
as grain size and phase composition variations, improving mechanical properties, the

optimal combination of fabrication methods, microstructural characteristics, and
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deformation behaviors remains insufficiently understood. In particular, some
metastable M/HEAs with low stacking fault energy exhibit unique phase transition
behaviors, including transformation-induced plasticity, which could play a significant
role in enhancing plasticity and work-hardening capabilities. A systematic investigation
of the interaction between microstructural features and phase transitions is therefore
crucial for advancing the design of M/HEAs with tailored properties. To address these
gaps, this thesis employs surface processing techniques—including plastic deformation
and thermal treatments—to generate heterogeneous nanostructures in both bee-based
and fcc-based metastable M/HEAs. The heterogeneous structure is generated through
different formation mechanisms: gradient plastic strain and accumulated total plastic
strain from the surface to the matrix of severe plastic deformation on the surface; and
the unique thermal conditions and rapid solidification dynamics with high cooling rate
and suppressed grain growth of laser treatment. The effects of these processes on
microstructural evolution, phase transition behaviors and its corresponding mechanical
properties and deformation mechanism are comprehensively explored to develop
effective strategies for overcoming the strength-ductility trade-off. According to the
main work done during the research study, the thesis will be divided into the following

three parts:

In the first part, a repeated sliding wear process on the surface is adopted to
generate a gradient nanostructure (GNS) on a bcc-based dual-phase TiZrHfTags

RHEAs with a high content of hcp phase up to 66% acquired from pre-plastic
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deformation and thermal treatment, which accommodates sliding-caused gradient
plasticity and contributes to the enhanced wear resistance. The average grain size
decreases significantly when decreasing distance to the worn surface, e.g. from ~100
nm at the depth of ~ 3 um to ~30 nm in the topmost worn surface region. Also, more
hep phase is formed due to the deformation-induced bcc — hcp phase transition
activated within the self-organized gradient worn subsurface, facilitated by atom
shuffling and partial dislocation dipole gliding. This heterogeneous structure,
characterized by gradients in grain size and hcp phase content, redistributes strain and
suppresses localization, significantly improving wear resistance. Consequently, this
heterogeneous structure of grain size and hep phase content formed on this dual-phase
TiZrHfTao.s RHEA exhibits an exceptionally low coefficient of friction at 0.12-0.15 and
wear rate at 4.08-9.68x10° mm?®/N-m, demonstrating the potential of wear-induced

surface treatments to enhance tribological properties.

In the second part, a high-strain rate ultra-precision machining technology named
single point cubic boron nitride turning (SPCBNT) is employed to fabricate a 60 um-
depth GNS surface layer on a fcc-based dual-phase FessMn3sCrioCoio HEAs with
significant phase transition, significantly enhance the strength. The cost-effective
SPCBNT can impart a high strain rate (10*s™) in the topmost surface of the specimen
and achieve a high-quality surface with nanometer-level surface roughness. This
method reduces the average grain size from ~ 30 um in the matrix core to ~ 13 nm at

the surface. Notably, during the machining process, the deformation-induced fcc — hep
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phase transitions are activated in this GNS, but a further step of fcc — hcp — bcec only
be introduced in the topmost surface as the gradient distribution of plastic strain and
strain rate along the depth direction. The nanohardness of the topmost surface of this
GNS attains ~6.7 GPa, which is much higher than it at the matrix (~4.3GPs). Analysis
based on high-resolution transmission electron microscope unveils the fcc — hep is
facilitated by the movement of Shockley partial dislocations on every second (111)fcc
plane, and the subsequent transition hcp — bcc is accomplished by the interaction of
two sets of Shockley partial dislocation dipoles on either side of the (0001)hcp planes.
This phase transition mechanism of coordinated dislocation dipole interaction and
atomic shuffling relieves and accommodates the significant stress and strain fields
produced by the plastic deformation on the surface, which significantly influences

mechanical properties.

In the third part, different from the above two plastic deformation methods, a
thermal-typed laser surface treatment produces a nanostructured layer with crystalline-
amorphous microstructure on a fcc-based dual-phase FessMnssCrioCoio HEAs. The
remelting and solidification of the gradient heating and cooling induced by high-power
laser beams, with a rapidly high cooling rate of 10*-10° °C/s contributes to the
formation of heterogeneous nanostructure. The rapid cooling rate (~10° K/s) calculated
by simulation during laser remelting produces refined grains (~8 nm) interspersed with
amorphous regions along grain boundaries. Based on this formation mechanism, the

mechanical properties of this unique crystalline-amorphous microstructure are analyzed
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to investigate its deformation mechanism and the deformation-induced crystallization
mechanism. This unique structure achieves exceptional strength (~3.8 GPa) and
compressive strain (~28%) during micro-pillar compression tests. During plastic
deformation, dislocations are confined within nanograins and impeded by amorphous
boundaries, promoting deformation-induced crystallization and grain coalescence. This
process balances strength and ductility by leveraging the interaction between
nanocrystals and amorphous grain boundaries, highlighting the effectiveness of laser-

based surface treatments for enhancing mechanical properties.

In summary, this thesis systematically investigates microstructural evolution,
mechanical properties and corresponding deformation mechanisms of heterogeneous
nanostructured M/HEAs generated through surface processing techniques, including
sliding wear, high-strain-rate machining, and laser treatment. By elucidating the
interplay between microstructural heterogeneities, phase transitions mechanism, and
deformation mechanisms, the findings provide essential guidelines for designing
advanced HEAs with tailored properties, advancing their potential for technological

applications.
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Chapter 1 Introduction

Chapter 1 Introduction

Throughout history, the exploration for developing new materials has been a key pursuit
of human civilization [1]. This endeavor has led to the discovery of new metals and the
invention of various alloys, which have played a crucial role in shaping our world for thousands
of years. Traditionally, alloys have been developed based on a 'major element' paradigm, where
one or occasionally two principal elements, such as iron in steel, copper in bronze, or nickel in
superalloys, form the foundation. Minor alloying elements are then added to enhance the

properties of the alloys.

However, a novel concept for alloy design emerged approximately a decade ago [2]. This
approach involves mixing multiple elements in an equimolar or near-equimolar composition,
deviating from the traditional 'major element' concept. These specially designed alloys, called
'high-entropy alloys' (HEAs), were coined by Yeh et al.[3]. The term 'high entropy' signifies
the high configurational entropy resulting from the random mixing of elements in these alloys.
Over time, there has been a growing interest in the study of HEAs [4, 5]. Nevertheless, despite
the increasing research focus on HEAs, the study of HEAs still needs to be improved, and there
is much more to explore and understand to grasp their potential and applications fully.
Continued investigation and exploration of HEAs hold great promise for advancing the field

of materials science and engineering.
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1.1 High-entropy Alloys (HEAS)

1.1.1 Definition

Unlike conventional alloys, HEAs contain multiple elements in equiatomic or near-
equiatomic fractions and the concentration of each element is between 5% and 15% [6]. Instead
of complicated phases, HEAs tend to have solid solution structures, which are stabilized by
their high configurational entropy of mixing. The following equation expresses how the
configurational entropy of mixing increases as the number of composing elements and their

concentrations rise [7]:

AScont = —R2 nij In(n;) (1.1-1)

where n;j is the atomic fraction of the ith element and R is the gas constant. Based on that, these
alloys are divided into the following four categories: (i) HEAs with AScont = 1.61R, (ii)
medium-entropy alloys (MEAs) with 1.61R = AScont = 0.69R, and (iii) low-entropy alloys

(LEAs) with AScont = 0.69R [8].

Moreover, two parameters were proposed to design HEAs, namely, the atomic size

difference d and the mixing enthalpy AHmix [9]:

Ti

2
s erj) (1.1-2)

5% = 100%\/2?=1cl-(1 — =
where ¢; and r; denote the atomic fraction and atomic radius of the ith element, respectively.

A Hpixe = X5 0ijcicp = Y24 A HF e (1.1-3)

i=1,i#j
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where A H{}”x is the enthalpy of mixing of the binary liquid between the ith and jth elements
at an equiatomic composition. In general, the formation of a single-phase solid solution
corresponds to the region -15 kJ/mol < A H,;,, <5kJ/mland 0 < § <5. Different phases then
appear with the variation in A H,,;,, and &. With the further increase in § (>8) and decrease

in the negative A H,,;, value (<-15KkJ) [9].

The high-entropy phases like solid-solution phases are normally stabilized by high-
entropy effect, which also form intermetallic compound phases for equi- or near-equi-atomic

alloy compositions. The Gibbs free energy of mixing is listed [8]:
A Gmix =A Hmix —TA Smix (11-4)

where A Hp,;,, and A S,,,;, are the enthalpy of mixing and entropy of mixing, respectively.
Although increasing the number of constituent elements in an alloy enhances configurational
entropy, which can promote the formation of solid solutions. However, the A H,,;, depends
on atomic size mismatch, chemical affinities, and electronic interactions among components.
This entropic effect competes with enthalpic contributions, and does not guarantee solid
solution stability in all cases. A highly positive A H,,;, canoutweigh the entropic contribution,
leading to phase separation or the formation of intermetallic compounds, even in systems

containing multiple principal elements.

According to the Gibbs phase rule, the number of phases (P) in a given alloy at constant

pressure in equilibrium condition is [10]:
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P=C+1-F (1.1-5)

The number of components (C) and the maximum number of thermodynamic degrees of
freedom (F) in a system are linked by certain constraints. However, it is noteworthy that not all
multi-component alloys in an equal molar ratio will form solid solution phases at the center of
the phase diagram. The formation of solid solutions, rather than intermetallic compounds, is

limited to carefully selected compositions that meet specific criteria for HEA formation.

Given the equimolar nature of HEAs, differentiating the solvent from the solute based on
Gibbs phase rules can be challenging. Consequently, many multi-principal-element alloys tend
to form simple phases, such as bee or fce solid solutions, leading to a considerably reduced
number of phases compared to the maximum possible. This phenomenon suggests that the high
entropy characteristic of HEAs widens the solution limits between the constituent elements,
favoring the formation of high-entropy phases, i.e., solid-solution phases, over intermetallic
phases. Intermetallic phases, in contrast, typically exhibit organized structures with low

configurational entropy.

The periodic table comprises a total of 118 elements that have been verified, of which 72
elements are classified as neither noble gases, halogens, nor radioactive [1]. Consequently,
these 72 elements offer potential for utilization in the alloying of HEAs [1]. The versatility of
HEAs is reflected in the extensive range of elements employed, with over 37 elements being
utilized in the creation of numerous HEA compositions. Notable among these elements are Fe,

Ni, Cr, Co, Al, Cu, Ti, Mn, V, Zr, Mo, Nb, Si, Ta, and Sn, which have demonstrated significant

4
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contributions to HEA development [7]. In the early stages of HEA composite formulation,
particular emphasis was placed on the utilization of Fe, Ni, Cr, Co, Cu, and Mn as primary
constituent elements. Notably, approximately 85% of 3d transition metal-based HEAs
incorporate a minimum of four elements in Figure 1.1, selected from Al, Co, Cr, Cu, Fe, Mn,
Ni, Ti, and V [11]. On the other hand, refractory elements characterized by relatively large
atomic sizes, such as V, Zr, Mo, Nb, and Ta, are frequently employed in the fabrication of bec-

structured refractory HEAs (RHEAs) [12].

5 Ru | Rh Pd Ag | Cd
Ir Pt Au

(o]

QOO . ¢ i i s | i s | s
OO - [ ol o[ L

Figure 1.1 Periodic table of elements used in HEAs [7].

1.1.2 Notable HEAs

Single-phase, solid-solution HEAs with fcc, bee, hep and orthorhombic crystal structures

have been identified [2].

1.1.2.1 fcc-based HEASs
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The equiatomic fce-based CoCrFeMnNi HEA, known as the Canter alloys, was proposed
as single-phase fcc solid solution, which is one of the most widely studied HEAs [13, 14]. The
Cantor alloys exhibit excellent properties at room temperature, high temperature and cryogenic
temperature. As shown in Figure 1.2(a), with enhanced work-hardening rate, the strength and
ductility increased with the decrease of temperature, with ultimate strength and elongation at

cryogenic temperature in excess of 1 GPa and 60%, respectively [15, 16].
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Figure 1.2 (a) Representative engineering stress—strain curves of the CoCrFeMnNi alloy at the
six testing temperatures [16]. (b) Stress-strain curves and (c) normalized strain hardening
curves of different equiatomic HEAs [17]. (d-g) Representative TEM BF images of tensile test
specimens of the CoCrFeMnNi HEAs with planar slip of 1/2<110>-type dislocations on the

{111} planes [16].

Based on the empirical verification of the HEAsS, it is proposed that the microstructure has
a significant effect on critical property, including the dislocation mobility and stacking-fault

energy (SFE), processing method and so on. Currently, it is well-established that three primary
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deformation mechanisms (dislocation slip, deformation-induced twinning, and deformation-
induced martensitic transformations) play crucial roles in materials. These mechanisms are
significantly influenced by the SFE and the conditions of deformation temperature and pressure.
For metals with low SFE values, the difficulty of cross-slip facilitates the occurrence of
deformation-induced twinning and martensitic phase transformations as ways to accommodate
the applied strain during deformation [18]. Basically, the deformation mechanism of Cantor
alloys is mainly accomplished by dislocation slip as the high activity of slip systems. For
example, the plastic deformation occurred exclusively through the planar gliding of dislocation
1/2<110> on the {111} planes denoted in Figure 1.2(d-g), the slip became more homogeneous

as the strain increased, leading to the development of cell structures [16].

Consequently, several variants derived from the equimolar Cantor alloy, either with fewer
alloying elements or non-equimolar compositions, have been developed [13, 19]. One of the
underlying motivations for these variants was to minimize the SFE, thereby facilitating the
occurrence of phase transformation and/or deformation twining [20]. This deliberate approach
aimed to create materials that possess enhanced potential for strain-hardening, as exemplified
by the equiatomic CrCoNi medium-entropy alloy [21]. Through subjecting the single-phase
CrCoN:i alloy to cold work followed by partial recrystallization, a notable enhancement in yield
strength beyond 1 GPa has been achieved; however, this improvement came at the expense of
reduced tensile ductility, which decreased to approximately 20-30%. In comparison to the

Cantor alloy, the CrCoNi alloy displayed a lower SFE and higher yield strength, rendering it
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more susceptible to reaching the twinning stress and exhibiting abundant nano-twinning.
Another example is the non-equiatomic Fe-Mn-Co-Cr-Ni HEA in Figure 1.2(b-c), that
primarily underwent planar dislocation slip during the initial stages of deformation and
subsequently experienced deformation twinning at high strains (>10%) at room temperature
[18, 22]. Conversely, within the equiatomic Cantor alloy, such twinning behavior is typically
observed only under cryogenic conditions or applying exceedingly high strains. The non-
equiatomic multi-component Cr-Mn-Fe-Co-Ni HEAs have been developed with the addition
of interstitial elements like C, N and O [15, 23], which displayed distinct deformation
mechanisms include forming planar slip substructures at low strain levels and intricate cell

structures characterized by high dislocation-density walls at higher strains.

Kim et al. [24] investigated the transformation of deformation mechanisms at room
temperature and 223 K. The results revealed that at room temperature, the alloy primarily
exhibits deformation twinning, whereas at the lower temperature of 223 K, strain-induced hcp
phase transformation occurs. Despite the different deformation mechanisms, the alloy showed
relatively large elongation at both temperatures (48% and 55%), with a higher strain hardening
rate at the lower temperature, as illustrated in Figure 1.3. The formation of the hcp phase at
lower temperatures enhanced the ability of interface to impede dislocation motion, thereby
increasing the strain hardening rate. This temperature-dependent shift in deformation
mechanisms is linked to a decrease in SFE. Additionally, the alloy displayed a complex

dislocation structure at varying temperatures, including extended dislocations, dislocation
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loops, high-density dislocation walls, and subgrain structures, all of which significantly

influence the mechanical properties of the alloy.
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Figure 1.3 Mechanical properties of Fe40Mn40Co10Cr10. (a) Engineering stress-strain curves
at 273 K and 223 K and (b) strain hardening rate curves. (¢) XRD patterns and (d-e) EBSD

micrographs of the material deformed at 223 K [24].

1.1.2.2 bee-based HEAS

Compared with fcc-based Cantor-based HEAs, the RHEAs composed of refractory
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elements with high melting pointed were developed with the increased requirements of
applications. The RHEA compositions that are most frequently used are HfNbTaTiZr,
MoNbTaW, MoNbTaVW, NbTiVZr, AIMoNbTaTiZr [11]. For example, the most well-known
HfNbTaTiZr RHEA with single bce phase showed high compressive yield strength (Go.2 = 929
MPa) and ductility (¢ > 50%) with considerable strain hardening and homogeneous
deformation [25]. Notably, the HfNbTaTiZr RHEA exhibits asymmetrical strain-hardening
behavior under compression and tension, primarily due to distinct deformation mechanisms
and internal microstructure evolution under different loading conditions. Typically, the
compressive stress-strain curve exhibits a higher strain hardening rate compared to tension.
Under compression, the samples can sustain continuous plastic deformation until fracture
occurs due to accumulated plastic strain and structural instability [26]. The compressive stress
state suppresses crack propagation and enhance plastic stability. In contrast, under tensile
loading, necking occurs in the fracture region, leading to localized deformtation and early crack
initiation, which limits the strain hardening [27]. Moreover, tension tends to favor dislocation
slip-dominated deformation, while compression promotes shear-dominated mechanisms that

can accommodate larger plastic strains.

Then Senkov et al. [28] continued investigating the microstructure and mechanical
properties of Nb25Mo025Ta25W25 and V20Nb20Mo020Ta20W20 RHEAs, which maintained
single bece structure after annealing at 1400 °C for 19 h. Based on the mechanical properties of

coarse grains, plastic deformation like cold rolling was used to control grain size, thereby

10
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enhancing the mechanical properties with yield stress at 1145 MPa and ultimate tensile strength

at 1262 MPa, as shown in Figure 1.4 [29].
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Figure 1.4 (a) X-ray diffraction patterns for HfNbTaTiZr (b)True stress-strain curves of as-

cold-rolled and rolled-and-annealed sheet of HfNbTaTiZr [29].

The CrMoNbV RHEA was designed with excellent high-temperature strength which
exceeds 1000MPa at1273K [30]. This outstanding high-temperature strength originates from
the large atomic size and elastic modulus mismatch, temperature-insensitive elastic constants,
and the predominance of non-screw dislocations pinned by vital solute atoms. The addition of
Cr elements (smaller atomic radius, larger shear modulus) and Mo elements (smaller shear
modulus) is the main reason for the large mismatch in atomic size and elastic modulus. The use
of tempering elements Nb and V with temperature-insensitive elastic constants also helps the
alloy maintain excellent mechanical performance at high temperatures. Moreover, the
dislocation slip is one of the essential deformation mechanisms. The bcc structure of these
alloys provides multiple slip systems, allowing for plastic deformation, with dislocations

typically moving on {110} planes in Figure 1.5 [30].
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Figure 1.5 Mechanical properties of the CrMoNbV alloy as (a) room temperature and (b)
elevated temperature (573 K- 1273 K). (c-e) TEM images of dislocations with different g

vectors along the zone axes of [111] or [110] [30].

Therefore, based on the abovementioned representative HEAs, it is evident that phase
composition plays a pivotal role in governing the mechanical response of these alloys. One
effective empirical approach to estimate phase stability is through the valence electron

concentration (VEC), which is calculated as follows [31]:

VEC = Y™, c,VEC; (1.1-6)

The crystal structure of HEAs correlates strongly with VEC. Alloys with VEC < 6.87 generally
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favor the formation of bce structures, whereas fcc phases are typically stabilized when VEC >
8.0. In the intermediate range (VEC = 4.09—4.18), a combination of bcc and hep phases can be
observed. These phase types directly influence mechanical behavior. Fcc-structured HEAs
usually exhibit higher ductility and lower strength due to the abundance of slip systems
facilitating dislocation motion. In contrast, bce-structured HEAs possess fewer slip systems
and are subject to higher Peierls stress [32], which is the lattice resistance to dislocation motion,
leading to reduced dislocation mobility. Consequently, bee-phase HEAs tend to exhibit greater
strength and hardness but limited ductility [33]. For example, the AICoCrFeNi alloy modified
with 5 wt% NiTi forms a dual-phase (fcc + bee) lamellar eutectic structure [34]. The increased
bce phase fraction, combined with the strengthening effect of NiTi particles, results in a low
wear rate of 0.71 = 0.01 mm?*/N-m, demonstrating the performance advantages conferred by
tailored phase composition. Furthermore, mechanical properties can be further tuned by
adjusting the alloying elements to manipulate the VEC. Specifically, incorporating elements
with lower valence electron counts, such as Mo and Nb, into bcc-based HEAs decreases the

ideal shear strength, thus promoting dislocation activity and improving ductility [35].

1.1.3 Properties and Applications of HEAs

1.1.3.1 Mechanical Properties of HEAs

The HEAs offer numerous remarkable features, including high strength [22, 36, 37], high
fracture toughness at different temperatures [38, 39], enhanced thermal stability [40] and strong

corrosion resistance [41]. Their unique structure and balanced elemental composition endow
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HEAs with exceptional mechanical and physical properties.

(1) Mechanical behavior at room temperature: In engineering area, ideal HEAs could typically
satisfy the requirements of low density and high strength/hardness, particularly for structural
applications in civil transportation and aerospace engineering, where reducing the weight of
components is crucial for energy efficiency [9]. Figure 1.6(a) shows maps of yield strength
versus Vickers hardness, placing HEAs in the top-right region, indicating their superior yield
strength and hardness compared to traditional materials like stainless steel, magnesium, nickel
alloys, and glasses [8]. Moreover, the mechanical properties of HEAs vary significantly
depending on their phase composition, as shown in Figure 1.6(b-c) [35]. Different content of
Mo was added in CrMnFeCoNi to form sigma phase, which increased yield strength from
216MPa to 765MPa [42]. Similarly, the fine orthorhombic needle-like plates within bcc
AITOHf25Nb5Sc10Ti25Zr25 HEAs exhibited ultimate strength at 1240MPa, which revealed
that twins and hcp plates play a crucial role in plastic deformation and strengthening of the

materials [43].
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Figure 1.6 (a) Maps

showing the range of yield strength versus HV for structural materials [8].

(b) tensile strength vs elongation and (¢) compressive strength vs compressive strain of HEAs

composed with different phase [35].

(2) Mechanical behavior at wide temperature range: As discussed earlier, the fcc-based

CrMnFeCoNi alloy is one of the most HEA in terms of mechanical properties at room

temperature and be

strength increasing

low. These HEAs exhibit a strong temperature dependence, with yield

as temperature decreases [44]. This is due to a shift in the deformation

mechanism from single dislocation movement to a combination of deformation-induced

twinning and dislocation gliding. Conversely, TaNbH{ZrTi RHEAs demonstrate continuous
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strain hardening and good ductility at high temperatures [45]. The yield strength of this alloy
ranged from 929 MPa at 296 K to 92 MPa at 1473 K. The mechanical behavior of HEAs at
elevated temperatures is illustrated in Figure 1.7 (a) [35]. Compared to traditional metals, the
HEAs maintain good mechanical properties at temperatures exceeding 600°C. Currently, the
AlCoCrFeNi HEAs were introduced as hypoeutectic, eutectic and hypereutectic states by Guo.
et al [46], which showed good mechanical properties with stable phase boundaries achieved in

a wide compositional range, and at both room and cryogenic temperatures, as shown in Figure

1.7 (b).
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Figure 1.7 (a) Specific strength vs. temperature of HEA with respect to conventional high

temperature materials [35]. (b) Engineering tensile stress-strain curves of AICoCrFeNix(x =

Strain (%)

2.0, 2.1 and 2.2) alloys at RT, at -70 °C, and at -196 °C [46].
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(3) Creep behavior: The creep behavior of a number of HEAs has been studies in a range of
temperature, for example, dislocation creep behaviors of CoCrFeMnNi at room temperature
[47], time-dependence plastic deformation behavior of nanocrystalline and coarse-grained
CoCrFeMnNi [48], creep behavior of the AITiIVNbZr0.25 HEAs by employing the uniaxial
stress-relaxation tests at 1073K [49]. The creep characteristics are typical for class A behavior
with viscous glide by interaction of dislocations and specific atoms [49]. The quasi-stationary

creep rate obeys a three-power law and the transients after stress changes are inverted.

(4) Fatigue behavior: Given that many potential applications for HEAs, such as aircraft engine
components, frequently encounter cyclic loading, the fatigue properties of HEAs are critically
important. Generally, fatigue failures occur through the fundamental stages of crack initiation
and propagation, and the fatigue mechanism of different crystal structure in HEAs are
compared in Figure 1.8 [50]. For example, the fatigue behavior of wrought A10.5CoCrCuFeNi
HEAs with dual fcc phases has been investigated in terms of high-cycle stress-lifetime (S-N)
relations and fatigue strength. This assessment involved conducting four-point bending fatigue
tests at room temperature with a stress ratio (R) of 0.1, where R is defined as the ratio of applied
minimum stress (omin) to maximum stress (gmax). The fatigue-endurance limit and the ratio of
fatigue-endurance limit to ultimate tensile strength were determined to be within the ranges of
540-945 and 0.402-0.703, respectively [51]. Additionally, the impact of temperature on fatigue-
crack growth was examined for the CrMnFeCoNi HEAs, utilizing disc-shaped compact-

tension specimens subjected to a load ratio of R=0.1 [52]. The lower fatigue ratios of HEAs
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are notably superior to those of steels, titanium, and nickel alloys, and they also outperform

zirconium alloys and certain Zr-based bulk metallic glasses.

FCC HEA (a)|| Bec HeA (b)

f//\//

Crack along slip lines Propagate in grains

%>

Crack at twin boundary Initiate at grain boundary

Metastable HEA (C)|| Multi-phase HEA (d)

Phase |

Nano-precipitate

Crack branching
and deflection

Phase |l

Deflected at particles
Branching and deflection Initiate and propagate at PSBs
at twin boundary Initiate and propagate at interface

Figure 1.8 Schematic illustration of the fatigue mechanism in the (a) fcc-based, (b) bee-based,

(c) metastable with phase transformation from fcc to hcp and (d)multi-phase HEAs [50].

(5) Wear behavior: Wear is a significant problem limiting the lifetime of metallic components
in a variety of functional and structural applications. As a result, the development of novel
metallic alloys with excellent wear resistance is in high demand to ensure the reliability,

longevity, and efficiency of metallic contacts in severe situations. This enhancement is
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attributed to its high hardness, which not only prevents plastic deformation and delamination
but also contributes to oxidative wear resistance, facilitated by the formation of an oxide film.
For example, the wear performance AlICoCrFeNi HEAs was enhanced with the increase of
temperature as the formation of a compact oxides in the contact region and a precipitation
strengthening in the subsurface [53]. The TiZrNbTaMo HEAs exhibited superior dry- and wet-
wear resistance with low wear rates at 3x10”7 mm>-N!'-mm™ and 2.6x10”7 mm?-N"'"-mm™,

respectively [54].

1.1.3.2 Applications for HEAs

HEAs have the potential to be employed in a wide range of applications, including structural
and functional materials. Additionally, HEAs can be used with liquids, polymers, and even
ceramics [10]. With excellent wear and corrosion resistance, HEAs can be used as coasting to
resist the high-temperature friction and corrosion. Besides, the introduction of Al and Cr
elements into HEAs, for example, AICoCrFeNi2.1 HEAs, enhanced the oxidation resistance
and corrosion resistance of HEAs [55], which exhibited potential power to be ice-breakers,
pipelines in ships, motor housing, valves, offshore oil platform, acid pump components, instead
of copper alloys and stainless steels, and be complex structural castings requiring both excellent
mechanical properties and corrosion resistance. Moreover, the fcc-based HEAs can keep
superior mechanical properties in a wide range of temperatures from 77K to as high as 1000K.
In addition, the RHEAs and some eutectic HEAs could be helpful to for thermal barrier coatings

and heat-resistant/ wear-resistant coatings as they have excellent high-temperature mechanical
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performance [56]. As a new class of metal materials containing multi-principal elements, HEAs

demonstrate unique and attractive engineering properties.

Another promising application for HEAs is functional materials. For instance, adding
lightweight elements can reduce the density of HEAs, making them suitable for mobile devices,
battery anodes, and the transportation industry. Additionally, the excellent damping properties
of certain HEAs make them ideal for manufacturing shock absorbers [31]. Furthermore, HEAs
with lamellar structures can exhibit magnetoresistance between hard and soft magnetic phases.
In summary, HEAs, with their tailored structures and properties, can potentially revolutionize

metallic materials.

1.2 Strategies to Improve Mechanical Properties

Like traditional polycrystalline metals and alloys, HEAs derive their primary strength
from inherent lattice friction, which impedes dislocation motion. Additionally, they benefit
from multiple strengthening mechanisms such as solution strengthening, precipitation
strengthening, grain refinement, phase transformation-induced strengthening, and deformation

twin strengthening, further enhancing their mechanical properties.

1.2.1 Grain-boundary strengthening

Grain boundary (GB) plays a crucial role in impeding dislocation movement during the
plastic deformation process. This strengthening effect is due to two microstructural factors: the

requirement for dislocations to change direction at GBs because of varying grain orientations
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and the discontinuity of slip planes between adjacent grains [12]. Based on the classical Hall-
Petch relationship, it is known that reducing grain size can increase pinning points impeding
the propagation of dislocations. The Hall-Petch equation between yield stress () and grain size

(d) is listed below:

o =0y + kyd 1/? (1.2-1)

where oy is the intrinsic stress, d is the grain size and 4, is the Hall-Petch coefficient. Numerous
disordered GBs necessitate more energy for dislocation to traverse into adjacent grains. This
impediment restricts dislocation movement within slip planes, reducing plasticity and
increasing strength. Additionally, grain morphology significantly affects the GB strengthening
mechanism. Coarse grains weaken GBs and inter-grain bonding, leading to rapid deterioration
of thermo-plasticity in the solidified microstructure. Therefore, refining grains hinders
dislocation motion by providing more obstacles and increasing the GB fraction relative to grain
volume, effectively restricting interaction between GB and dislocations, as shown in Figure
1.9(a) [57]. The comparison of synergistic strength and ductility for various HEAs, MEAs, and
traditional nanocrystalline alloys with different compositions is shown in Figure 1.9(b) [58].
While increased strength typically results in decreased ductility, like traditional nanocrystalline

alloys, grain refinement notably enhances the strength of HEAs.
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with compositional variations [58].
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Figure 1.9 (a) Interactions between GBs and dislocations in the CrFeCoNiPd HEAs [57] (b)

Strength-ductility synergy in single phase HEAs, MEAs and traditional nanocrystalline alloys

For instance, the research results of fully recrystallized CrCrFeMnNi HEAs with different
grain size ranging from 503 nm to 88.9 nm showed that yield strength significantly increased
from 236 MPa to 888 MPa, and the strain-hardening curves changed as well, as shown in Figure
1.10 [59]. For materials with low SFE, strain-hardening is sensitive to grain size as the
dislocation and deformation twin could be activated at different strains. Similarly, the grain
size of HfNbTaTiZr RHEAs was controlled by heat treatment [60], which increased both

strength and ductility as the grain growth rate was controlled by the slowest element, i.e., Nb
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Figure 1.10 (a) Tensile true stress-strain curves and (b) strain-hardening rate curves of

CoCrFeMnNi HEAs with different grain sizes [59].

Moreover, grain refinement can be applied to reinforce the effect of twinning and phase
transformation during deformation process. The TWIP effect was activated in
Cr20Mn15Fe34CoNill HEAs after grain refinement, which simultaneously increased strength
and maintained ductility [61]. When the grain size is reduced to ~1.5 pm, the deformation
twinning ensures a high strain hardening rate at high strain levels to keep a high uniform
elongation. Furthermore, apart from plastic deformation, reducing grain size can also be
accomplished through introducing new elements, i.e. carbon in HEAs. A series of
(AlCoCrFeNi)100—xCx (x = 0-8, atomic ratio) HEAs were prepared to reduce grain size from
~250um to 50pum with the alloying effects of C, which increased yield strength from 1120MPa
to 1426MPa [62]. Yang et al. introduced a unique disordered interfacial nanolayer at GBs
between adjacent micrometer-scale superlattice grains in

Ni43.9C022.4Fe8.8Al10.7Ti11.7B2.5 alloys, as shown in Figure 1.11 [63]. This nanolayer is a
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persistent source of toughness by facilitating dislocation migration, effectively preventing
brittle fractures at GBs. As a result, the alloy demonstrates remarkable mechanical properties,
including ultra-high strength (1.6 GPa) and 25% tensile elongation at room temperature, along

with excellent thermal stability and resistance to softening.
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Figure 1. 11 (a) High-resolution HAADF-STEM image revealing the ultrathin disordered layer
at the GBs with a nanoscale thickness. (b) Atomic-resolution HAADFSTEM image and

corresponding EDX maps taken from the inner L12-type OSG, revealing the sublattice
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occupations. (c-d) stress-strain curves and the yield strength versus uniform elongation

compared with other bulk ordered alloys [63].

1.2.2 Deformation-induced Phase transformation and Twinning

Strengthening

The transformation-induced plasticity(TRIP) and twinning-induced plasticity (TWIP)
observed in some steels have been employed in HEAs to improve strength and ductility as the
metastability of the parent phase. Because the parent phase is metastable, it can partially change
into a new phase when subjected to thermal processing or, more typically, plastic deformation.
Currently, metallic alloys can be metastable by tuning their SFE, practically through adjusting
the chemical composition or changing the deformation temperature. More interfaces and
boundaries could be introduced, which offers fewer accessible paths for dislocation movement,

thus contributing to strengthening.

An example of metastability-engineering was found in fcc-based non-equiatomic Fe80-
xMnxCo10Cr10 (x= 45 at%, 40 at%, 35 at% and 30 at%) HEAs [22]. The parent fcc phase in
this system is metastable by reducing the content of Mn with the phase transformation from
fce to hep. The twins and dual phase can be achieved when the content of Mn is decreased to
40 at% and 30 at%, respectively, which is in line with the rule of decreasing SFE. In Figure
1.12, deformation-induced martensitic transformation (fcc — hcp) is the primary deformation
mechanism in Fe50Mn30Co10Cr10 HEAs at the early stage of deformation, which increases

additional obstacle of phase boundary to prohibit dislocation movement, thus causing strain

25



Chapter 1 Introduction

hardening. When the content of fcc decreases significantly at high strain, the hcp phase plays
an essential role in the plastic deformation and strain hardening by contributing to dislocation
slip, twinning, and stacking faults. Therefore, this enabled TRIP HEAs to display excellent

strength-ductility tradeoff.
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Figure 1.12 The evolution of deformation mechanism of TWIP- TRIP HEAs: (a) XRD patterns
and EBSD phase maps and (b) Mechanical properties of Fe80 — xMnxCol10Cr10 (x=45 at%,
40 at%, 35 at% and 30 at%) HEAs [22].

Similarly, the phase transformation fcc — hcp also can be found in
Fe40Mn10Co020Cr20Nil0 HEAs [64], 49.5Fe30Mnl10Col10Cr0.5C HEAs [65] and
Fe42Mn28Co10Cr15Si5 HEAs [66]. Another important phase transformation case is fcc —
bce transformation, as that activated in the Fe60Col15Ni15Cr10 HEAs [67] at cryogenic
temperatures. The bce nucleated at the intersections of shear bands in grain with the fcc phase
and gradually grow up to offer abundant barriers for dislocation movement (Figure 1.13). The
initial phase constitution of a metastable HEA can be either a single parent phase or a dual

phase.
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Figure 1.13 Microstructure evolution during 77K-deformation of the alloy Fe60Co15Ni15Cr10

with respect to an increase in tensile strains [67].

Moreover, the TRIP effect has been utilized in bee-based HEAs to enhance ductility by
introducing a secondary phase. Huang et al. [68] fabricated TiZrHfTax (x = 1, 0.6, 0.5, 0.4)
HEAs with varying Ta content to destabilize the bce phase. A single bee phase is obtained in
the quaternary equiatomic TiZrHfTa HEAs, while more hcp phase is detected as the Ta content
decreases, as shown in Figure 1.14. This increase in the hcp phase content significantly
improves the ductility of the specimens, with the uniform strain increasing by over 27%. The
phase transformation alleviates stress localization at the interface between the bcc and hep
phases, facilitating plastic deformation and preventing early crack formation. The TRIP effect

endows HEAs with multiple-stage strain hardening dominated by dislocation slip or
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martensitic phase transformation, which eventually increases strength and maintains ductility

simultaneously. The strengthening effect of two phases can be expressed as, i.e. [12],

AO-pht = Opar X fiaar + Omar X fmar

(1.2-2)

where opar, and omar are the strengths of the parent and martensitic phases, respectively. fpar and

fmar are the volume fractions of the parent phase and the martensitic phase, respectively.
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Figure 1.14 (a) Microstructure of TiZrHfTax HEAs with different content of Ta. (b)

Representative tensile true stress—strain curves. (¢) The corresponding strain-hardening rate

curves.
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The enhancement of strength and strain hardening by twins has also been reported in
various HEA systems, such as the fcc-based CrMnFeCoNi [61] and the AlICoCrFeNi [69] HEA
with L1, and B> phases. For example, the research results of tension test of AICoCrFeNi2.1
HEA revealed that deformation twinning is the primary mechanism dominating the plastic
deformation [69]. With the twin-twin deformation mechanism, the alloy can exhibit excellent
mechanical properties at high temperatures. Similarly, during the deformation process at low
temperatures, the twinning deformation mechanism accompanied by limited prior slip was also
activated in FeNiCoCrMn HEAs [70]. Su et al. [65] investigated that twinning in the parent fcc
grains made the primary contribution to the improvement in the yield strength of the
microstructures created by tempering and annealing in the interstitial TRIP-TWIP
Fe49.5Mn30Co10Cr10C0.5 HEAs with the phase transformation from fcc to hep. In the TRIP-
TWIP HEAs with low SFE, which exhibit fcc — hcp martensite phase transformation and
deformation twins, the phase boundaries and twin boundaries significantly contribute to the
improved yield strength, sometimes even more so than grain refinement [71]. For example, a
decrease in grain size leads to a reduction in twin thickness and an increase in twin spacing in
Alo.1CoCrFeNi HEA, as illustrated in Figure 1.15 [72]. Grain refinement significantly inhibits
the twinning activity in this recrystallized HEA, which reduces the development of twinning

on strain-hardening ability and tensile ductility.
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Figure 1.15 (a) Twins in Al0.1CoCrFeNi HEAs; (b) the twin thickness and (c) twin spacing
distributions of the as-cast and recrystallized HEAs; (d) the average values of twin thickness

and twin spacing versus mean grain size [72].

The strengthening effect of twins can be accomplished via the blockage of twin boundaries
to dislocation movement, therefore, the twin spacing plays a vital role in deciding the
strengthening effect of twins. Thus, the strengthening effect of twins can be typically

characterized by a Hall-Petch-type equation [12, 65, 73], denoted as
Ao, = fikeA; (1.2-3)

where kw 1s the twin boundary strengthening coefficient, f; is the volume fraction of the grains
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with twins and 4 is the average twin spacing (i.e., the average twin thickness).

Normally, the strengthening mechanism in HEAs is a combination of different ways rather
than a simple method as the complicated microstructures and element composition in HEAs,
for example, in the Cr26Mn20Fe20Co20Nil14 [74], Fe50Mn30Col0Cr10 [75]and
Fe40Mn40Co10Cr10 [76] HEAs. The strengthening mechanisms include phase transformation,
deformation twinning and dislocation slipping, which are responsible for the extraordinary
ductility and strain hardening capability. Deformation twins offer more obstacles against
dislocation motion via cut-free path of dislocation, resulting in increased stress. Meanwhile,
the lamellae twin became thinner with the increased density of TBs, which retains the

dislocations motion.

1.2.3 Solid Solution Strengthening

HEAs comprise several principal elements, primarily forming a random solid solution.
Incorporating solute atoms into the solvent matrix enhances the mechanical properties of HEAs
through a mechanism known as solid solution strengthening [77]. This strengthening
mechanism arises from interactions between solute atoms and gliding dislocations.
Consequently, solid solution strengthening significantly contributes to the high yield strength
(YS) observed in some HEAs, with approximately half of the YS attributed to solid solution
strengthening and the other half to additional strengthening effects, i.e. grain boundary
strengthening [78]. The solid solution strengthening in (CoCrNi)94AI3Ti3, caused by the

addition of substitutional Al and Ti solutes, which increased yield strength to ~750 MPa and
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tensile strength of ~1.3 GPa, while maintaining ~45% ductility, as shown in Figure 1.16(a-c)
[79]. High-density stacking faults prevail in the precipitation-hardened alloys, as denoted in
Figure 1.16(d-e). Solid solution strengthening in binary or multicomponent alloys resulted
from variations in lattice coordinates relative to ideal positions, with lattice distortion induced
by different elements considered a fundamental factor in the general formulation of solid

solution strengthening for both binary and highly concentrated alloys [80].
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Figure 1.16 (a) Engineering stress-strain curves and (b)the corresponding strain hardening rate
of the CoCrNi and (CoCrNi1)94Al13Ti3 MEAs. (c¢) Ni, Ti, Al, Co and Cr atom maps in a typical
APT tip of (CoCrNi)94Al3Ti3 MEAs. (d-e) Prevalence of SFs with the solid solution

strengthening [79].

Moreover, adding interstitial elements like C, N, O and B is an effective method to trigger
solid solution strengthening. For example, Son et al. [81] studied the impact of co-doping

interstitials on the mechanical properties of HEAs through doping CoCrFeMnNi HEA with B
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and N, which significantly increased its yield strength by approximately 95%, while
maintaining substantial ductility at around 49.8%. The segregation along GB decreases the
phase stability and activate phase transformation, thereby improving the plasticity. Similarly,
the interstitial elements (oxygen, carbon, nitrogen) existed in the highly distorted substitutional
solid solution matrix in the form of solid solution, rather than forming brittle ceramic phases,
which resultes in high YS at 4.2GPa and elongation at 65% in TiNbZr-O-C-N HEA [80], as
shown in Figure 1.17(a-d). The pillars with high content of interstitial elements depict a good
deformation ability without obvious shear band. Besides, Liu et al. [80] calculated the
contribution of these interstitial elements enriched in different regions in Figure 1.17(e-f): O,
N, and C solid solution strengthening are 2.2 GPa,0.7 GPa, and 0.3 GPa, respectively. The
interstitial strengthening in this RHEA maintains ductility due to the highly distorted substitute
solid solution matrix, which incorporates many interstitial elements without forming brittle

phases.
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Figure 1.17 Mechanical properties of TiNbZr-O-N-C HEAs with different content of O. (a)
Compressive engineering stress-strain curves. (b) Load-displacement curves measured by
bending. SEM images of (c¢) micro-pillar and (d) cantilevers after deformation. (e) 3D
reconstruction of a typical APT specimen taken from the deformed material. (f) Compositional

profile acquired from APT [80].

1.2.4 Precipitation Strengthening

Precipitation strengthening is widely utilized to enhance the mechanical properties of
metallic materials [82]. This technique utilizes the solid solubility of solute atoms at specific

treatment temperatures, where the formation of dispersed particles or secondary phases
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interacts with defects to produce a hardening effect. The function of precipitation strengthening
is determined by the capacity to generate a high density of uniformly distributed nanoscale,
strong precipitates, either through thermo-mechanical processing or subsequent heat treatment
[83]. The development and processing of various HEAs focus on optimizing and maximizing

this precipitation process to enhance their mechanical properties.

So far, the formation of advantageous precipitates like L1, precipitate, B, precipitate, o
precipitate, carbide precipitate and so on induced by composition variation contributes to
enhancement of strength in HEAs [84, 85]. It is found that Ni, Fe, Cr, Co, and Al are widely
applied elements in nanoprecipitate-strengthened HEAs [85]. Yang et al. [86] proposed a
method to introduce high-density, ductile multi-component intermetallic compound
nanoparticles (MCINPs) into complex alloy systems by uniformly distributing L1- precipitates
within an fcc-based FeCoNi HEA matrix through minor additions of Ti and Al. This MCINP-
reinforced alloy demonstrates exceptional mechanical performance, achieving ultra-high
strength of up to 1.5 GPa and a significant elongation of up to 50% at room temperature,
thereby overcoming the typical trade-off between strength and ductility (Figure 1.18). The
controlled nanoscale precipitation and in-situ toughening of MCINPs via manipulation of
order-disorder phase transformation and elemental partitioning contribute to the mechanical
performance. The coherence of MCINPs with the matrix fosters a unique multi-stage work-

hardening behavior, effectively mitigating plastic instability typical in high-strength materials.
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Figure 1.18 (a) The precipitates used in HEAs and (b) the ordering crystallographic structure
and site occupancy of the L1 MCINP by density functional theory (DFT) calculations of the

Al7Ti7 alloy. (c) Engineering stress-strain curves. (c) work hardening rate curves of the

MCINPS alloys [86].

The precipitates are introduced with the change of element composition; however, the phase
stability is changed together. Wang et al. [87] investigated the relationship between heat
temperature and phase transition in A10.5Cr0.9FeNi2.5V0.2 HEAs, and discovered a sequence
of phase transition fcc — fcc + L12 + bec — fec + L1z + bee + Bo — fec + B2 — fec when the
temperature increased from 200 °C to 1100 °C. The L1, precipitates are unstable at extremely
high temperatures, limiting the application of precipitation strengthening of L12 below a critical
temperature. The size of L1; increases from 93.7 nm to 780.4 nm from 800 °C to 1000 °C with
a corresponding decrease of volume fractions of about 37-17% as the GB stabilization slows

the elemental diffusion [88]. Moreover, the introduction of B> precipitates in the
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Al0.5CoCrFeNi HEA notably enhances its fatigue life with the number of reversals to failure
over 10° by improving yield strength, work hardening capability, and ductility, which is shown
in Figure 1.19 [89]. This enhanced low-cycle fatigue resistance primarily due to the unique
properties of the B precipitate phase, which exhibits high elasticity, plastic deformability, and
reversible martensitic transformation. When microcracks develop, the high elasticity of B»
precipitates and ability to undergo reversible martensitic transformation effectively slow down

dislocation consumption and suppress cyclic softening, significantly extending the fatigue life.
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Figure 1.19 Mechanical properties of Al0.5CoCrFeNi HEA. (a) Engineering stress-strain
curves. (b) Cyclic stress response curves. (¢) Hysteresis loops at selected numbers of cycles
fatigued at the strain amplitude of +1%. (d) Total strain amplitude, elastic-strain amplitude, and
plastic strain amplitude versus the number of reversals to failure. (¢) The comparison of Coffin—

Manson fatigue data for A10.5CoCrFeNi HEA and other conventional alloys [89].

1.3 Heterogeneous Structure in HEAs
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Like traditional alloys, HEAs face the challenge of the strength-ductility trade-off, which is
the inherent compromise between strength and ductility observed in materials with
homogeneous structures. Several strategies have been developed to optimize the mechanical
properties of HEAs through careful tuning of their chemical composition and microstructure.
Compared with conventional methods of adjusting chemical composition, manipulating the

microstructure offers a promising approach.

1.3.1 Gradient Nanostructure (GNS) in HEAs

To widen the application fields, high strength and excellent ductility are necessary. These
mechanical properties are primarily influenced by dislocation movement: restricting
dislocation movement increases deformation resistance, while allowing dislocation motions
ensures plastic deformation. Therefore, strengthening mechanisms that improve strength often
results in reduced ductility. The key to retaining ductility as strength increases is to enhance
strain hardening ability, enabling the material to cope with rising flow stress and delay plastic

instability [90].

To facilitate strain hardening and strain delocalization within homogeneous nanograins or
coarse grains, the GNS designed in the mid-2000s with an internal gradient microstructure from
surface to the interior of grain size, phase composition, and twin thickness ranging from
nanoscale to microscale has been devised, which can overcome the strength—ductility trade-off
of metallic materials [91]. Unlike homogeneous coarse grains or nanograins, GNS materials

display heterogeneous deformation mechanisms. The deformation limited in the gradient
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microstructure endows GNS materials with superior properties, including high strength, strong
ductility, fatigue resistance and friction properties [92-94]. This microstructure combines a
nanograined layer adhered to a ductile coarse-grained substrate composed of the same material,
with a transition layer possessing a graded grain structure positioned between them. As shown
in Figure 1.20 [91, 95], compared with the homogeneous, the transition layer features a
variation of grain sizes (or grain-boundary density) that exhibits elastic homogeneity but
demonstrates a gradient in plastic behavior. This GNS has been applied in some conventional
materials like copper [96], steels [97, 98] and magnesium [99]. For example, the GNSed copper
with a grain size at about 40 nm in the topmost surface overcame the inverse Hall-Petch effect
with the deformation twining and detwinning process during plastic deformation, which
exhibits dislocation activities-mediated mechanisms in coarse grains and sub-grains and

twinning-mediated mechanisms in ultra-fine grains [96].
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Figure 1.20 (a) Strength—ductility synergy of GNS combining nanograins and coarse grains. (b)
Normalized yield strength versus normalized uniform tensile strain of homogeneous and

heterogeneous materials [91, 95].
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Currently, the GNS has been successfully fabricated in HEAs [100-102], i.e. CrCoNi
MEA [103], (Fe40Mn40Co10Cr10)C3.3 [104], CoCrFeNiMo0.15 HEAs [105]. Stress and
strain partitioning occurs at the interface between hard domains, comprising ultrafine grains
and nanograins, and soft domains, constituted by micron-size grains [106]. This phenomenon
leads to significant stress concentration at the contact points within the ultrafine grains during
tensile deformation. The elevated stress levels at the borders of the ultrafine grains trigger the
emission of partial dislocations, subsequently leading to the formation of deformation twinning
or phase transformation. Moreover, the dislocation movement increases progressively with the
accumulation of plastic strain, which generates newly formed nanograins and imparts a higher

degree of heterogeneity to the overall structure.

For instance, the rotationally accelerated shot peening (RASP) technique was applied in
CrCoFeNiMn to fabricate GNS, as shown in Figure 1.21, resulting in an increase in yield
strength from 323MPa to 610MPa [107]. The change of average grain size along the depth
from surface to interior induces the microhardness decrease away from the surface. Dislocation
slip and deformation twinning are the two main deformation mechanisms in this GNSed HEA.
The gradient structure is treated like a CG sandwich in the core, and the surface layer with
defined grain presented high strength/hardness. However, the core structure remains
undeformed, so there is a significant difference between the surface layers and the core, which

evades strength-ductility trade-off.
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Figure 1.21 Typical microstructure of GNSed CoCrFeNiMn HEA. (a-f) EBSD images of GNS

generated by different parameters. (g) Microhardness distribution and (h) Engineering stress-

strain curves [107].

Similarly, Wu et. al [108] fabricated heterogeneous structure in Al0.1CoCrFeNi HEAs
through cold working and intermediate-temperature-annealing non-recrystallization with
subgrain boundaries, numerous dislocations, SFs an annealing twins in Figure 1.22. The
variation of density of dislocation inside the partially recrystallized and fully recrystallized

grains cause dislocation-density heterogeneity, which enable HEAs to exhibit a high ultimate

strength at 928MPa and elongation at 30%.
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Figure 1.22 (a) Typical heterogeneous microstructure; (b) Engineering stress—strain curves; (c-
d) SFs and dislocations along subgrain boundaries. (e-f) Dark field TEM images of deformation

twins [108].

Pan et al. [109] introduced a novel gradient nanoscale dislocation cell structure within a
stable single-phase Al0.1CoCrFeNi HEA depicted in Figure 1.23, achieving enhanced strength
without significant loss of ductility. This gradient structure is formed via cyclic torsion
treatment, resulting in a hierarchical dislocation arrangement throughout the specimen. The
nanoscale dislocation cell structure contributes to continuous hardening and an unusual work-
hardening response by effectively impeding dislocation motion. The deformation mechanism
is characterized by the progressive formation of high-density SFs and twins, originating from

the abundant low-angle dislocation cells.
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Figure 1.23 Typical gradient dislocation structure in Al0.1CoCrFeNi HEA processed by cyclic
torsion processing. EBSD images of (a-b) gradient microstructure and (g-h) core region. (c)
Schematic of gradient dislocation structure with a gradient distributed low angle dislocation

structure. (d-e) Corresponding TEM image of dislocation structure at the topmost surface. (f)

1.3.2 Multi-phase Heterogeneous Structure in HEAs

with low SFE exhibit high ductility and high strength. Therefore, they have the potential to be
used as base alloys for microstructure modification, wherein precipitation strengthening and

heterogeneous grain structures can be added to obtain the ideal combination of ductility and
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strength. For example, spinodal decomposition structure is a typical dual-phase structure with
different composition but the same crystal structure [110]. A popular class of materials
developed using the dual-phase concept like dual-phase steels [111] have been developed for
automobile applications. The advantage of the martensite-ferrite dual-phase steels is that the
volume fraction of the martensite phase can be controlled by adjusting the austenitization
temperature in the ferrite—austenite two-phase zone of the phase diagram, which determines
the ratio of the austenite to ferrite [112]. Guo et al. [113] outlined phase selection criteria to
predict phase composition in HEAs. These criterias include mixing enthalpy, configurational
entropy, mismatch entropy, melting point, atomic size mismatch, electronegativity, and valence

electron concentration, as illustrated in Figure 1.24.
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solid solutions in HEAs [113].

Du et al. [114] demonstrated that a dual-phase heterogeneous structure in CrCoNi-based
MEA comprising both matrix and precipitates can achieve an ultra-high tensile strength of 2.2
GPa and a uniform elongation of 13% at room temperature. This dual heterogeneous structure
featured a matrix with a combination of coarse grains and ultra-fine grains with average grain
size at about 1.2 um, alongside L1-structured nanoprecipitates of varying sizes from several
to hundreds of nanometers are generated by annealing, as shown in Figure 1.25. These L1»
nanoprecipitates, fully coherent with the matrix, minimize elastic misfit strain at the interfaces,
reduce stress concentration during deformation, and contribute significantly to enhanced

ductility.
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Figure 1.25 The microstructure of dual-phase heterogeneous structure in CrCoNi-based MEA
generated by cold-rolling and annealing. (a), (d), (g), (j) for CR (cryo-rolling); (b), (e), (h), (k)
for CRA (cryo-rolling followed by a high-temperature annealing); and (c), (), (i), (1) for CRAA

(cryo-rolling followed by high-temperature annealing and a subsequent aging) [114].

Besides, the interaction between local chemical environments and deformation-induced

crystal structure changes in Cr20Mn6Fe34Co034Ni16 HEA [57] composed of fcc and hep phases
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indicates a link between deformation mechanisms and atomic distribution. In Figure 1.26, as
the dual-phase microstructure, more deformation-induced hcp phase is formed along the SFs
network boundaries in the fcc phase, which becomes the primary source of strain hardening.
This dual-phase structure contributes to forming SFs networks, which drives the phase
transformation from fcc to hep. These networks are formed due to fluctuations in lattice friction,

which are inherently associated with concentration waves within the materials.

Constructing 3D SF networks in HCP

m e =

Figure 1.26 (a) TEM image of the dual-phase microstructure in Cr20Mn6Fe34Co034Ni6 HEA.
(b) HRTEM image of the interface between fcc and hcp phase. (c-e) are the microstructure of

SFs networks and partial dislocations [57].

Except for the above single crystal structured materials, introducing amorphous phase in
crystalline materials is also an effective method to modify microstructure and further influence

properties. Amorphous metallic alloys are initially regarded as structural materials with high
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strength [115]. Nevertheless, their widespread applications have been significantly constrained
by their inherent limitation of ductility. Meanwhile, nanocrystalline alloys have been
extensively studied, but for crystalline alloys with grain sizes smaller than approximately 15
nm, the inverse Hall-Petch effect leads to a softening effect [116]. Therefore, to address the
limitations and improve the properties of nanocrystalline and amorphous alloys, one proposed
strategy is to combine them, forming amorphous-nanocrystalline metallic materials [117]. On
one hand, nanocrystalline-amorphous metallic materials inherit exceptional properties from
both their amorphous and nanocrystalline components, including superior magnetic properties,
remarkable wear and corrosion resistance, and outstanding hardness and strength [118]. On the
other hand, these alloys also demonstrate enhanced thermal stability and ductility, features that
are challenging to attain in either amorphous or nanocrystalline alloys [119]. This kind of
microstructure can be obtained through the nanocrystallization in metallic glasses and partial
amorphization along nanograin boundaries [119], which includes annealing, severe plastic

deformation, ball milling, laser, irradiation, and so on (Figure 1.27).
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Figure 1.27 Development traces of amorphous alloys, amorphous-nanocrystalline alloys, and

nanocrystalline alloys [119].

For example, the rapid solidification process of remelting in the amorphous materials is
an effective method of activating partial crystallization and introducing the crystalline phase
[119]. The free energy of nonequilibrium solid solution and lattice for crystalline phase is
higher than that of the amorphous phase, which could result in the amorphization of the
intergranular amorphous layer along GBs [120]. Similarly, some bulk metallic glasses adopt
deformation-induced or annealing-induced crystallization to acquire the coexistence of
crystalline and amorphous phases [119, 121], like the long-range orders are formed through
cold rolling in some amorphous Al-based and Zr-based alloys [122, 123]. This partial

crystallization induced by plastic deformation extended solid solubility to soften.

Moreover, amorphous phase can be generated within crystalline HEAs to form crystalline-
amorphous nanocomposite through the proper techniques like magnetron sputtering process,

laser treatment and so on [124-126]. For example, Wu et al. [127] investigated a Mg-based
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dual-phase nanostructured material prepared by magnetron sputtering process, which consisted
of MgCuz nanocrystalline cores with a diameter of about 6 nm and a Mg-enriched amorphous
shell, forming a "supra-nanometre-sized dual-phase glass-crystal" structure in Figure 1.28(a).
This material has a near-ideal strength of 3.3 GPa, attributing to the synergistic strengthening
effect of nanocrystals and amorphization, where the amorphous shell hinders dislocation
motion and shear band propagation, as shown in Figure 1.28(b-c). Furthermore, this material
also exhibited high hardness, low Young's modulus, and size-independent strength

characteristics (Figure 1.28(d)).
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Figure 1.28 (a) Structure of crystalline-amorphous phase dual-phase in magnesium alloys. (b)
HRTEM images of arresting the initial shear band generated two sub-shear bands. (c)
Engineering stress—strain curves for micropillars in dual-phase magnesium alloys. (d) Curves
of Young’s modulus and ultimate stress for compared the dual-phase Mg with other

nanocrystalline alloys [127].
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Similarly, a crystal-glass HEA nanocomposites was obtained by doping a glass-forming
Fe—Si—B system into a crystalline CrCoNi base alloy through magnetron co-sputtering, which
allowed the coexistence of a nanocrystalline phase with low SFE and an amorphous phase
[128]. The nanocrystalline phase contains high-density nanotwins and SFs, which acts as
effective barriers for dislocation motion, as shown in Figure 1.29. The amorphous phase
undertakes the main plastic flow during the plastic deformation, absorbing some of the
dislocations generated from the grains and migrating towards the grain-amorphous interface.
This plastic flow of the amorphous phase helps to suppress the formation of shear bands,
improving the uniform plasticity of the material. At the same time, the newly formed grain-
amorphous interface also becomes a barrier to dislocation activities, producing a strengthening

effect, compensating for the softening caused by the decrease in twin density.
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Figure 1.29 (a-b) TEM and HRTEM images of crystal-glass high-entropy nanocomposite. (c-
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d) are concentrations of Cr and Fe illustrating crystal and glass. (¢) Compressive engineering

stress-strain curves. (f-1) SEM images of deformed pillar [128].

Moreover, atomistic models provide crucial insights into the atomic deformation
mechanisms involving defect-interface interactions. These models illuminate processes such
as GB sliding, GB migration, slip transmission, and dislocation nucleation, which enhances our
understanding of the fundamental deformation behaviors in the crystalline-amorphous
microstructure. Wang et al. [129] investigated crystal-amorphous nanolayered materials
composed of alternating 5-nm-thick Cu layers and 35-nm-thick Cu-Zr glass layers through
molecular simulation, which exhibits a high tensile elongation of up to 13.8% and a high flow
stress of 1.09 GPa at room temperature. It is found that the nanoscale metallic glass layers can
absorb dislocations and achieve a uniform plastic deformation at the crystal-amorphous
interface, thereby enhancing the ductility of the entire material. The mechanical performance
of this crystal-amorphous composite material surpassed that of single-phase elemental
materials, providing a feasible approach to developing new nanomaterials with superior
strength and ductility. The dislocation nucleates from the amorphous-crystalline interface (ACI)
or GBs, gliding across the nanocrystal layer and being absorbed in the opposite GBs or ACI,
as shown in Figure 1.30. The ACIs, compared to the GB or the crystal-crystal interface (CCI),
have better slip transfer capability and can eliminate extreme geometric incompatibility. The
metallic glass layer serves a dual purpose by acting as a source and sink for dislocations, which
mediates inelastic shear and slip transfer, effectively preventing extreme stress concentrations

that can otherwise initiate fractures.
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Figure 1.30 (a) HRTEM images of crystalline-amorphous nanolaminates. (b) Dislocation
nucleates at ACIL. (c) Activation of STZ (shear transformation zone) induced by partial
dislocations in the amorphous layer. (d) Incompatibility of dislocations in the amorphous layer

[129].
1.4 Processing Methods of Heterogeneous Structure

Currently, several techniques that can be used to generate nanoscale surface layers on CG
materials through surface chemical treatment and surface plastic deformation [91]. Surface
chemical treatments include surface coating and deposition, and surface plastic deformation
involves applying intense strain to the surface layer to refine its microstructure to the nanoscale.
These nanoscale surface layers often have a distinct interface with the underlying CG matrix

and may differ in composition from the matrix material.
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1.4.1 Severe Plastic Deformation

To fabricate GNS surface layer in metallic materials, severe plastic deformation techniques
have been developed, including surface mechanical attrition treatment (SMAT) [99], surface
mechanical grinding treatment (SMGT) [130], surface mechanical rolling treatment (SMRT)
[131], high-energy shot peening (HESP) [132], and ultrasonic surface rolling (USR) [133].
These methods rely on intense localized plastic deformation to refine surface grains into the
nanometer regime, while establishing a gradual transition in microstructure from the surface to

the bulk, maintaining structural continuity without introducing a distinct interface.

The detailed mechanisms of the above processing methods are shown in Figure 1.31 [99].
The SMAT process introduces plastic deformation by randomly bombarding the surface with
high-speed spherical shots, typically several millimeters in diameter, which are accelerated by
ultrasonic or mechanical energy. This random multi-directional impact promotes isotropic
deformation and high dislocation density, contributing to uniform grain refinement in the top
surface layer. In contrast, SMGT involves a controlled grinding action wherein a hemispherical
WC/Co tool tip penetrates into a rotating specimen and slides along its axis under lubrication.
The contact stress and frictional shear together induce localized plasticity with directional
features. SMRT, although similar in tooling, replaces the grinding movement with pure rolling,
allowing smoother surface evolution and more uniform stress distribution. These differences
influence not only the efficiency of grain refinement but also the morphology of the resulting

nanostructure. HESP is a kind of industrial surface treatment method that employs high-
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pressure or compressed air to propel stainless steel shots onto the material surface, as shown in
Fig. 1.31(d), inducing severe plastic deformation and forming a hardened layer. By tuning
processing parameters such as peening pressure, injection angle, and spray distance, HESP can
further enable surface nanocrystallization. The USR process operates by transmitting ultrasonic
vibrations through a rolling tool head, which drives a spherical ball to repeatedly impact the
rotating surface of the workpiece at high frequency and under static pressure. This dual action
of ultrasonic impact and compressive rolling generates a concentrated stress field beneath the

surface, promoting high-density dislocation activity and dynamic recovery.

(a) Sample (d) Affected area

High pressure air
Barometer

/C hamber HESP

Vibration
generator Holder Shots

Sample

Ultrasonic
«—control cabinet

(C) Air compressor

Static force

USR

Lubricant

interval

Figure 1.31 Schematic illustrations of (a) SMAT, (b) SMGT, (¢) SMRT, (d) HESP and (¢) USR

techniques [99].
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The underlying mechanisms of these fabrication methods involve the generation and
accumulation of dislocations during plastic deformation, leading to the formation of
dislocation-cell walls with the transformed sub-grains with small misorientation. Then, as the
strain accumulates, they gradually transform into GBs with larger misorientations. This process
divides the initial coarse grain into multiple fine grains, refining a mean grain size to extremely
low (~20 nm) [134]. Specifically, the deformation mechanism driven by phase transformation,
SF, deformation twins, and dislocation wall can be activated in the GNS layer for the metallic
alloys with low SFE [105, 135]. The resulting grain morphology (e.g., equiaxed or lamellar)
depends on the material and strain path and ultimately governs the local properties. The
thickness and gradient profile of the GNS layer are primarily determined by the magnitude and
distribution of accumulated plastic strain, which are in turn controlled by the process
parameters of each technique [136, 137]. These plastic deformation-based methods offer
versatile pathways for tailoring surface structure and improving the mechanical performance

of metallic alloys.

Except for the specially designed treatment methods designed for the GNS layer, regions
close to the contacting surfaces are subjected to large plastic deformation during the sliding
wear process of metallic materials. This deformation modifies the microstructure and, thus, the
properties of the worn regions, for instance, increasing the hardness through work hardening
and grain size reduction [138]. These methods for modifying microstructures are ideal when

selecting or designing materials for wear-resistant applications. However, worn surfaces
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represent non-equilibrium, dissipative systems that exchange energy and matter with their
environment. This includes the opposing surfaces, as well as any liquid or solid lubricants
present and the gases near the contact area [ 138]. Addressing these interactions poses ongoing
challenges for the wear-induced generation of GNS. Despite these many challenges, an
attractive feature of driven materials is their tendency to self-organize in response to external
forcing microstructural patterns on a nanometer-length scale. This self-organized ability offers
a valuable control parameter in the design of self-adaptive materials. For example, Zhu et al.
[139] studied the formation of a gradient microstructure in pure tantalum subjected to a dry
sliding wear test at room temperature and 600 °C, as shown in Figure 1.32. They discovered
that the compressive stress exerted by the alumina ball induces the formation of gradient
microstructure under the wear track. Their results indicate that the friction coefficient and wear
were independent of the initial microstructure and hardness, however, the depth of the gradient

layer under the wear track depends on the treatment.
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Figure 1.32 (a) Cross-sectional characterization of the TiMoND alloy after dry sliding. (c-f)
bright-field TEM image, HRTEM image, particle size distribution, and SAED pattern of the

glaze layer, respectively [139].

In addition, the CoCrFeNi HEA experienced a significant enhancement of friction and
wear resistance due to the spontaneous formation of a nanolayered subsurface microstructure
during wear [140]. As depicted in Figure 1.33, there are three characteristic layers in the
CoCrFeNi HEA. Closest to the surface, an equiaxed nanocrystalline (NC) layer with an average
grain size of approximately 41 nm extends to a depth of ~0.8 um. Beneath this lies a
nanolaminated layer, consisting of elongated grains with an average thickness of ~63 nm and

a plastically deformed layer marked by high dislocation densities and the presence of nanoscale
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deformation twins forms with the increase of depth, indicating severe strain accumulation. The
formation of this gradient microstructure is attributed to the combined effects of dislocation
activity and deformation twinning, both of which are governed by factors such as SFE, initial
grain size, and fabrication parameters. The resulting depth-dependent grain refinement, with
decreasing structural refinement away from the surface, contributes to a significant reduction
in both the coefficient of friction and wear rate, highlighting the critical role of wear-induced

nanostructuring in enhancing the tribological performance of HEAs.
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Figure 1.33 Cross-sectional microstructural evolution induced by sliding wear in CoCrFeNi

HEA [140].

1.4.2 Ultra-precision Machining
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1.4.2.1 Fundamentals of Ultra-precision Machining

With the development of machining precision, ultra-precision machining technologies are
used to process materials with a high surface quality and accuracy [141]. Ultra-precision
machine technology is suitable for various types of materials including metals such as soft
metals and more challenging materials like hardened steel, stainless steel, high-speed steel, and
hard alloys [142]. Additionally, it is used for hard-brittle non-metal materials, including
semiconductors, ceramics, and glass [142]. Meanwhile, to enhance the properties, surface
quality, reliability of products and interchangeability of components in the modern mechanical

industries, machining precision is developed [141].

As modern industries and high-tech products demand more remarkable accuracy and surface
integrity, research in ultra-precision machining has gained increasing importance. Additionally,
this technology significantly impacts other advanced sectors, including nuclear, national
defense, and aerospace industries. Current ultra-precision machining technologies include
turning, grinding, cutting, polishing, and non-traditional machining [143]. The term "ultra-
precision cutting" refers to a cutting technology that fabricates components with low roughness
at several nanometers using tools made of tough materials, like diamonds. Based on the
fabrication methods, ultra-precise cutting can be divided into precision turning, milling, boring,
compound machining, or combining cutting with ultra-sonic vibration [143]. Regarding ultra-
precision cutting, single-point diamond turning (SPDT) is the primary technique for achieving

nanometer-level surface roughness. In SPDT, a single-crystal diamond is utilized as the cutting
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tool, characterized by its finely sharpened, small-diameter cutting edge [144]. This method is
renowned for producing exceptionally smooth and precise surfaces, making it a cornerstone in
high-precision machining applications. The nanoscale cutting edge can produce a smooth

surface with minimal surface damage.

To achieve a satisfactory machining result, the optimal circumstances of parameters such as
working environment, machine tools, cutting variables, workpiece materials, cutting tools and
cutting fluid should be determined appropriately [145]. Although diamond tools, frequently
used in the ultra-precision machining, have outstanding properties, there are serious
technological limitations for machining carbon-based materials [145]. The working
temperature is restricted, and degradation reactions occur with these metals. Therefore, some
studies show that turning with the hard cubic boron nitride (CBN) tools has a different cutting
mechanism [146]. Furthermore, the cutting edge of CBN tool offers a large negative rake angle
to increase the wedge angle and tool strength, which also leads to severe plastic strain in the
machined material, as shown in Figure 1.34 [147]. The hardness of CBN-built materials
exhibits high hardness at 100GPa, high oxidation temperature at 1294°C and excellent fracture
toughness [148]. Particularly, CBN tools allow a commercial and relatively low-cost offer for

many technological applications.
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Figure 1.35 Set-up of ultra-precision turning under three axis [149].
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Ultra-precision cutting is typically performed using a precision computer numerical
control (CNC) lathe. The process begins by securing the workpiece in a vacuum chuck, which
is then placed on an air bearing spindle, as illustrated in Figure 1.35 [149]. The cutting tool is
mounted opposite the workpiece. To ensure proper lubrication during machining, coolants may
be fed through a nozzle. The single-point cubic boron nitride turning (SPCBNT) is employed
in copper to fabricate heterogeneous structures, including a sub-layer region of nano-
crystalline-nano-twinned and a highly refined nano-twinned nanocrystalline top layer region
(grain size around 10 nm), which resulted in the enhancement of mechanical properties, as
shown in Figure 1.36 [96]. The accumulated plastic strain on the surface induced grain
refinement along the depth direction. Also, a strengthening-soften transition of the deformation
mechanism is generated in the affected region. Similarly, the gradient nanotwin structure is
also successfully fabricated in CrCoNi MEA through the same SPCBNT method, resulting in
the strengthening mechanism having a transition from the parallel grain refinement, twin-twin
intersections, and nanograin rotation, and finally to the zero-macrostrain deformation nano-
twinning in the refined nanograins [150]. This heterogeneous structure exhibits enhanced yield

strength from 450MPa to 1100MPa and well-retained ductility of 27%.
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Figure 1.36 (a-b) Schematic diagrams of the SPCBNT process. (c) Cross-sectional OM image
showing the heterogeneous structure. (d) MD simulation of SPCBNT process [96]. (e)
Hardness and grain size variation at the different depths. (f) Engineering stress-strain curves of

the generated heterogeneous structure in CrCoNi MEA [150].

1.4.2.2 Applications of Ultra-precision Machining in Heterogeneous

Structure

The term "ultra-precision" addresses the challenges of accomplishing specified goals at
technical levels and the specific index of profile accuracy and surface quality. Although surface
roughness is already at the sub-nanometer level, in some applications, ultra-precision
machining technology presents a problem at the nano level (i.e., machining accuracy is nearing
several nanometers). Research on ultraprecision machining has become more pertinent since
modern industries and high-tech goods demand more rigorous accuracy and surface integrity,

which also widen the application fields [147].
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Traditional machining methods for fabricating gradient structures require post procedures,
which lead to complex machining procedures and energy waste. Compared with surface
mechanical treatment for producing GNS, the more feasible and economic machining
procedures like ultra-precision machining technologies are suitable for mass production in
HEAs, which is beneficial for expanding application fields like high-tech areas, such as nuclear,
national defense, and aerospace [106, 151]. Gradient-structured HEAs generated by ultra-
precision machining exhibit excellent wear resistance, which is suitable for coatings with high
demand of surface roughness and friction resistance at high and low temperatures, like
excellent mechanical properties of AICoCrFeNi2.1 HEAs from 77 K to 1000 K [152, 153]. For
example, the fcc-based gradient HEAs coating shown in Figure 1.37 exhibits superior
mechanical properties and wear resistance, making gradient-structured HEAs suitable for

abrasive environments [154].
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Figure 1.37 SEM image of the cross-section of NiCrAl gradient coating [154].

With their excellent mechanical properties and seawater corrosion resistance, gradient-
structured HEAs are ideal for various applications. These include ice-breakers, ship pipelines,
motor housings, valves, offshore oil platforms, and acid pump components, offering a superior
alternative to copper alloys and stainless steel [91, 155]. They are also suitable for complex
structural castings requiring high mechanical performance and corrosion resistance.
Furthermore, their exceptional strength and crack propagation resistance make them well-
suited for safety-critical, load-bearing structural applications. Thus, materials with smooth

surface finishes are also highly appropriate for use in dental and orthopedic implants [93].
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Gradient-structured HEAs present fascinating potential as functional materials, especially
when produced in large quantities and with high surface quality through ultra-precision
machining, as illustrated in Figure 1.38 [149]. The lightweight gradient-structured HEAs can
serve as casings for mobile facilities, battery anode materials, and in the transportation sector
and some HEAs possess effective dampening characteristics, making them suitable as shock
absorbers [95]. Micro-structured functional surfaces, including micro-pyramids, microgrooves,
and structured riblet surfaces, enable HEAs to demonstrate unique properties conducive to
energy conversion [156]. The ultra-precision-machined HEAs facilitate the creation of these
specialized surfaces, making them suitable for applications such as cooling, drag reduction,
and self-cleaning [156]. Exploring the use of gradient-structured HEAs across interdisciplinary
domains such as tribology, geology, optoelectronics, biomechanics, and nanotechnology holds

great promise due to the inherent multifunctionality of these metals and alloys[157].
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Figure 1.38 Typical micro-structures of ultra-precision machining for optical applications [ 149].

1.4.3 Laser surface treatment

With high-density energy, precise control, flexibility, and high precision, laser surface
treatment has emerged as an advanced technique for fabricating GNSed metallic alloys with
varied dimensions and complex shapes, which improves the strength, corrosion resistance, and
fatigue resistance of the remelted zone by optimizing the microstructure or precipitation
characteristics [98, 158]. This technique encompasses methods such as laser shock peening
(LSP), laser surface remelting (LSR), and laser surface quenching (LSQ) [159]. The gradient

refinement mechanisms achieved through LSR and LSQ involve the rapid heating and cooling
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induced by high-power laser beams, with a very high cooling rate at 10*-10° °C/s [98, 160].
The rapid thermal cycles in LSR and LSQ generate ultra-high thermal and residual plastic
strains along the specimen depth during solidification and self-quenching. While extreme
temperatures promote the nucleation of new phases, the short cooling duration inhibits
significant growth of nanosized nuclei, resulting in the formation of GNS that enhance the
mechanical properties of HEAs. For example, the microstructure of the prepared CoCrFeMnNi
HEAs [161] consists of four distinct sections due to varying heat inputs: a fine-grained region,
a transition region, a coarse-grained zone, and a partially recrystallized region, as shown in
Figure 1.39. The combination of partially recrystallized regions, noted for their high yield
strength, with fully recrystallized regions, which exhibit enhanced strain hardenability and
elongation, significantly improved the mechanical performance. This enhancement is primarily

driven by additional strengthening from back stress.
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Figure 1.39 (a) Schematic diagram of laser metal deposition and (b) scanning pattern. (c) Cross-
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sectional images of-gradient structured CoCrFeMnNi HEA [161].

Lou et al. [162] employed high-energy laser pulses to generate high-pressure shockwaves,
which induce ultra-high plastic strain along the depth direction and lead to the formation of
gradient nanostructures on the treated surface. Similarly, Fu et al. [163] studied
CrFeCoNiMn0.75Cu0.25 HEAs specimen with gradient microstructures fabricated by LSP
processing exhibited improved yield strength, attributed to the defects generated by laser
impact illustrated in Figure 1.40. As summarized in Figure 1.40(c), the strengthening can
contribute from the dense dislocation, refined grains, low angle grain boundaries (LAGB) and
nanotwins (NTs). The synergy of dislocation hardening and mechanical twinning significantly
enhances the strain-hardening capability of the LSP-treated HEA, resulting in excellent
plasticity under tensile loading. During subsequent tensile deformation, the core region of the
specimen, unaffected by the LSP treatment, primarily accommodates dislocation activity. In
contrast, the top layer affected by the LSP exhibits minimal additional plasticity due to

sufficient initial hardening.
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Figure 1.40 (a) The schematic illustrations of the strengthening mechanisms of laser shock
peening. (b) Relations between the yield strength with grain size and dislocation density, and
(c) contribution of strengthening mechanism of refined-grains, NTs, dislocations and LAGBs
into the yield strength of the studied CrFeCoNiMng 75Cuo25s HEA specimens before and after

treatment [163].

1.5 Research gaps
HEAs have garnered significant attention because of their exceptional properties and
potential applications across various fields. Furthermore, introducing a heterogeneous structure

in HEAs can improve their mechanical properties, such as addressing the balance between

strength and ductility, as well as enhancing wear resistance. Therefore, it is crucial to establish
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a theoretical foundation regarding the microstructure and properties of HEAs with
heterogeneous structures to facilitate their potential applications. Current research has
demonstrated the feasibility and considerable potential of integrating heterogeneous structures

into HEAs. However, there are still several issues that require further investigation.

(1) The development of fabrication methods of heterogeneous structure/GNS in HEAs

The fabrication methods for heterogeneous structure and GNS are currently limited in
scientific research, such as through surface mechanical treatment. This limitation makes them
unsuitable for industrial applications, particularly in terms of production scale and surface
quality. Therefore, it is essential to discuss newly developed machining methods with
optimized processing parameters that are suitable for mass production when fabricating

heterogeneous structure in HEAs.

1) Traditional machine methods usually fabricate heterogeneous structure accomplished with
inferior surfaces. The need for additional procedures to modify machined surfaces complicates
the machining process and leads to energy waste. This situation highlights the demand for more
efficient and cost-effective fabrication methods, such as ultra-precision machining, which is
suitable for mass production with high surface quality. However, current ultra-precision
machining techniques only produce limited volume fractions of heterogeneous structured
layers that are localized near the surface, resulting in a negligible degree of gradient structure
in the depth direction. Consequently, the limited thickness of these layers adversely affects the

mechanical properties of the entire processed specimen. Therefore, there is a need for
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optimized processing methods to reduce the ratio of the thickness of the bulk specimens to that

of the hardened heterogeneous structured surface layer.

i1) Laser treatment techniques that use a high-energy laser beam to create a remelting zone
are an effective method for controlling the depth of heterogeneous structure. However,
excessively high laser power can negatively affect the microstructure, which in turn influences
the mechanical properties of the material. Therefore, optimizing the processing parameters is
essential for effectively applying laser surface treatment in the fabrication of heterogeneous

structure.

(2) The formation mechanism of heterogeneous structure in HEAs

The formation of heterogeneous structure is primarily attributed to gradient plastic
deformation from the surface to the matrix. This process is influenced by dislocation slip,
deformation twins, and phase transformations, all of which occur at different strains and
various strain rates. However, due to a lack of atomic-scale understanding, such as the sites of
dislocation initiation, the types of dislocations, and their interaction activities, these actual
formation mechanisms are difficult to explore. Therefore, a deeper understanding of

heterogeneous structure formation mechanisms at the atomic level is necessary.

(3) The treatment-microstructure-properties correlation during plastic deformation

Most of the studies mentioned above aimed to understand the fundamental mechanisms

that affect the mechanical properties of heterogeneous structure in HEAs. However, the
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behavior of dislocations and their interactions with other defects, such as twins, GBs, and phase
transformations during plastic deformation, are intricate. Consequently, it is necessary to
conduct quantitative studies on atomic evolution to directly assess the deformation mechanisms

in the specific structure.

1.6 Research objectives

This research aims to investigate the underlying formation mechanisms, mechanical
properties with the corresponding deformation mechanism of heterogeneous-structured HEAs

fabricated using various methods. The specific objectives are as follows:

1. To examine the tribological properties of the bcc-based TiZrHfTags RHEA and to analyze
that GNS and phase evolution affect wear performance through exploring the

microstructural characteristics and deformation mechanisms after friction.

2. To assess the impact of gradient plastic deformation under ultra-high strain on the
microstructural characteristics within the heterogeneous structure, phase composition, and
mechanical properties along the gradient direction of the fcc-based Fe4sMn3sCrioCoio HEA

with low SFE.

3. To develop a multi-phase heterogeneous nanostructure comprising both crystalline and
amorphous phases in the fcc-based Fe4sMn3sCri0Co10 HEA processed through laser surface
treatment, and to reveal the cooperative co-deformation mechanisms of nanosized

amorphous structures and nanograins.
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1.7 Organization of the Thesis

The thesis investigates the microstructural evolution and deformation mechanisms of
heterogeneous structures in HEAs produced through various surface processing techniques. It
specifically examines atomic dislocation movements, phase transformations in GNS, and the

corresponding deformation mechanisms in detail. The thesis is organized into five chapters:

Chapter 1: This chapter introduces the research background, motivation, and objectives.
It provides a comprehensive literature review focusing on HEAs and heterogeneous structures,
covering their microstructure, mechanical properties, strengthening mechanisms, fabrication

methods, and the challenges and issues identified in previous studies.

Chapter 2: The methodology chapter outlines the surface treatment techniques used to
create heterogeneous structures, as well as the mechanical testing and microstructural

characterization methods employed in the research.

Chapter 3: This chapter investigates a repeated sliding wear process on the surface is
adopted to generate GNS on a bcc-based dual-phase TiZrHfTaps RHEAs experienced pre-
plastic deformation and thermal treatment, which accommodates sliding-caused gradient
plasticity and contributes to the enhanced wear resistance. It discusses the wear mechanisms,
revealing wear-induced microstructural evolution, phase transformation from bcc to hcp

through two distinct mechanisms, and the associated deformation mechanisms.
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Chapter 4: This chapter investigates the GNS surface layer generated by high-strain rate
single point cubic boron nitride turning on a fcc-based dual-phase Fe4ssMn3sCrioCoio HEAs
with typical phase transition and significantly enhanced strength. The plastic deformation with
an ultra-high strain rate triggers a phase transition sequence of fcc — hcp — bcece, examined in
detail using High-Resolution Transmission Electron Microscopy (HRTEM). The cooperative
action between partial dislocation dipoles and atomic shuffling is crucial for introducing the

bce phase within the nanograins.

Chapter 5: This chapter analyzes a GNS surface layer with a crystalline-amorphous
nanostructure in fcc-based FessMn3sCrioCoio HEA generated by laser surface treatment. It
discusses the mechanical properties as assessed through nanoindentation and micro-pillar
compression tests and the microstructural evolution from the matrix to the surface. Additionally,
it highlights dislocation movements, deformation-induced crystallization, grain coalescence

and grain coarsening of cooperative deformation mechanisms.

Chapter 6: The final chapter summarizes the overall conclusions of the study and offers

suggestions for future research directions.
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Chapter 2 Research Methodology

2.1 Specimen preparation

This research focuses on two types of HEAs, including bee-based TiZrHfTao s RHEA and
fcc-based FessMn3sCrioCoio HEAs. For the first work, the alloys with nominal compositions
of TiZrHfTao s RHEA with the lowered Ta content were fabricated by vacuum arc melting using
high-purity metals (>99.9 wt.%) in a Ti-gettered high-purity argon atmosphere with a water-
cooled copper mold. The specimens were remelted five times and flipped for each melt to
produce homogenous components in the alloys. Subsequently, the as-cast specimens were
subjected to cold rolling to achieve a 55% reduction in thickness. Different annealing
treatments were applied at 200 °C, 420 °C and 870 °C, respectively, for 20 minutes in Ar

atmosphere followed by furnace cooling.

For the second and third research investigations, the FessMn3sCri0Coio HEA specimens
were produced using vacuum arc-melting. This melting of the constituent elements was
maintained under vacuum conditions to ensure a homogenous mixture and to avoid
contamination. Following the arc-melting stage, the alloys underwent a hot-rolling process,
which involved a thickness reduction of 60% performed at a temperature of 900 °C. After the
hot-rolling process, the hot-rolled plates were subjected to an annealing treatment at 900 °C for
1 hour. In addition, Oxygen / Nitrogen / Hydrogen Analyzer (TCH600, LECO) and

Carbon/Sulfur Analyzer (CS844, LECO) were used to check the contents of impurity elements
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C, N, and O in the specimens, which are as low as 0.0181 wt.%, 0.0026 wt.% and 0.055 wt.%,

respectively.

2.2 Surface treatment methods

This research uses two different methods to generate heterogeneous structure in the
specimens. For the Single Point Cubic Boron Nitride Turning (SPCBNT) process used in the
second research, the plate specimens were mounted on a holder of a Moore Nanotech 450UPL
precision machine, as shown in Figure 2.1. The SPCBNT procedure was executed with specific
processing parameters to achieve the desired material characteristics in 2-axis Ultra-precision
Machine— Nanoform 200. These processing parameters employed for the SPCBNT included
a spindle speed of V; = 200 rpm, a tool rake angle of o = 20°, a feed rate of Vy = 1 mm/min,
and a cutting depth of 10 um. This process was repeated for 20 passes to ensure uniform plastic

deformation.

0
CBN tool /

D R, EEE T

Figure 2.1 Schematic of SPCBNT technique.

The machining method discussed in the third research is laser surface treatment (LST). The
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plate specimens were polished to complete the LST process with 2kW fiber laser system (MS V-
200 W, M-SOLV). As shown in Figure 2.2, the laser beam along a continuous zigzag-path was
incident perpendicularly during the LST process onto the surface. To achieve the high cooling
rates required for this process, the specimens were placed in a specialized holder designed to
enhance thermal dissipation. Liquid nitrogen surrounded the specimens within the holder,
creating an extremely cold environment that facilitated rapid cooling immediately after laser
exposure. Additionally, Ar gas was injected directly into the specimen surface during the LST
process. This injection serves multiple purposes: it provides a controlled atmosphere to prevent
oxidation and other surface reactions, and it further enhances the cooling rate by aiding in the
efficient removal of heat from the laser-affected zone. Together, these measures ensure that the
LST process effectively modified the surface properties of the plate specimens while

maintaining the structural integrity.

Laser beams

Injecting Ar gas\ Liquid N,

sned sample
Holder

Figure 2.2 Schematic of LST technique.

2.3 Microstructural characterization
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The phase constitutions of the specimens were thoroughly examined using X-ray
diffraction (XRD) with Cu-Ka radiation. The diffraction measurements were performed within
the 20 range of 20° to 110°, with a scanning rate of 0.02° per minute, ensuring precise phase
identification. Simultaneously, GIXRD was used with a small fixed incident angle at 2°,
limiting the X-ray penetration depth to identify the phase constitutions for GNS samples at
different depths. For each desired analysis depth (e.g., 10 um, 20 um, etc.), the surface was
carefully ground using fine SiC abrasive papers to remove material down to the target depth.
An Optical Microscope (OM, Zeiss) provided initial observations, while Scanning Electron
Microscopy (SEM, TESCAN VEGA3) equipped with an Energy Dispersive X-ray
Spectrometer (EDS) detector offered detailed compositional analysis. Additionally, Electron
Backscatter Diffraction (EBSD, Oxford) equipped in SEM (Helios G4) was utilized for
investigating crystallographic features. Transmission Electron Microscopy (TEM, JEOL-
2100F operating at 200 kV) and Scanning TEM (STEM) were performed to observe
microstructural evolution at higher resolutions. Plan-view specimens at specific depths were
prepared by mechanically sanding the specimens to the targeted depth layer, followed by
further thinning to a ~20 um-thick TEM foil from the opposite side. These foils were then glued
to a copper ring and thinned further by ion-milling using a Gatan Model 691. Cross-sectional
specimens were prepared using a Focused lon Beam (FIB, Helios 6001) to accurately identify

and analyze the microstructural evolution within the gradient nanostructure.

2.4 Mechanical properties tests
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The mechanical properties were examined using microhardness, nanohardness,
compressive test and wear test. Microhardness tests were performed at room temperature using
a Matsuzawa Via-F automatic Vickers hardness tester. These tests applied a load of 1N with a
dwell time of 15s. A nanomechanical test instrument (Hysitron TI 900, USA) equipped with a
diamond tip featuring a three-sided pyramid shape was utilized for the nanoindentation tests.
Each test point was subjected to a force of 10 mN for 2s, with the procedure repeated three
times to ensure accuracy. A two-step milling method was used to prepare micro-pillars for
compressive testing with a focused ion beam (FIB) system (Helios Nanolab 600i, FEI). The
coarse milling was performed with currents ranging from 9.3 to 2.5 nA, followed by fine
milling using currents between 10 and 40 pA. The resulting micro-pillars had diameters of
approximately 800 nm and aspect ratios ranging from 2 to 3. At least four pillars from each
depth were compressed using the nanoindenter (Hysitron T1 900, USA) equipped with a
diamond flat-punch tip (10 pm in diameter). These compression tests were conducted in
displacement control mode, achieving a ~32% height reduction, with a strain rate of 1 x102 s~
!, The reciprocal dry-sliding wear tests (12000 cycles) under loads ranging from 16 N to 64 N
at room temperature were then conducted on all specimens by TE99 universal wear machine
with 6 mm-diameter SizN4 balls. Throughout the sliding wear test, the coefficients of friction
(COF) were recorded constantly. The wear volume and wear rate were determined through the
measurement of depth and width of the wear stroke by using the white-light interferometers

with a three-dimensional(3D) surface profiler (ZYGO, USA). The wear rate ® was calculated
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according to Eq. 3.1:

— Vioss
W= (3.1)

where Viss is the wear volume loss(mm?), L is the sliding distance (m) and F is the applied

normal load (N).

Chapter 3 Heterogeneous structure on the bee-based TiZrHfTaos RHEA

3.1 Introduction

M/HEAs consisting of three or more equiatomic/near-equiatomic elements have drawn
significant attention due to some impressive properties, such as high strength and toughness,
as well as relatively good corrosion resistance [2, 109]. However, the strength-ductility tradeoff
exists in many HEAs since their plastic characteristics are similar to conventional metals [12].
Strength-ductility dilemma would cause the stain localization (e.g., surface roughening,
cracking, and delaminating) during the repeated sliding wear, thus leading to high COFs and
wear loss [164]. In contrast to the traditional uniform grain refinement method [90, 165], the
strength-ductility synergy has been documented in the dual- or multi-phase metals and
M/HEAs [22, 68]. The co-deformation cooperative effects of the newly transited and parent
phases with distinct plastic characteristics (i.e., TRIP effect) could significantly enhance the
strength/hardness-ductility synergy [64, 166] and the resultant tribological performance [167-

169].
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The bee-TiZrHf-based alloys are the most promising RHEAs owing to extraordinary
mechanical properties, e.g., ultra-high and-stable strength [29] and elastic modulus [170] at
elevated temperatures. The phase transition from bcc to hep/ fce structures can be manipulated
to further improve the strength-ductility combination for better tribological performance [159,
171]. For example, lowering the content of Ta element in TiZrHfTa-based HEAs can not only
destabilize the bee matrix to construct a dual-phase structure through forming hcp phase but
also facilitate the TRIP effect in the following thermomechanical treatments (e.g., cold rolling
plus annealing treatment) [68, 159, 171, 172]. Noticeably, annealing temperature after the cold
rolling process also plays a critical role in tailoring the microstructures (e.g., recrystallization
degree, grain structures, and phase constitutions) [173]. In addition, becc — hep phase transition
might also be triggered by the gradient plastic strain/strain rate in the worn subsurface during
the repeated sliding process, thus possibly forming a self-organized gradient structure toward
the lowered steady-state COFs and wear rates [138, 174]. Nonetheless, function, compositional
segregation, and atomic mechanisms of bcc — hcp phase transition during the sliding of
TiZrHfTa-based HEAs should be in-depth -elucidated, especially via atomic-scale
characterizations. Atomic-scale observations dissected two kinds of atomic movement
mechanisms of the composition-segregated bcc — hep phase transition that continue
accommodating the sliding-caused gradient plastic strain/strain rate in a self-organized worn

subsurface to further improve tribological performance.

3.2 Results and discussion
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Figure 3.1 and Figure 3.2 summarize the grain structures (backscattered electron
microscope (BSE)) images and corresponding EBSD images and phase constitutions (XRD)
patterns of the as-cast and cold-rolled plus annealed specimens, respectively. The as-cast
specimen with an average grain size of ~ 450 um has the dual-phase microstructure, as BSE
and EBSD images shown in Figure 3.1(a) and XRD pattern shown in Figure 3.2, respectively,
in which the volume fraction of small-sized hcp phase uniformly distributed in bce matrix is
estimated as ~ 27% based on the integrated intensities of the reflecting planes [175]. It is noted
that annealing temperature apparently affects the grain structures and the fraction of hcp phase
in the cold-rolled specimens. Deformed and elongated microstructures are still retained in the
200 °C- and 420 °C-annealed specimens (Figure 3.1(b-c). More and more nanostructured hcp
phase is found to mainly nucleate from bcc grain boundary with annealing temperature, as the
BSE and corresponding EBSD images shown in Figure 3.1(a-d), which might induce a strong
intergranular strengthening effect and thus inverse the softening tendency caused by annealing
[176, 177]. Finally, a typical homogeneous equiaxed microstructure (an average grain size of
~ 30 um) with the highest fraction of nanosized hcp phase (i.e. ~ 66%) is obtained in the 870

°C-annealed specimen (Figure 3.1(d)).
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Figure 3.1 BSE and EBSD images of the (al-a2) as-cast TiZrHfTao.s RHEA and the cold-rolled

plus (b1-b2) 200 °C-, (c1-¢2) 420 °C-, and (d1-d2) 870 °C-annealed specimens, respectively.
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Figure 3.2 XRD patterns of the TiZrHfTao.s RHEA after cold rolling and annealing at different

temperatures.

The TEM images with SAED patterns reveal that the orientation relationships (ORs)
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between the bee and hep phases are the same in both as-cast and cold-rolled plus annealed
specimens, i.e. [111]bcc//[1120]hep and [001]bec//[1120]hep directions, as the selected area
electron diffraction (SAED) patterns indicated in Figure 3.3. Furthermore, higher-
magnification TEM image of 870 °C-annealed specimens in Figure 3.3(c) shows that the
nanosized hcp phase with an average size of ~ 100 nm is TiTa-rich, different from the ZrHft-
rich bec phase, different from the relatively homogeneous elemental distribution in as-cast
specimens shown in Figure 3.3(b). Furthermore, owing to its strongest strengthening effect
caused by the highest-fraction nanosized hcp phase accumulated at GB, the cold-rolled plus
870 °C-annealed specimens with complete recrystallization structure exhibits the highest
microhardness of ~ 525 HV, obviously harder than the as-cast (~270 HV), 200 °C-annealed (~

350 HV), and 420 °C-annealed (~ 426 HV) specimens.

Point 1
bee

Point 3 {[174]bcc

Atomic %
Point 1 | Point 2
45.45 | 21.75
3.88 | 36.41
5.30 | 31.04
45.37 | 10.80

Figure 3.3 (a) TEM images with the (b) corresponding EDS results of as-cast samples,
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indicating the elemental composition of different phases. (c) TEM images and EDS results of

bce and hep phases in 870 °C-annealed specimens.

Figure 3.4(a) and (b) present the steady-state COFs and wear rates for the as-cast and three
cold-rolled plus annealed specimens, respectively, under varying loads ranging from 16 N to
64 N. As anticipated, the specimens annealed at 870°C, which have the highest fraction of the
hcp phase, demonstrate superior tribological performance, characterized by the lowest COFs
(0.12-0.15) and wear rates ((4.08-9.68) x10° mm?/Nem). These values are significantly
improved compared to the as-cast specimen, which exhibits COFs between 0.33 and 0.35 and
wear rates of (5.34-7.10) x10* mm?/Nem. Similarly, the 200°C-annealed specimens show
COFs ranging from 0.26 to 0.34 and wear rates of (1.82-4.32) x10* mm?/Nem, while the
420°C-annealed specimens record COFs between 0.26 and 0.31 and wear rates of (1.34-2.47)
x10™* mm?>/Nem. Moreover, Figure 3.4(c) provides a comprehensive summary of the variation
in COFs as a function of hardness for this study and for several referenced HEAs [53, 54, 171,
178-187]. It is widely recognized that soft metals tend to deform too easily under mechanical
stress, whereas excessively hardened metals may suffer significant reductions in plasticity.
Consequently, reducing COFs through simple hardening processes is not straightforward, as
evidenced by the data presented in Figure 3.4(c). Nonetheless, Figure 3.4(c) reveals that the
bee to hep phase transition in the cold-rolled and annealed TiZrHfTaps RHEA fosters a
synergistic improvement in hardness and ductility, thereby effectively reducing COFs in

conjunction with increased hardness.
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Figure 3.4 (a) Steady-state COFs and (b) wear rates of the as-cast and cold-rolled plus annealed
specimens under the loads of 16-64 N. (¢) The variation of COFs with the hardness in this work

and some referenced HEAs.

Figure 3.5 presents representative SEM images along with associated 3D surface profiles
of the worn surface morphologies of four specimens, each subjected to a 12,000-cycle wear
test under a load of 16 N. The as-cast specimen, characterized by the largest grain size and the
lowest extent of bce to hep phase transition, exhibits a significant amount of plate-like debris,
wear particles, and peeling parallel to the sliding direction, as depicted in Figure 3.5(a). This
results in an average surface roughness of approximately 1.61 pm. Similarly, the cold-rolled

and 200°C-annealed specimens, which have undergone incomplete recrystallization and phase
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transition, also demonstrate poor surface integrity. This is evident from the presence of debris,
cracks, and delamination, leading to a high average surface roughness of around 1.38 um, as
shown in Figure 3.5(b). The observed rough surface and numerous defects indicate suboptimal
wear resistance in these specimens due to the insufficient phase transformation and
microstructural refinement. In contrast, as the annealing temperature increases, particularly at
870°C, there is a marked improvement in the phase transition, which significantly enhances
the wear performance of the specimens. Figures 3.5(c) and 3.5(d) illustrate that the specimens
annealed at higher temperatures exhibit much smoother worn surfaces with markedly less
debris and a considerable reduction in surface roughness. For instance, the 870°C-annealed
specimens display an average surface roughness of approximately 0.53 pum. This reduction in
surface roughness, coupled with the absence of substantial wear debris and surface damage,

implies a significant improvement in wear resistance.

Yz 461 um

NS

Figure 3.5 SEM images and inserted 3D surface profiles of the 12000-cycled worn surface
morphologies of four specimens under a load of 16 N: (a) As-cast, (b) 200 °C-, (¢) 420 °C-, and

(d) 870 °C-annealed specimens.
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The enhanced tribological performance of the higher-temperature annealed specimens can
be attributed to the more complete bcc to hcp phase transition, which contributes to the
formation of a more stable and homogeneous microstructure. This phase transition results in
better mechanical stability and resistance to wear, as the hcp phase provides superior lattice
structure stability under load. This is reflected in the lower COFs, wear rates and smooth
surface compared to the as-cast and lower-temperature annealed specimens. Figure 3.6(a)
provides a cross-sectional SEM image of the specimen annealed at 870°C after enduring 12,000
cycles under a load of 16 N, revealing a crack-free, gradient nanostructured worn subsurface
layer approximately 8 pum in thickness. This gradient layer is generated through the plastic
deformation occurring during the sliding wear process, which promotes the refinement of
grains and the stabilization of the hcp phase in the subsurface region. More detailed structural
information is provided in Figure 3.6(b), which presents a cross-sectional TEM image
extending from the surface to a depth of around 2 pm. Accompanying this image are SAED
patterns taken from three distinct rectangular regions labeled I, II, and III. These patterns
elucidate a laminated gradient nanostructured worn subsurface characterized by an increased
fraction of the hcp phase, with grain orientations that are nearly parallel to the surface shear

sliding direction.
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Figure 3.6 Cross-sectional (a) SEM image, (b) TEM image with corresponding SAED patterns

taken from I, II, and III regions.

To further investigate the structural changes at varying depths, TEM images are taken at
several representative depths, as shown in Figure 3.7(a-d). These images reveal that the average
grain size decreases significantly with decreasing distance to the worn surface. For example,
at a depth of approximately 3 um, the average grain size is around 100 nm, whereas in the
topmost worn surface region, the average grain size reduces dramatically to about 30 nm. This
gradation in grain size is summarized in Figure 3.7(e), which highlights the correlation between

grain size and proximity to the worn surface.
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Figure 3.7 (a-d) TEM images at different depths away from surface and the corresponding (e)

statistical grain size and hcp phase content.

Figure 3.8(a) and the associated EDS maps illustrate the compositional differences
between two distinct phases: a TiTa-rich hcp phase (with lattice parameters a =~ 2.958 A, ¢ =
~4.860 A) in the bright areas, and a ZrHf-rich bcc phase (with a lattice parameter a = ~ 3.295
A) in the dark areas. By analyzing the fraction of the bright area in Figure 3.8(a) along the
depth direction, it is observed that the volume fraction of the hcp phase gradually increases
from approximately 70% at a depth of around 3 pm to approximately 88% in the surface region,
as summarized in Figure 3.7(e). This increase is primarily attributed to the severe plastic
deformation experienced during repeated shear sliding. Additionally, a ~10 nm-thick oxide
debris layer on the worn surface, rich in O, Ti, and Ta, is identified through HAADF-STEM in
Figure 3.8(b). However, this oxide debris is characterized by its discontinuity, random spatial
distribution, and extremely limited thickness with several nanometers. Under continuous

sliding conditions, such nano-thick oxide particles are prone to displacement or mechanical
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fragmentation, rendering them largely ineffective in significantly reducing friction or
enhancing wear resistance. Similar observations have been reported in prior studies [ 188, 189],
emphasizing that the formation of a mechanically solid tribolayer depends not solely on the
presence of oxides, but also critically on their volume fraction, adhesion, and continuity [190].
In contrast, deformation-induced phase transformation and the development of friction-induced
gradient nanostructures play a more dominant role in enhancing tribological performance in

this work, which will be discussed in the following sections.

Figure 3.8 Cross-section (a) HAADF-STEM image and corresponding EDS elemental maps of
the cold-rolled plus 870°C-annealed specimen after 12000 cycles under a load of 16 N. (b)

HAADF-STEM image of the red rectangle in (a) and EDS elemental maps of the oxides layer.

The above findings reveal that the cold-rolled plus 870 °C-annealed TiZrHfTa0.5 RHEA
with the highest content of hcp phase possesses the best tribological performance. On one hand,

the repeated sliding-caused gradient plasticity can be effectively accommodated via dual-phase
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structure in the cold-rolled plus 870 °C-annealed specimens, generating a dual-phase gradient
nanostructured worn subsurface [140, 164, 174]. On the other hand, gradient bcc — hcp phase
transition is evidenced to further trigger the worn subsurface during such an accommodation
process. As a result, the self-organized dual-phase gradient nanostructure with extra activated
phase transition continues accommodating the gradient plasticity and suppressing the strain
localization toward the further improvement of the wear resistance. Figure 3.9 provides
HRTEM and corresponding Fourier-filtered images that confirm the presence of the hep phase
at the atomic level, projected along the [1120]hcp direction. Moreover, Figure 3.10(a) presents
an HRTEM image and associated SAED patterns of the interfacial regions, demonstrating two
distinct orientation relationships (ORs) between bcc and hcp phases, i.e.,
[111]bccei//[1120]hep and [001]beco//[1120]hep, respectively, according to the schematics as
summarized in Figure 3.10(b). The atomic arrangements and defects in their interfacial regions
should be dissected to uncover the underlying atomic processes accomplishing these two bce

— hcp phase transitions.

Figure 3.9 HRTEM image with inserted corresponding SAED patterns and corresponding
atomic Fourier-filtered image of hcp phase.
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Figure 3.10 (a) HRTEM image and associated SAED patterns of the interfacial regions between
bee and hep phases. (b) Schematic summarizing the diffraction spots for the ORs between the

bce and hep phases.

Figure 3.11(a) gives an HRTEM image that captures the interfacial region involved in the
first type of bec — hep transition, characterized by the OR following [111]bcci//[1120]hep
and (110 )bcci1//(0001)hcp. Based on the OR summarized in Figure 3.10(b) and lattice
structures in Figure 3.11(a), two noticeable actions can be executed to complete this bcc — hcp
transition. The first action is related to the evolution of the inclined angle of (011)bcc plane to
[112]bcc direction, slightly transiting from the original 60° to ~70.5° of (3302)hcp plane (a
typical group of planes only follow the stacking order CA, i.e., CA//CA//CA....) to [1100]hcp
direction. While the second action is to expand the atomic spacing from 2.72 A along the
[112]bce direction to 2.82 A along the [1100]hcp direction. Accordingly, the atomic-level
characterization in the interfacial region (i.e., transition zone) illustrates these two actions
completed by atom shuffling along the [112]bcc direction on (110)bce plane. On the one hand,
the incline angle (011)bcc plane to [112]bcc direction gradually increases from 60° to ~64° in

the transition zone and eventually reaches ~70.5° in the hcp phase (i.e. (3302)hcp plane to
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[1100]hcp direction), as representative lattice structures marked in Figure 3.11(b). On the other
hand, Figure 3.11(c) indicates the gradual expansion of the measured atomic spacing along the
[112]bcc direction from bee to hep phases. The above atom shuffling actions are schematically
summarized in Figure 3.11(d), in which an extra compression via atom shuftling along the
[111]bce direction should be executed to achieve the final bee lattice structure. In this
connection, the first bcc — hcp transition obeys the classical Burgers mechanism [191-194].
Specifically, the lattice correspondence between hep and bec structures is depicted in Figure
3.11(e-f) to illustrate the atom shuffling actions along the [112]bcc (expansion) and [111]bcc

directions (compression), respectively, on (110)bcc planes.
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Figure 3.11 (a) An HRTEM image capturing the interfacial region of the first bcc — hcp

transition following [111]bcc1//[1120]hcp. (b) The evolution of the representative lattices and

(c) atomic spacing versus the atomic distance along the [112]bcc direction in the transition

zone. (d) Schematics illustrating the atom shuffling along [112]bcc and [111]bce directions

for completing bcc — hcep transition. (e-f) Schematic diagrams of the Burgers mechanism of

bce — hep transition describing the atom shuffling including the expansion and compression

on (110)bcc plane.
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In addition, HRTEM image in the interfacial region of another type of bcc — hcp transition
following OR of [001]bcc2//[1120]hep and (110)bee//[1100]hep is provided in Figure 3.12(a).
Different from the first transition case, the incline angle of (110)bcc plane to [110]bcc should
be largely decreased from 90° to 61.4° in hcp phase, which is proposed to be completed by
partial dislocation dipoles as in our previous work [195, 196]. The indexed Burgers circuit in
Figure 3.12(a) shows that one positive partial glide on one side of (110) plane while the
negative partner glides on the other side of the same plane. The dislocation reaction in bce
structure could occur as %[111] — % [110] + %[112] +§ [110], where by = bps = g[ilO]
and bp: = %[112], respectively, are all activated on close-packed (110)bcc plane [197].
Accordingly, the partial dislocation dipoles, i.e., 8/3bp1: -8/3bp1, on every second (110)bcc
planes are proposed to accomplish the decrease of the inclined angle. On the other side, the
atom shuffling is also found to gradually increase the atomic spacing from the original value
of 2.41 A along the [110]bcc direction to 2.82 A along the [1100]hcp direction in the hcp
phase, as evidenced in Figure 3.12(b), generating a macro shear strain of ~ 17% along the
[110]bce direction. Partial dislocation dipoles gliding and atom shuffling on (110)bcc planes
cooperatively accomplish the second bcc — hep transition, as the lattice correspondence

schematically summarized in Figure 3.12(c).
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lattice evolutions from bcc to hep.

It is important to note that the bcc to hep phase transition, facilitated by the cooperation of
atomic shuffling and/or the gliding of partial dislocation dipoles, plays a significant role in
relieving and accommodating the stress and strain fields induced by sliding in the worn
subsurface. This transition mechanism effectively mitigates the mechanical stress experienced
during wear. Furthermore, in addition to the initial bcc to hep transition that follows the
classical Burgers mechanism, the phenomenological theory of martensitic transformation, such

as the W-L-R method [198, 199], provides a valuable framework for future investigations into
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the second type of bce to hep transition. Given that the atomic movements involved in this
transition have been meticulously dissected in the current study, the W-L-R method could offer
deeper insights into the underlying processes. The insights gained from this study illuminate
the atomic mechanisms of phase transformation in RHEAs, which are instrumental in
enhancing wear resistance. By thoroughly understanding these transitions and the conditions
under which they occur, researchers can develop more effective strategies for improving the
durability and performance of RHEAs. The findings highlight the critical role of phase
transformations, not only in stress accommodation but also in contributing to the overall
mechanical stability of the material. This comprehensive understanding underscores the
potential for optimizing RHEAs for various demanding applications where wear resistance is

dominant.

3.3 Conclusions

This section used the repeated sliding process to generate a heterogeneous structure on
the TiZrHfTao.s RHEA, which accommodates sliding-caused gradient plasticity and contributes
to the enhanced wear resistance. The resulting gradient structure, characterized by variations
in grain size and hcp phase content, exhibits an exceptionally low coefficient of friction (0.12—
0.15) and a wear rate of 4.08-9.68 x 10> mm?*/N-m, marking a substantial improvement in
tribological performance. Atomic-scale analysis reveals that a composition-segregated bcc —

hcp phase transition occurs in the self-organized gradient subsurface, enabling the dual-phase
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structure with increased hcp phase content to effectively accommodate sliding-induced
plasticity. Two distinct atomic mechanisms were identified for the bcc — hcp phase transition.
The first mechanism follows the classical Burgers model, involving atom shuftling along the
[112]bce (expansion) and [111]bcc (compression) directions on (110)bcc planes. The second
mechanism combines partial dislocation dipole gliding and cooperative atom shuffling on
(110)bcc planes. This research highlights the potential of wear-induced surface engineering as

a powerful tool to enhance the tribological properties of advanced materials.
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Chapter 4 Heterogeneous structure on fcc-based FessMn3sCri0Coio HEA

4.1 Introduction

Solid-to-solid martensitic phase transition, involving collective atomic displacements
smaller than the nearest interatomic spacing, plays a crucial role in the mechanical behaviours
of materials [200]. When coupled with plasticity, it is referred to as plastic deformation-induced
martensitic transformation (PDIMT) [201]. PDIMT, in conjunction with the transformation-
induced plasticity (TRIP) effect, significantly contributes to the overall plasticity and work-
hardening capabilities of materials [64, 166]. The characteristics of PDIMTs, including their
types, pathways, and underlying atomic movement mechanisms, are highly sensitive to factors
such as composition, microstructure, and process conditions [202]. Various hard-sphere shear
models based on Bain correspondence have been proposed to describe the atomic movement
mechanisms in metals [203, 204]. Our previous studies on gradient nanostructured (GNS)
steels have captured atomic-scale evidence of transition features, including lattice rotation,
transition lattices, dislocation dipoles, and atom shuffling [195, 196, 205]. These results
elucidated the atomic mechanisms of polymorphic PDIMTs, such as fcc — hcp — bece [71],
fcc — hep — bet [196, 206], and fcc — hep — bet — bee [197, 207], for the first time
validating the 60-year-old Bogers-Burgers-Olson-Cohen (BBOC) model [208] and further

developing novel models incorporating partial dislocation dipoles and atom shuffling [209].

HEAs represent a new class of advanced structural metals with superior mechanical
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properties [2, 12, 13]. Like the traditional alloys, PDIMTs have been realized to create dual- or
multi-phase hetero-structured HEAs, enabling a desirable strength-ductility combination [22,
68, 108]. For instance, various PDIMTs, such as fcc — hcp in FeMnCrCoNi [22, 61], bec —
hcp in TiZrHfTaNb [68, 205], fcc — bce in CoNiFeAlICu and FeMnCrCoNi [210, 211], hep
— bee following BBOC model in Fesg sMnyoCrisCo20SisCuis HEAs [212-216], have been
documented to enhance the strength-ductility combination. Notably, the distinct characteristics
of HEAs (e.g. compositions) may exert a more complex influence on phase transition
characteristics, such as the phase stability and boundaries, transition conditions, pathways and
kinetics. Consequently, it can lead to the manifestation of diverse underlying atomic movement
mechanisms governing their PDIMTs. As a result, detailed atomic-scale observations are

imperative to capture PDIMTs in HEAs and reveal the associated mechanisms.

The present work unveils a notable fcc — hcp — beec PDIMT within a GNS surface layer
on a Fe4sMn35Cri0Coio HEA processed by a severe plastic deformation technique, i.e. single
point cubic boron nitride turning (SPCBNT) [106]. The ultra-precision SPCBNT process
enables an ultrahigh strain rate (even reaching up to ~ 10°-10° 1), thus creating high stress and
strain fields that refine and strengthen the specimen surface [96] [141]. Notably, the fcc — hcp
— bee PDIMT is discerned mainly through high-resolution transmission electron microscope
(HRTEM), exhibiting a distinctive Nishiyama-Wassermann (N-W) orientation relationship
(OR) [196], different from conventional observations in metals like steels [195]. Consequently,

a novel atomic movement mechanism crucial for accomplishing the fcc — hcp — beec PDIMT
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is unveiled in this work, involving the cooperation of two sets of Shockley partial dislocation

dipoles and associated atomic shuffling along two directions.

4.2 Results and discussion

The cross-sectional OM image and EBSD images presented in Figure 4.1 illustrate the
microstructures of the Fe4sMn3sCrioCoi10 HEA following the SPCBNT process. These images
reveal the presence of a coarse-grained structure with an average grain size of approximately
30 pum in the matrix region, alongside a gradient refined surface layer that extends to a thickness
of about 60 um. XRD patterns in Figure 4.2(a) show a progression in the number and intensity
of hcp phase peaks from the matrix to the surface of the SPCBNTed HEA, indicating the
occurrence of the fcc — hcp phase transition during the gradient refinement process and the
resultant increase in hep phase content. The volume fraction of hep phase gradually increases
to ~ 29%, calculated based on integrated intensities of the reflecting planes [175, 217, 218].
The SPCBNTed surface keeps a high quality with a low surface roughness (Sa) at 10 nm, as

shown in Figure 4.2(b).

Figure 4.1 Typical cross-sectional microstructures of GNS surface layer on FessMn35CrioCoio
HEA after the SPCBNT process. (a) OM image, (b) IPF map, (c) grain boundary and phase
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boundary map, and (d) Kernel average misorientation (KAM) map of the SPCBNTed HEA.
The phase boundaries, high-angle grain boundaries (HAGBs) and low-angle grain boundaries

(LAGBs) are represented by green, blue and red lines, respectively.
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Figure 4. 2 (a) XRD patterns of matrix and top surface. (b) Surface roughness of treated

Fes4sMn35Cri0Co1o HEA.

The nanohardness and compressive stress-strain curves at different depths are shown in
Figure 4.2, demonstrating an increase in nanohardness from ~ 4.3 GPa in the matrix core to ~
6.7 GPa at the surface (Figure 4.3 (a)). The stress-strain curves reveal an enhanced yield
strength as the depth approaches the surface, with the yield strength at the surface being ~ 2.4
times higher than that in the matrix region, as shown in Figure 4.3(b). Additionally, the
observed reduction in average grain size from ~ 30 um in the matrix core to ~ 13 nm at the
surface, based on TEM observations. The gradual enhancement of hardness and compressive
strength should be attributed to the combination of grain refinement/boundary strengthening
and TRIP effects along the depth direction. Several obvious load drops exhibit in some micro-

pillar compressive stress-strain curves, especially at matrix region and topmost surface layer.
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The load drops in micro-pillar compressive stress-strain curves might be related to the activities
of shear bands, dislocation, and phase transition, influenced by some factors such as grain
orientation, and ratio between diameter of pillars and grain size [219-221]. When the grain size
significantly exceeds the pillar diameter, as in the matrix region, load drops may be easily
triggered in the stress-strain curves due to the transient activation of dislocation slip systems.
In contrast, the severely refined nanograins (such as ~ 50 um and ~ 30 um depth layers) with
random orientation would lead to uniform distributions of stress and deformation, potentially
alleviating or eliminating the occurrence of load drops. While the recurrence of the slight load
drops at the topmost surface with the smallest grain size might be correlated to the relatively
large uneven stress distribution through further fcc — hcp — bec phase transition activated
within some certain fcc-dominated nanograins, which will be observed by HRTEM in the next
section. This uneven stress distribution may induce temporary material softening, contributing
to the manifestation of load drops. Additionally, SEM images in Figure 4.3(b) reveal the slip
bands in the deformed pillars, indicating the retention of good plasticity in the GNS surface

layer.
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Figure 4.3 Mechanical property of the gradient nanograined surface layer in FessMn35Cri0Coio
HEA after the SPCBNT process. (a) The plot showing the variations in grain size and
nanohardness with depths. (b) Micro-pillar compressive engineering stress-strain curves and

SEM images of the deformed pillars at several representative depth layers.

Representative plane-view TEM images and the associated diffraction patterns at various
depths along the gradient direction are provided in Figure 4.4 to elucidate the phase evolution
pathway. Figure 4.4(a) shows that only the fcc phase is detected in the core matrix region. In
contrast, at depths of approximately 40 um and 20 pum, plate-shaped hcp phases become
apparent, as illustrated in Figure 4.4(b-c) and Figure 4.4(d), respectively. Moreover, bright-
field and dark-field TEM images, along with SAED patterns in Figure 4.5(a-c), reveal the
formation of nanoscale hcp laths within the further refined fcc nanograins at the topmost
surface layer. The atomic Fourier-filtered and HRTEM images in Figure 4.5(c-d) are magnified
views from regions marked by yellow circles in the dark-field TEM images in Figure 4.5(b).
Figure 4.5(c) reveals dense stacking faults within these nanoscale hcp laths. Interestingly,
Figure 4.5(d) provides compelling evidence that the nanoscale hcp laths can act as intermediate

phases, serving as nucleation sites for the subsequent formation of the bcc phase within the
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nanograins. Furthermore, the enlarged HRTEM images of the phase interfaces in Figure 4.5(e-
f), along with the corresponding FFT diffraction patterns in Figure 4.5(g-i), confirm the
presence of the transformed phases. These observations support the existence of a polymorphic
fcc — hep — bece transformation pathway during the grain refinement process. The detailed
atomic-scale characterizations elucidate how the sequential phase transformations contribute
to the microstructural evolution and the enhancement of mechanical properties in the GNS
surface layer, thereby highlighting the effectiveness of the severe plastic deformation technique

applied in this study.

Grain 1 -, y

Figure 4.4 Microstructures of fcc, hcp and bcc phases in GNS surface layer on
Fe4sMn3s5CrioCoio HEA after the SPCBNT process. (a-d) A series of plane-view TEM images
with corresponding SAED patterns taken at different depth layers showing (a) fcc phase in the
un-SPCBNTed matrix and hcp laths formed at (b-c) ~40 um and (d) ~20 pm depth, respectively.
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Figure 4.5 (a) bright-field and (b) dark-field TEM images at the topmost surface layer showing
the formation of nanoscale hcp phase observed with the refined fcc nanograins. (c) An atomic
Fourier-filtered image showing the nanoscale hcp laths with dense stacking faults. (d) A typical
HRTEM image showing that nanoscale hcp lath is partially transformed to bce phase. (e-f)
Interfaces between fcc phase, nanoscale hep lath, and bee phase and (g-1) corresponding FFT

diffraction patterns of fcc, hcp and bee phases.

Figure 4.6(a-b) illustrates another typical case of polymorphic fcc — hep — bee phase
transition within a nanograined fcc matrix phase. Similar to the observations in Figure 4.5 (d),
a smaller nanosized hcp lath is formed at the grain boundary of the nanograined fcc matrix
phase, and subsequently, a bcc phase nucleates from this hep lath, as indicated by the dashed
lines in Figure 4.6(a). Based on the FFT diffraction patterns in Figure 4.6(b-c), the orientation
relationship (OR) between the three phases can be summarized schematically in Figure 4.6(d).
The OR  follows  (111)fcc // (0002)hcp // (110)bcc  viewed  along

[110]fcc//[1120]hcep//[001]bec directions, corresponding to the Nishiyama-Wassermann (N-
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W) OR [196]. Note that the OR of the fcc — hcp — bcce transition in the current SPCBNTed
HEA differs from our previous work on stainless steel, which followed the Pistch OR with

(002)fcc / (101)bec and K-S OR with (111)fcc // (0002)hep // (110)bec under the

[110]fcc//[1120]hcp//[111]bcc directions [195].
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Figure 4.6 Microstructural characteristics of fcc — hcp — bcec transition. (a) A typical HRTEM
image and (b) corresponding FFT diffraction spot showing the fcc — hep — bec PDIMT. (¢)
FFT diffraction spots for fce, hep, and bee phases along [110]fcc, [1120]hcp, and [001]bcc
directions, respectively. (d) Schematic summarizing the ORs between fcc, hep, and bee phases
viewed along [110]fcc//[1120]hcp//[001]bcc directions. (e) Eyy GPA map analysis of the
interfacial region taken from (a). (f) An atomic Fourier-filtered image taken from (a) showing
the interface between fcc and bec phases with the N-W OR. (g-h) an atomic Fourier-filtered
image, TEM image and its corresponding FFT pattern of bce phase projected along [111]bcc
direction. (i) Atomic planar spacing intensity profiles of bce phase projected along [001]bcc

and [111]bcc directions, respectively.
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The strain distributions within the interfacial regions among the three phases are depicted
using a geometric phase analysis (GPA) map in Figure 4.6(e). This map illustrates an increased
out-of-plane strain (£)y,) and significant strain localization within these interfacial regions. Such
strain localization is indicative of the complex interactions and mechanical responses at the
boundaries between different phases. In addition, Figure 4.6(f) presents an atomic Fourier-
filtered image that directly shows the atomic structure at the fcc/bec interfacial region, adhering
to the N-W OR. Notably, the inclined angle of the (110)bcc plane to [110]bcc direction is
90°, which contrasts with the 60° inclined angle of the (110)bcc plane to [112]bcc direction
following the K-S OR as reported in our previous study [195]. This discrepancy highlights the

variability in atomic arrangements and the complexity of phase transitions in these materials.

To determine the bcc lattice constant, an atomic Fourier-filtered image, a TEM image, and
its corresponding FFT pattern of the bce phase projected along the to [111]bcc direction is
provided in Figures 4.6(g-h). These images offer a clear and detailed view of the atomic
structure, facilitating precise measurement of the lattice constants. Consequently, Figure 4.6(i)
presents the atomic planar spacing intensity profiles viewed along the [001]bcc and
[111]bcc directions, respectively. The lattice constants of the three phases are determined to
be as follows: for the fcc phase, a = b = ¢ = ~ 3.81 A; for the hep phase, a = ~2.69 A, ¢ = ~
4.35 A; and for the bee phase, a = b = ¢ = ~3.07 A. These values are consistent with those

reported in the literature [222]. The phase transition characteristics described above suggest an
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unconventional atomic motion mechanism during the second-step hcp — bcec transition. This
transition involves complex atomic movements and reconfigurations that deviate from
traditional models. Understanding these unique mechanisms requires detailed atomic-level
observations and analyses, which can provide insights into the fundamental processes

governing phase transformations in HEAs.

To the best of our knowledge, there are no referenced experiment results reporting the fcc
— hep —bec PDIMT in HEAs, particularly with a new OR differing from the previously
reported cases, such as in steels [195]. Therefore, it is crucial to uncover the underlying atomic
movement mechanisms by dissecting the atomic arrangements and defects present in the
interfacial regions. Firstly, Figure 4.7(a-c) present an HRTEM image and associate FFT
patterns, which are enlarged and extracted from Figure 4.6(a), showing the interface between
fcc and hep phases viewed along the [110]fcc/[1120]hcp directions. In Figure 4.7(e), an
even further enlarged atomic Fourier-filtered image, extracted from Figure 4.7(a), reveals that
the formation of hcp phase can be completed by the gliding of Shockley partial dislocations on
every second (111)fcc planes from the grain boundary of the nanograined fcc matrix phase, as

mentioned in Figure 4.5(a). These partial dislocations have three Burges vectors (i.e. bp; =

[211], bp2= % [121] and bp3= % [112]) on (111)fcc planes, as indexed in Figure 4.7(e). They

ole

cause different shear components along the [110]fcc direction but contribute to the same
actions to form the hcp lath [208], as schematically shown in Figure 4.7(d). Secondly, Figure

4.8(a) and Figure 4.8(b-c) respectively provide an enlarged HRTEM image and associated FFT
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spots taken from Figure 4.6(a) for the hcp —bcc transition.

b, = a/s[ng]
b,, = a/6[121]
\b,, = al6[112]

[0001]
I [1100]

[1120]hcp

: [t120]hcp|1 hm

Figure 4.7 Atomic movement mechanism of fcc — hcp — bec transition. (a) An HRTEM image
and (b-c) corresponding FFT diffraction spots showing fcc — hep transition. (d) An atomic
Fourier-filtered image of the interfacial region between fcc and hep phases showing the gliding
of Shockley partial dislocations on every second (111)fcc planes. (¢) Schematics showing three

types of Shockley partial dislocations on (111)fcc plane.

Furthermore, an enlarged atomic Fourier-filtered image taken from Figure 4.8(a) is
provided in Figure 4.8(d) to analyze detailed atomic arrangements and crystalline defects in
the diffuse interface region between hcp and bee phases. On one hand, the original inclined

angle of (3302)hcp plane to [1T00] hcp direction (a typical group planes following the
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stacking order of CA//CA//CA...) is ~70.5°, which eventually changes to 90° for (110)bcc
plane to [110]bcc direction, as indicated in Figure 4.8(e), following the N-W OR. On the other
hand, the atomic spacing along [112]fcc and [1100]hcp is equivalent (2.33 A), which
changes to 2.17 A along [110]bcc direction, facilitating the inclined angle change in the fcc
— hep — bec transition. Figure 4.8(f) plots the measured evolution of atomic spacing along
the [1100]hcp direction in the hep/bec interfacial region, suggesting that gradual decrease in
atomic spacing is completed by the atomic shuffling with localized motions along the

[1100]hcp direction.
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Figure 4.8 (a) An HRTEM image and (b-c) corresponding FFT spots showing hcp — bcc
transition. (d-e) Atomic Fourier-filtered images and (f) measured atomic spacing along the
[1100]hcp direction in the diffuse interfacial region between hcp and bee phases showing the
partial dislocations dipoles and atom shuffling. (g) Schematic illustrating the lattice evolution
from fcc to intermediate hcp and finally the bec phases viewed along

[110]fcc//[1120]hcp//[001]bec directions.

114



Chapter 4 Heterogeneous structure on fce-based Fe45Mn35Cr10Co10 HEA

Note that gliding any Shockley partial dislocation b, (bp1, bp2 or bp3) in the fcc phase can
convert the stacking sequence as follows: A — B, B — C, C — A, which completes the fcc —
hep transition with...ACACAC... by gliding b, on every second (111)fcc planes. However,
gliding bp; and by2, unlike bp;3, induce shear components along the [110]fcc direction, causing
a witch in the arrangement of “in” and “out” atoms on (110)fcc planes. Consequently, only
one type of partial dislocation dipoles, namely —%bpg,:%bp:;, can be indexed through the
Burgers circuits in Figure 4.8(d). With % byz and — % b,z gliding along the two sides of every
(0001)hcp planes in a “sandwich” manner, it can eliminate this switch “in” and “out” status
and thus generate the ...CDCDCD... stacking order in the bee phase. Figure 4.8(g) provides a
schematic of the lattice evolution from fcc to intermediate hcp and finally the bee phases
viewed along [110]fcc//[1120]hcp//[001]bcc directions. During this process, the inclined
angle changes from the original 70.5° for (111)fcc plane to [112]fcc and eventually reaches
90° for (110)bcc plane to [110]bcc direction. Through atomic shuffling, the atomic spacing
along [1100]hcp // [110]bcc directions is gradually reduced from 2.33 A to 2.17 A.
Additionally, atomic spacing expansion along the [1120]hcp // [001]bcc directions is
necessary to form the final bee phase. This atomic movement action will be further illustrated

in the following Figure 4.9 by analyzing the lattice correspondences.

The fcc — hcp — bec transition in steels is illustrated by the lattice correspondence
depicted in Figure 4.9(a), which adheres to the Pistch OR [195] and is executed according to

the BBOC model. This model incorporates two shear components: T/3 = 1% [1ﬁ]on every
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(111) fcc plane and 3T/8 = % [TZT] on every (111)fcc plane, respectively. These shear
components are accommodated by two intermediate hcp phases, which involve the slipping of
dislocations of T/2 on each {111}y plane. The transition from fcc to bce through the hep
intermediate phase is facilitated by these specific shear and dislocation mechanisms, ensuring
a smooth transformation of the lattice structure. Furthermore, the lattice correspondence
following the N-W OR [196] for the fcc — hcp — bet transition is illustrated in Figure 4.9(b).
This transition involves one set of partial dislocation dipoles, —%bp:;: % b3, on the (111)fcc
plane. These dislocation dipoles alter the inclined angle of the plane, and atomic shuffling
progressively narrows the atomic spacing along the [1100]hcp// [1 12] fec directions by 5.88%.
Eventually, the lattice constants reach a,. = by = \/iafcc /N3, while the cpr parameter
remains unchanged at ¢y = apc/V2 throughout the transition process. This is due to the
absence of shear and shuffling actions along the [110]fcc//[1120]hcp//[001]bct directions,
ensuring that the transformation from fcc to bet maintains a consistent lattice parameter along

this axis.
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Figure 4.9 Atomic movement mechanisms schematically illustrated by lattice correspondences.
(a) Lattice correspondence for the fcc — hcp— bcec transition completed by the BBOC model

[195]. (b) Lattice correspondence for the fcc — hep— bcet transition completed by one set of
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partial dislocation dipoles and associated atomic shuffling [196]

The lattice correspondence for the fcc — hcp— bec transition in the current HEA is
analyzed in Figure 4.10(a). The bcc lattice constants are initially asec = Chee = agd/N2 =2.69 A
and bpec = are = 3.81 A, and then transits to asee = boee = chee = 3.07 A, following N-W OR as
indicated in Figure 4.6. Obviously, the atomic movement mechanism for the current transition
differs from the cases illustrated in Figure 4.9 (a) and (b) which have either different transition
types or different ORs. As observed in Figure 4.7 and Figure 4.8 schematically depicted in
Figure 4.10(a), gliding of dislocations is accomplished on two planes: (111)fcc//(0001)hcp
and (111)fcc// (3032) hep planes. Firstly, the concurrent gliding of dislocation dipoles
— % b,3: % b,3 on every second (0001)hcp planes and atom shuffling of 6.86% along the
[1100]hcp// [1 15] fce directions lead to the following change: an increase in the inclined angle
of (11T1)fccplaneto [112]fcc direction, a compression along [001]fcc//[010]bec directions,
and an expansion along [110]fcc//[100]bcc directions. The stacking order and atomic spacing
along the [110]fcc//[1120]hcp//[001]bcc directions stay unchanged as these activities
exclude shear and shuffling along those directions. However, it is noted that the atomic spacing
along [112]fcc//[1100]hcp//[110]bcc directions should gradually decrease from 2.33 A to
2.17 A in Figure 4.8(g). Similarly, we propose that concurrent gliding of a second set of partial
dislocation dipoles — % b'ps3: % b'ps (ie. b'y3 = % [112](111))on (111)fcc planes along with

atomic shuffling of 6.86% along [TlZ] fce// [Oli] bee directions. The first set of partial

117



Chapter 4 Heterogeneous structure on fce-based Fe45Mn35Cr10Co10 HEA

dislocation dipoles and related atomic shuffling are perpendicular to these actions.
Subsequently, the second set of partial dislocation dipoles and associated atomic shuffling also
induce the change of angle in different planes: an increase in the inclined angle of (111)fcc
plane to [112]fcc direction, a compression along [001]fcc//[010]bec directions, and an
expansion along [110]fcc//[001]bcc directions, respectively. Consequently, fcc — hep— bee
transition in the current HEA is cooperatively completed by two sets of partial dislocation
dipoles (— %bpgl % bys on (111)fccand — % b'ys: % b',3 and (111)fcc planes) and associated
atom shuffling of 6.86% (along [1 15] fcc and [112]fcc directions), as schematically shown in
Figure 4.10(c). However, due to the specific transition morphology and perpendicular relation
between the two transition actions, it is challenging to observe the second set of dislocation
dipoles and associated atomic shuffling using HRTEM, except through atomic movement

schematics and simulations [196, 223].
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Figure 4.10 (a) Lattice correspondence for the fcc — hcp— bcc transition in the current HEA
and (b) lattice evolution projected along [ﬁO]fcc// [1100]hcp//[100]bee directions (rotated

90° from the HRTEM view), schematically illustrating the concurrent gliding of the second set
of partial dislocation diploes and associated shuffling to change the length of the cpee. (€)
Schematic diagram of two sets of partial dislocation dipoles associated with atomic shuftling

along two vertical directions to form the bcc phase.

To recapitulate, our atomic-scale observations provide profound insights into the
transition mechanism of the fcc — hcp — bee PIDMT occurring in an ultra-strong GNS surface
layer on Fe4sMn3sCrioCoio HEA processed by SPCBNT. Unlike the previously validated
BBOC model in steels [224], the transition mechanism in this HEA involves the cooperative
action of two sets of Shockley partial dislocation dipoles and associated atomic shuffling along

perpendicular directions. The presence and movement of partial dislocation dipoles and atomic
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shuffling are believed to play a crucial role in altering the stacking orders within low-energy
or mobile boundaries, particularly in low-SFE metals [196, 205]. These mechanisms may also
have the capability to locally customize atomic spacings [205, 225]. Such transition activities
are likely triggered in HEAs, which possess unique and complex characteristics due to their
specific compositions, especially under extremely high-loading conditions accompanied by
ultra-high strain rates [61, 226-228]. Based on the Johnson-Cook model [229]: 0 = (A +

BeM(1+C ln(si), the strain & and strain rate € generated by the machining process are
0

expressed as: € = —

3

\/§( A " cosa
dt

p F 2- tana) and ¢ =% = %, respectively [230, 231]. In
this work, the tool rake angle a is 20°, V'is the cutting speed (1570 mm/s), A is the deformation
zone (60 um) and A = ;—: (t; ischip thickness at 8 um and t; is cutting depth at 10 pm). The
yield strength (4), hardening modulus (B), strain rate sensitivity (C) and hardening coefficient
(n) are determined from the dataset as 350MPa, 1344MPa, 0.013 and 0.312, respectively. The
&y is the reference strain rate of 1 s™'. Accordingly, the strain rate and equivalent stress of
SPCBNT in this work are estimated to be ~4.4 x 10* s”! and ~2.28 GPa, respectively, which
also equivalent to the micro-pillar compressive strength at the top surface (~2.1 GPa) for the
activation of the fcc — hcp— bcec phase transition. The strain fields induced by high strain rate
during machining process could be relieved and accommodated by the fcc — hcp — bcece
PIDMT through the cooperation of dual-directional dislocation dipoles and associated atomic

shuffling. At high strain rates, the generation and movement of partial dislocations are

intensified, facilitating atomic rearrangement into the hcp structure. In contrast, perfect
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dislocations mainly contribute to bulk plastic deformation and can inhibit hcp formation if
overly active, as they do not produce the stacking faults necessary for phase transformation.
Therefore, under high strain rates, the combination of increased partial dislocation activity,

high internal stresses, and shear localization collectively promotes bce to hep transformation.

4.3 Conclusions

This part demonstrates the fabrication of a heterogeneous nanostructure on
Fe4sMn35CrioCoio HEA using single-point cubic boron nitride turning (SPCBNT), a cost-
effective ultra-precision machining technology that applies a high strain rate (~10* s™) to the
surface layer. This method achieves nanometre-level surface roughness while reducing the
average grain size from ~30 pm in the matrix core to ~13 nm at the surface. The machining
process activates a deformation-induced phase transition sequence of fcc — hcp — bec, with
the fcc — hcp transition occurring throughout the gradient nanostructured surface (GNS) and
the complete fcc — hep — bee sequence limited to the topmost surface layer due to the gradient
distribution of plastic strain and strain rate. The nanohardness of the top surface reaches ~6.7
GPa, significantly exceeding the matrix nanohardness of ~4.3 GPa. The fcc — hcp transition
is driven by the movement of Shockley partial dislocations on alternate (111)fcc planes, while
the subsequent hcp — bcec transition is enabled by the interaction of two sets of Shockley partial
dislocation dipoles on (0001)hcp planes and atomic shuffling along perpendicular directions.
This cooperative mechanism highlights the intricate interplay between dislocation dynamics

and atomic rearrangements in driving phase transitions within nanograins, offering valuable
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insights into plastic deformation-induced phase transformations and their potential applications

in designing advanced structural materials.
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Chapter S Crystalline-amorphous heterogeneous structure on the fcc-based

Fe45Mn35Cr10C010 HEA

5.1 Introduction

Achieving ultrahigh strength with good ductility is the most crucial for the metallic
structural components to resist their mechanical failures [2, 35]. Metallic materials could be
either periodic atomic ordered crystalline or amorphous structures without any long-range
atomic order [12, 232]. Generally, dislocation activities-dominated plastic deformation makes
crystalline metals relatively soft but ductile, different from the ultra-strong but brittle
amorphous counterparts without lattice dislocation slips [90, 233]. Noticeably, nanosized
effects on mechanical properties of crystalline and amorphous metals are quite different [234].
In conventional nanocrystalline metals, multiplication and motion of dislocations are severely
impeded by the significantly reduced grain size and increased density of GBs, obviously
strengthening metals (Hall-Petch effect [235, 236]) but largely scarifying ductility. Moreover,
GB-mediated plasticity would predominate once the grain size below a certain critical value,
causing a strengthening-softening transition (Hall-Petch breakdown [237, 238]).

In contrast, the nanosized amorphous metals exhibits increased ductility due to the
suppression of localized shear bands [239]. Therefore, a novel approach has been proposed to
construct crystalline-amorphous nanocomposites with special structural heterogeneity, where
nanograins are encapsulated by nanosized thick amorphous phases that replace the

conventional GBs [240, 241]. It can integrate the structural advantages of crystalline and
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amorphous phases to achieve a synergistic enhancement of mechanical properties [128, 242,
243]. On one side, the dislocation nucleation and motion located at thick amorphous GBs
would be exterminated to keep the strengthening effect via dislocation slips inside nanograins,
maintaining the Hall-Petch strengthening effect even at extremely refined grain size [127]. On
the other side, nanograins not only could facilitate impeding the propagation of localized shear
bands but also hardening and resisting the softening effect of the localized shear band because
of the division and rotation of the embedded nanograins [244, 245]. As a result, the co-
deformation and interaction between nanograined and amorphous phases causes a more
homogenous distribution of plastic deformation for strain hardening.

A large number of experimental methods, such as nanocrystallization in amorphous matrix
alloys [123], amorphization in nanostructured alloys [125], and physical vapor deposition or
magnetron sputtering [126, 246], etc., have been reported to fabricate various nanostructured
crystalline-amorphous alloys. Multi-principal HEAs with single solid-solution or multi-phase
structures have drawn great attention due to their exceptional properties [89, 247].
Nanostructured crystalline-amorphous HEAs, especially for those with similar compositions
to some typical amorphous metals, have also been fabricated by some techniques, such as
magnetron sputtering [124], severe plastic deformation [248], and rapid cooling methods [249],
showing the remarkably improved mechanical properties. Particularly, laser processing-related
techniques (e.g. selective laser melting (SLM) [250] and laser surface remelting (LSR) [251,

252]) can provide exceptional high cooling rates and thus limited crystallization duration

124



Chapter 5 Crystalline-amorphous heterogeneous structure on the fcc-based Fe45Mn35Cr10Col0 HEA

during the subsequent solidification process, resulting in the possible incomplete/partial
crystallization for formation of nanostructured crystalline-amorphous alloys [159, 253]. For
example, laser processing-based techniques have been successfully used to fabricate
crystalline-amorphous HEAs [254], e.g. an LSR-fabricated ZrHf-rich reinforcement
amorphous phase in the TiZrHfTaNb HEA matrix enhances strength due to its distinct
nanostructure that modifies the mechanical response [252].

The unique cooperative deformation behavior of crystalline-amorphous nanostructures,
characterized by the strengthening effect of amorphous GBs and dislocation activities within
nanograins, has been well established as a key factor in enhancing mechanical performance
[252]. Nevertheless, as deformation progresses, amorphous GBs cannot consistently provide
strengthening effects, such as blocking dislocations. Instead, their interaction with dislocations
introduces additional pathways for deformation mechanism transitions in the crystalline-
amorphous nanostructure like the amorphization [125, 255] and the crystallization of
amorphous GBs [120]. Notably, these complex interactions emphasize the significance of co-
deformation, rather than the independent contributions of the crystalline and amorphous phases
[120]. Consequently, the changes of microstructure and the associated evolution of deformation
mechanisms have a direct impact on mechanical properties [118, 239], as reported in some
traditional materials [256]. For instance, in Al-based alloys subjected to severe plastic
deformation, partial crystallization leads to nanograin formation within amorphous regions,

inducing a softening effect that offsets ductility [257]. However, the accomplishment of

125



Chapter 5 Crystalline-amorphous heterogeneous structure on the fcc-based Fe45Mn35Cr10Col0 HEA

deformation-induced crystallization is highly dependent on elemental composition and pre-
deformation microstructure generated by different fabrication techniques [119, 246, 258, 259].
While some studies have demonstrated the accommodation of dislocations from amorphous
phases in crystalline-amorphous nanostructures [260], the atomic-scale interactions between
dislocations and amorphous phases, particularly regarding crystallization, remain insufficiently
explored. This lack of understanding limits our ability to fully elucidate the cooperative co-
deformation mechanisms and optimize the mechanical properties in the nanostructured
crystalline-amorphous materials. Therefore, it is necessary to uncover the atomic-scale
dynamic process of microstructural characteristics with deformation, such as the possible
deformation-induced crystallization in amorphous phase and consequent microstructural
evolution e.g. grain coalescence [261] and grain coarsening [262], in nanostructured
crystalline-amorphous metals.

In this study, we explore the cooperative deformation mechanisms of a nanostructured
crystalline-amorphous layer on Fe4sMn3sCr10Co10 HEA fabricated using laser surface treatment
(LST). The HRTEM observations reveal the well-preserved dislocation activities in nanograins,
deformation-induced crystallization of amorphous GBs activated by pile-up dislocation, and
subsequent grain coarsening of nanograins with low-angle misorientations with the
deformation progressed. Moreover, MD simulations unveil the dynamic process of interactions
between dislocations and amorphous GBs and grain coalescence with the evolution of

misorientation. Comprehensive observations clarify cooperative co-deformation mechanisms
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in crystalline-amorphous nanostructures, evidencing how the amorphous phase inhibits
dislocation movement while allowing some dislocation activities to persist during
crystallization. This work provides new insights into the interplay between dislocations and
amorphous phases, advancing our understanding of the deformation mechanisms in crystalline-

amorphous nanostructured materials.

5.2 Results

5.2.1 Microstructural evolution after the laser treatment

Figure 5.1(a) illustrates the cross-sectional microstructure and corresponding microhardness
profiles along the depth from the surface. The data reveals that increasing laser power from 70
W to 150 W significantly enhances the affected depth and surface microhardness. However,
excessive deformation power, such as at 180 W, induces defects like cracks, reducing
microhardness as shown in Figure 5.2. Compression tests conducted with laser powers of 130
W and 150 W indicate a notable improvement in strength, as seen in Figure 5.1(b). Among
them, the 130 W condition was chosen for further investigation of the microstructural evolution
due to its balance between strength improvement and defect suppression. Typical cross-
sectional SEM and EBSD images in Figure 5.3(a-c) show refined grains with random
crystallographic orientations in a molten pool and coarse grains with an average grain size of

about 30 pm in the matrix. Specifically, the cell grains with an average grain size of ~2 um are
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embedded within each individual large grain in Figure 5.3(a-c). Although the differences

among cell grains cannot be detected as their similar orientation, massive LAGBs with

misorientation <15° are introduced in the molten pool, indicating the existence of cell grain

close to the treated surface in Figure 5.3(c).
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Figure 5.1 (a) hardness and (b) strain-stress curves of FessMn3sCrioCrio HEAs after laser

surface treatment with different power.

Figure 5.2 Cross-sectional OM image of laser-treated FessMn3sCrioCrio HEAs at different
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powers. (a) 70 W, (b) 90 W, (c) 100 W, (d) 130 W, (e) 150 W, (f) 180 W.

Figure 5.3 Typical microstructure of molten pool after LST. (a) Cross-sectional SEM image,
(b) IPF map and (¢) GB and phase boundary map show the morphology along the depth
direction of the laser-treated sample. (d-e) Cell grain in the refined grains of molten pool. (f)
Bright-field TEM image and the associated selected area electron diffraction (SAED) pattern
of the crystalline-amorphous nanostructure at the depth of 100 um away from surface of the
treated samples. (g) Schematic of crystalline-amorphous nanostructure distributed within cell

grains.

To further explore the microstructure evolution within the molten pool, we randomly
selected a cell grain approximately 100 um beneath the treated surface for detailed transmission
electron microscopy (TEM) analysis, as schematically illustrated in Figure 5.3(e) and (g). TEM

observations, exemplified in Figure 5.3(f), reveal a distinct crystalline-amorphous structure
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comprising randomly distributed nanograins surrounded by amorphous GBs. The selected area
electron diffraction (SAED) pattern confirms the coexistence of both crystalline and
amorphous phases, indicating the heterogeneous distribution of nanograins and amorphous
areas induced by high cooling rate of laser treatment [263]. We exam the microstructure
through a series of TEM observations along the depth direction depicted in Figure 5.4 to
support the microstructural evolution of this crystalline-amorphous nanostructure in the molten
pool. The nanograins gradually recrystallize from topmost surface to the depth of ~140 pm and
the corresponding grain size at different depths is shown in Figure 5.5. Such change is also
confirmed by the SAED patterns that more diffraction spots are situated around the
discontinued rings with the increase of depth away from the surface. Compared with the
microstructure at the matrix (~200 pm depth), there are no obvious nanograins and only
diffraction spots are found. The difference in microstructure between the molten pool and the
matrix is also reflected in the phase composition along the depth direction, as presented in
Figure 5.6. All depths exhibit an fcc-hcp dual-phase structure, but an increased number of hcp
phase peaks are observed closer to the topmost surface. This gradient phase composition
suggests that the LST process induces significant phase transformation and grain refinement

near the surface.
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Figure 5.4 Microstructure of nanograins and amorphous GBs at different depths in the

FessMn35Cri0Co1o HEA after laser surface treatment.
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Figure 5.5 The statistical distributions for grain size at different depths on laser-treated

Fes4sMn35Cri0Co1o HEA.
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Figure 5.6 GIXRD patterns of laser-treated specimens at different depths

Notably, an ideal crystalline-amorphous region is identified in Figure 5.3, where crystalline
and amorphous phases are uniformly distributed within cell grain. In detail, the Fast Fourier
transformation (FFT) patterns of two selected areas of Area I and Area II acquired from Figure
5.7 (a) and (b) show crystalline phase viewed along the [110] direction in Figure 5.7 (c) and
an amorphous ring in Figure 5.7 (d), respectively. The nanograins with an average grain size
of ~8 nm encapsulated by amorphous GBs with a thickness of ~2 nm is statistically summarized
in Figure 5.7 (j). By calculating from the HAADF-STEM image in Figure 5.7 (e), the volume
of crystalline and amorphous phases is about 60% and 40%, respectively. Elemental
composition analysis in Figure 5.7 (f-i) and (k) highlight the compositional segregation

between the two phases, with the Co and Cr partition strongly to nanograin and amorphous GB
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respectively. This Cr segregation is consistent with previous studies [128], which have reported
Cr enrichment at amorphous GBs in a CrCoNi-based alloys driven by the Gibbs adsorption

isotherm and enhanced glass forming ability according to Fe—Cr, Co—Cr, and Ni—Cr phase

diagrams[264, 265].
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Figure 5.7 Crystalline-amorphous nanostructure. (a) High-resolution TEM (HRTEM) images
of nanograins with amorphous GBs in the laser-treated Fe4ssMn3sCrioCoio HEA at the depth of
~100 um. (b) Magnified HRTEM image from (a) and Fast Fourier transformation (FFT)
patterns of (¢) Area I and (d) Area II selected from (b), exhibiting the coexistence of crystalline
and amorphous phases. (¢) High-angle annular dark-field scanning transmission electron
microscopy (HAADF-STEM) image and (f-1) corresponding electron dispersive spectrometry
(EDS) map about the distribution of Fe, Mn, Cr, Co. (j) Statistical gain size and amorphous
thickness of the crystalline-amorphous nanostructure at the depth of ~100 um. (k) EDS -line
profiles of crystalline and amorphous phases selected from (e). The EDS map and line profiles
show the crystalline and amorphous phases are enriched in Co and Cr, respectively.
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5.2.2 Thermal profile of LST process

The formation of a typical molten pool shown in Figure 5.3 (a) results from the rapid
remelting and subsequent solidification during laser treatment, where temperature distribution
and cooling rates play a critical role in shaping the microstructure. To assess these thermal
profiles, we use FEA method to simulate the LST process under conditions identical to
experiments and analyze the formation of amorphous phase within the molten pool. The
simulation results of thermal gradient along the depth direction in Figure 5.8 (a) indicate the
distribution of heat flux. Specifically, as shown in Figure 5.8 (b), the temperature increases
from 1734 K (the melting point of Fe4sMn35Cri0Co10 HEA [8, 266]) at the edge of the molten
pool to 3220 K at the topmost surface, aligning well with the experimentally observed molten
pool in Figure 5.3 (a). This wide temperature gradient, combined with the rapid movement of
the laser beam and the cooling effect of liquid nitrogen, induces varying cooling rates, leading
to formation of new phase beyond the prediction of the equilibrium phase diagram [267] and
heterogeneity in the molten pool [268, 269]. In addition, rapid cooling has been recognized as
a potential strategy for amorphous phase formation in crystalline materials through suppressing
long-range atomic diffusion and preventing full crystallization when the cooling rate attains
10° ~ 10% K/s [267, 270-272]. As depicted in Figure 5.8 (c), the calculated cooling rate can
reach the critical value of ~ 10° K/s at depth of ~ 170 um away from topmost surface, indicating

the theoretical potential for amorphous phase formation in LSTed FessMn3sCrioCoi0o HEA,
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which is consistent with the experimentally observed crystalline-amorphous layer shown in
Figure 5.3. During solidification, the high cooling rate restricts crystal nucleation and inhibits
grain growth [249], thereby stabilizing the amorphous phase and facilitating the development

of the crystalline-amorphous nanostructure in studied FessMn3sCrioCoio HEA.
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Figure 5.8 FEA results of thermal profile of the molten pool generated by LST. (a) Temperature
distribution during the treatment process. Laser beam scanning direction is along the positive
z-axis. Variation of (b) temperature and (c) cooling rate acquired from (a) along the y-axis from

the top towards the bottom of the molten pool.

5.3.1 Localized mechanical properties

Figure 5.9 presents the results of nanoindentation and localized micro-pillar compression
tests for crystalline-amorphous layer. As shown in Figure 5.9 (a), the crystalline-amorphous

layer (30-140 pm) can exhibit a nanohardness of ~12 GPa, more than twice the hardness of the
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matrix (~5 GPa). Similarly, the localized micro-pillar compression tests in Figure 5.9 (b) also
reveal a significant hardening effect in the crystalline-amorphous layer compared to the CG
matrix. The Hall-Petch plot in Figure 5.9 (c) further illustrates the influence of the amorphous
phase on yield strength, which increases from ~2.9 GPa at a depth of 150 um to ~3.8 GPa at
~100 um and ultimately attains ~5.7 GPa in the topmost surface compared to ~1 GPa at the
matrix. These findings highlight the impact of LST-induced microstructural evolution on
mechanical properties, indicating a potential for property optimization by incorporating
amorphous phases and tailoring the grain size. Compared to established nanocrystalline and
nanocrystalline-amorphous alloys in the literature [126-128, 242, 243, 273-279], our designed
alloys show even improved hardening when the grain size is dramatically reduced below ~8
nm, presenting promising in overcoming the strengthening-softening transition and
maintaining the Hall-Petch strengthening [238]. As shown in Figure 5.9 (d), the pillar with
uniform crystalline-amorphous nanostructure and a grain size of 8§ nm at a depth of ~100 um
deforms in a manner of shear banding, suggesting homogeneous plastic flow accomplished by

distinctive cooperative co-deformation of crystalline-amorphous nanostructure.
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Figure 5.9 Localized mechanical properties of the crystalline-amorphous layer in molten pool.
(a) Nanohardness varying along the depth away from the treated surface. (b) Compressive
engineering stress—strain curves of pillar samples with the same diameter. (c) Hall-Petch plot
of the yield strength for LSTed samples in this work compared with other nanocrystalline and
nanocrystalline-amorphous HEAs. N represents nanocrystalline and N-A represents
nanocrystalline-amorphous. (d) SEM images of the same samples before and after compression,

revealing the shear bands denoted by the black arrow.

5.3 Discussion

The co-deformation behavior of crystalline-amorphous nanostructures observed in this study

represents a complex mechanism governed by multiple interrelated processes at the nanoscale.
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To elucidate this dynamic phenomenon, several representative regions were analyzed to
illustrate the cooperative deformation mechanisms. Initially, dislocation motion is largely
confined within nanograins, however, as deformation progresses, dislocations accumulate at
the interfaces between amorphous GBs and nanograins due to the barrier effect of the
amorphous phase, ultimately activating deformation-induced crystallization to sustain
dislocation activity. This process gradually refines the amorphous GBs and results in formation
of nanograin boundary due to the reduction of amorphous phase and promotes the final
coarsening of nanograins with low-angle misorientations. The continuous evolution of
amorphous GBs and their dynamic interactions with dislocations govern the co-deformation
process and the resulting structural transitions, ultimately shaping the overall co-deformation

behavior.

5.3.1 Cooperative co-deformation behavior of crystalline-amorphous

nanostructure

The amorphous phase inevitably contributes to deformation behaviors, cooperating with
nanograins to determine the mechanical properties and underlying deformation mechanisms of
nanostructured crystalline-amorphous HEA. To explore the interactions between nanograins
and amorphous GBs, we investigate the microstructural characteristics of representative
crystalline-amorphous nanostructure at the depth of ~100 pm after compression. A comparison
of the pre-deformed microstructure (Figure 5.3 (f)) with the post-deformation microstructure

(Figure 5.10 (a)) reveals significant grain growth, with average grain size increasing from ~8
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nm to ~16 nm (Figure 5.10 (b)). Simultaneously, the initially well-defined amorphous GBs
become thinner (average thickness at ~1.2 nm), resulting in formation of nanograin-nanograin
boundaries (N-N GBs) in Figure 5.10 (c). Notably, we observe high-density dislocation-
induced faulted bands, including stacking faults (SFs), deformation twins, and hexagonal close
packed (hcp) laths denoted by the blue arrows in Figure 5.10 (d) both within nanograins and in
some specific regions of newly formed N-N GBs. These faulted bands emerge at amorphous
GBs and extend into the grain interiors as linear features driven by internal dislocation activity
[280], which induces the couple interaction between nanograin and amorphous phases. Under
this situation, the presence of dislocation-induced faulted bands facilitates the disappearance
of amorphous GBs, resulting in grain coalescence and contributing to grain coarsening, which

is highlighted in the magnified TEM observations in Figure 5.10 (e).

N-N GB <  Amorphous GBs —>|

Thickness: ~1.2 nm

Fraction (%)

0.6 1.2
Size (nm)

__________

Figure 5.10 Crystalline-amorphous nanostructure after plastic deformation. (a) Bright-field
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TEM image after compression. (b) Statistical grain size distribution after deformation. (c¢) Two
types of GBs are formed after plastic deformation: the amorphous GBs with an average
thickness at ~1.2 nm and newly formed nanograin-nanograin boundary (N-N GB). (d) and (e)
are magnified TEM images from (a) exhibit the dislocation-induced faulted bands including
SFs, deformation twins and hcp laths within nanograins, representative grain coalescence and

grain coarsening.

Figure 5.11 presents a representative nanograin with interior confined dislocation-induced
faulted bands. The observed formation of SFs and deformation twins is similar to the formation
process in nanocrystalline materials, which involves successive emission of partial dislocations
and dislocation slip [281]. For this crystalline-amorphous nanostructure under plastic
deformation, dislocations nucleate at the interface between crystalline and amorphous phases,
then propagate across the nanograin, followed by the formation of faulted bands but restricted
within the grain, as shown in Figure 5.11 (a) and (b). Specifically, two types of Shockley partial
dislocations nucleated from amorphous GB are marked in Figure 5.11 (c), which have
representatively Burgers vectors of by, = % [211]and b,3 = % [112] on (111) plane. In
addition, the dislocation activities like the hep laths, the (111)[112] type coherent twin planes
are also activated with the increased strain within nanograins in Figure 5.11 (d) and (e) from
the magnified image. Shockley partial dislocations move along twinning planes and contribute
to the growth of the deformation twins within the nanograins [282]. The high density of
dislocation-induced faulted bands confined within nanograins highlights the role of amorphous

GBs as strong barriers that effectively hinder dislocation slips. This impedes softening effect
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in extremely refined nanograins and enhances mechanical strength, counteracting the inverse
Hall-Petch effect [238]. Additionally, the interaction between these dislocation-induced faulted
bands and the amorphous phase could provide new opportunities for cooperative co-
deformation mechanisms, such as the deformation-induced crystallization of amorphous GBs,

which maintain the dislocation movement in these specific regions, as shown in Figure 5.12.

Stacking fault

Figure 5.11 The dislocation-induced faulted bands maintained within nanograins in crystalline-
amorphous nanostructure. (a) A typical HRTEM image of a representative nanograin
containing high-density dislocation-induced faulted bands including SFs, hcp laths and
deformation twins. (b) The corresponding FFT pattern of SF acquired from (a). (¢) Atomic

Fourier-filtered image of the selected region in (a) indicates the two types of Shockley partial

dislocations (by; = %[2 1] and b,3 = %[HZ]) on (111) plane nucleated from amorphous

GB. Atomic Fourier-filtered images acquired from (a) to indicate (d) hcp laths, (e) SFs and
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twin boundaries formed by Shockley partial dislocations within the nanograin.

5.3.2 Crystallization of amorphous boundaries

With plastic deformation progressing, the limited space within extremely refined
nanograins restrict dislocation movement, leading to dislocation accumulation at crystalline-
amorphous interface, which promotes amorphous crystallization as dislocations are absorbed
and further facilitates cooperative co-deformation in crystalline-amorphous nanostructured
layer. Theoretically, plastic deformation has been applied to activate crystallization in various
materials from the view of crystallization kinetics [ 122, 283]. The relationship between energy

a(AG)

barrier of deformation-induced crystallization and the applied stress is expressed as: T

64my3 AV
- (

; AGm+E+PAVm) [120, 123]. The AG is the Gibbs free energy for the crystal formation,

P is the hydrostatic pressure, y is the interfacial energy between crystalline and amorphous
phase, AG,, is the driving force for the transformation from amorphous to crystalline phase, £
is the elastic energy induced by the volume change during the phase transformation, AV,y is
the molar volume of crystalline phase and AV} is the molar volume of amorphous phase
(AV,= AV, - AV,R). With increasing hydrostatic pressure during plastic deformation, the free
energy required for crystallization decreases, which offers the possibility of deformation-
induced amorphous crystallization to induce progressive thinning of amorphous phase and final
grain coarsening. This process is experimentally evident on Figure 5.12, where dislocation-
induced faulted bands are halted at amorphous GBs, leading to partial disappearance of the

amorphous phase and the formation of circular remnants (Figure 5.12 (a)). A closer
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examination of the amorphous GB in colored TEM image from Figure 5.12 (b) reveals that
faulted bands extend across the nanograins along the direction of the white arrows, with the
disordered region partially rearranging into an ordered structure, confirming deformation-
induced crystallization at the interface. This kind of interaction between dislocations and the
amorphous phase drives the crystallization of amorphous GBs, leading to their thinning, as
shown in Figure 5.12 (c). The localized transformation not only refines the interface but also

sustains dislocation activity, thereby contributing to continued plastic deformation.

e -
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Figure 5.12 Deformation-induced crystallization of amorphous GBs. (a) HRTEM image with
the corresponding FFT showing dislocations impeded by amorphous GBs. The magnified,
colored HRTEM image in (b) highlights the rearrangement of atoms within the amorphous GB,
forming an ordered region associated with faulted bands. (c) HRTEM image of a thinned
amorphous GB with confined SFs inside nanograins. (d) HRTEM image showing
crystallization at the connection point between nanograins G1 and G2. (e¢) Atomic Fourier-
filtered image of nano clusters with ordered structures embedded in the amorphous GBs,
serving as nucleation sites for crystallization. (f) HRTEM image of dislocations generated from
G1 propagate along SFs and are obstructed by the amorphous phase, resulting in dislocation
pile-up. (g) Atomic Fourier-filtered image indicates that crystallization at the interface connects

G1 and G2 through dislocation activities.

Herein, the deformation-induced amorphous crystallization is suggested to be completed
by the rearrangement of nano cluster and disordered atoms in the amorphous region when
interacting with dislocations [257, 259]. During the LST process, partial recrystallization and
rapid cooling preserve some nano clusters as ordered structures within the amorphous GB in
Figure 5.12 (e) which give priority to the formation of long-order range and ultimately facilitate
crystallization during plastic deformation. The amorphous regions in the two sides of G1 are
thinned due to the traversed SFs and the clear connection points between G1 and G2 in Figure
5.12 (d) highlight clear crystallization sites in Figure 5.12 (f) and (g). In Figure 5.12 (f),
dislocations move along the (111) planes to trigger the transformation of the amorphous phase
into a crystalline structure, particularly at the crystalline-amorphous interface. As dislocation-

induced faulted bands propagate and are trapped in the amorphous phase, dislocations
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accumulate at the interface, causing the amorphous regions to split into smaller segments which
serve as new nucleation sites for further dislocation activities [284]. Meanwhile, the pre-
existing nano clusters accelerate nearby atoms move and dislocations motion. Under this
situation, the atoms in the disordered state jump to the crystal front to contact the nano cluster
to accomplish crystallization [120]. Similarly, Figure 5.12 (g) shows a fully crystallized region,
where the rearranged amorphous phase aligns with G1 along the [110]fcc direction, while
some residual regions within the crystallized area retain a disordered state, as indicated by
green circles. This cooperative deformation mechanism, where the amorphous phase initially
blocks and absorbs dislocations, facilitates sustained dislocation activities through
deformation-induced crystallization, ultimately improving both strength and plasticity in

crystalline-amorphous nanostructures.

5.3.2 Boundary crystallization-assisted grain coalescence

Due to deformation-induced crystallization along amorphous GBs, the volume fraction of
homogeneous nanograins is reduced, while the proportion of larger, coarsened nanograins
significantly increases (as shown in Figure 5.10 (a)). Figure 5.13 demonstrates that, after the
thinning amorphous GBs, N-N interfaces are formed, which creates the opportunity for
neighboring grains to coalesce, resulting in the formation of nanograins with increased grain
size. Notably, this process facilitates dislocation movement, which helps delay fracture

initiation during plastic deformation. The G3 and G4 are an example that they are partially
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coalesced into the same orientation with isolated amorphous region in Figure 5.13 (a). In the
FFT patterns in Figure 5.13 (b-c), both G3 and G4 are projected along [110]fcc direction. The
dislocations-induced faulted bands follow the direction denoted by the blue arrows in Figure
5.13 (d) reorientates the amorphous GB to the G3/G4 with clear rearranged region. Meanwhile,
the newly formed crystallization region accompanied with abundant dislocations accumulation
affords more strain [124]. Taking the crystalline viewed along the [110]fcc direction as the
reference lattice, the distributions of in-plane strain (Ey.) in the interface regions between
SFs/crystalline and amorphous/crystalline are shown in Figure 5.14 (a-b). The clear higher Ex.
fluctuates in SFs/crystalline and amorphous/crystalline interfaces, which is caused by the
accumulation of dislocations (Figure 5.14 (c)). As a result, dislocations blocked at the
nanograin-amorphous GB interfaces facilitate the rearrangement of the disordered atoms of

amorphous phase, effectively prevent shear strain localization [274, 285].

146



Chapter 5 Crystalline-amorphous heterogeneous structure on the fcc-based Fe45Mn35Cr10Col0 HEA

Figure 5.13 Microstructure of crystallization-assisted grain coalescence. (a) Crystallization of

amorphous GBs and partly grain coalescence of G3 and G4. (b-c) FFT diffraction patterns of
G3 and G4 along [110]fcc direction. (d) Atomic Fourier-filtered image of the crystallization
area for G3 and G4. (e) A typical HRTEM image shows that two nearby nanograins have small
misorientation angles when they begin to coalesce through dislocation-induced faulted bands.
(f-g) The corresponding FFT images of G5, G6 and G7, respectively, evidencing that G5 and
G6 have the same orientation as [110] direction, while G7 is viewed along [001] direction.
(h) Atomic Fourier-filtered image indicates the low misorientation angle at ~10° between G5
and G6. (i) The accomplishment of coalescence for G8 and G9 with the same orientation of
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[110] is identified in HRTEM. (j) Corresponding atomic Fourier-filtered image of the selected

region from (i), implying the parallel (111) plans in the two different nanograins.

E, of amorphous/crystalline
E,. of SFs/crystalline

2 3 4 5 6
Distance (nm)

Figure 5.14 (a) HRTEM image of interfacial structures between two adjacent grains crossed by
SFs. (b) Exx map of amorphous/crystalline grains/SFs taken from the white dash square region

in (a). (c) Average strains in amorphous/crystalline grains/SFs interfaces.

Grain coalescence facilitated by the crystallization of amorphous GBs is another key co-
deformation mechanism in our work. The continued dislocation-induced faulted bands in the
form of SFs or hcp laths offer the driving force to grain coalescence for specific neighboring
nanograins with similar orientations [286, 287] contact and form LAGBs when amorphous
GBs thinning through crystallization. In Figure 5.13 (e-h), G5 and G6, projected along the
[110] direction with a low misorientation angle of approximately 10°, demonstrate the onset
of grain coalescence after the formation of N-N GBs through crystallized GBs. In contrast, G7,
oriented along [001] direction, forms a HAGB with G5, preventing coalescence despite the
thinning of the amorphous GBs. The newly formed N-N GB between G5 and G6 serves as a
preferential dislocation nucleation site, lowering the activation energy barrier for grain growth

and grain coalescence [261]. Crystallized GB segments between coalescing grains are
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fragmented by dislocation-induced faulted bands, creating highly mobile nanometer-sized
regions [287]. These dislocations, approaching from opposite sides of the grains, further drive
the coalescence process by facilitating GB motion [288]. Figure 5.13 (i) illustrates an
accomplishment state of grain coalescence where G9 is fully entrapped by G8. The (111) planes
of the G8 and G9 are totally parallel without misorientation angle, as shown in the atomic
Fourier-filtered image of Figure 5.13 (j). Accordingly, the dislocation-mediated GB movement
mechanism is responsible for the grain coalescence and grain coarsening during the plastic
deformation process in our work. This process aligns well with the deformed microstructural
features in Figure 5.10 (d-e), where coalesced grains and thinning amorphous GBs indicate

significant structural evolution.

Ultimately, we summarize the underlying cooperative co-deformation mechanisms for
crystalline-amorphous nanostructure in LSTed FessMn3sCrioCoio HEA, including the
deformation-induced crystallization and crystallization-assisted grain coalescence, as
schematically illustrated in Figure 15. Rapid cooling during LST shapes unique nanostructures,
which comprise extremely refined nanograins surrounded by nanometer-sized amorphous GBs
having embedded nano clusters. As shown in Figure 5.15 (a), interactions between crystalline
and amorphous phases play a crucial role in determining the mode of cooperative co-
deformation, wherein nucleation-propagation-absorption of dislocation-induced faulted bands
promote the activation of both crystallization and grain coalescence. Firstly, dislocations

emitted from amorphous GBs are confined within the nanograins, while the amorphous phase
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acts as a barrier, absorbing and/or blocking dislocations (Figure 5.15 (b)). This cooperative
deformation mode, driven by the interaction between dislocations and the amorphous phase,
governs the early stages of plastic deformation. Furthermore, with continued deformation,
dislocation accumulation at amorphous GBs drives atomic rearrangement, assisted by nano
clusters, leading to crystallization (Figure 5.15 (c)). As crystallization progresses, thinning of
amorphous GBs and increased grain size lead to the formation of N-N GBs, yielding enhanced
capacity to sustain extra dislocation activities (Figure 5.15 (d)). With intensified dislocation
activities, the deformation-induced crystallization of amorphous GBs facilitates the grain
coalescence with close orientations and contributes to potential grain coarsening (Figure 5.15
(e)). As expected, the intricate interplay between nanograins and amorphous GBs provides an
alternative to foster homogeneous and compatible deformation behavior, breaking the
limitations of solely nanostructuring crystalline or amorphous phases on mechanical properties.
By leveraging this cooperative co-deformation, crystalline-amorphous nanostructured
materials achieve both enhanced strength and ductility, offering a promising strategy for

optimizing mechanical performance in complex alloys.
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Figure 5.15 The schematic diagram of grain growth mechanism through dislocation movement.

5.4 Conclusions

This work systematically investigates the cooperative co-deformation mechanisms in a
crystalline-amorphous nanostructured layer formed in FessMn3sCrioCoio HEA through laser
surface treatment. The exceptionally high cooling rates (>10° K/s) achieved during processing
form unique nanostructures with nanograins encapsulated by nanosized amorphous phase
along GBs. Under compressive deformation, high-density faulted bands such as stacking faults,
hep laths, and deformation twins are confined within nanograins. Amorphous GBs act as strong
barriers that hinder dislocation motion and provide significant strengthening, counteracting the
softening effect of extremely refined nanograins. The interactions between dislocations and
amorphous GBs reveal two key mechanisms of cooperative co-deformation, which are

deformation-induced crystallization and crystallization-assisted grain coalescence. Dislocation
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accumulation at nanograin-amorphous interfaces triggers a disorder-to-order transition
facilitated by nanoclusters that promote crystallization and grain growth. As amorphous GBs
diminish, this interaction further enables grain coalescence by forming nanograin-nanograin
boundaries between adjacent grains, ultimately leading to grain coarsening. Detailed
microstructural observations highlight the dual role of the amorphous phase in obstructing
dislocation motion while preserving dislocation activity through deformation-induced
crystallization. These findings provide insight into the intricate interplay between dislocation
dynamics, amorphous boundary evolution, and crystallization, offering a deeper understanding
of how these factors contribute to the improved mechanical performance of crystalline-

amorphous nanostructured materials.
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Chapter 6 Conclusions and Suggestions for Future Research

6.1 Overall Conclusions

In summary, different techniques have been employed to generate heterogeneous structure
in bce-based and fcc-based HEAs. The underlying microstructural evolution and mechanical
properties are comprehensively analyzed in these HEAs with distinguished heterogeneous
structure. Meanwhile, the corresponding deformation mechanisms are discussed through

atomic-scale observations. The main conclusions can be briefly summarized as follows:

Firstly, a heterogeneous structure is generated on a bee-based TiZrHfTao.s RHEA by repeated
sliding process on the surface. The average grain size decreases significantly as the distance to
the worn surface decreases; from ~100 nm at a depth of about 3 pm to ~30 nm in the top-worn
surface region. Additionally, an increased amount of hcp phase forms due to the deformation-
induced transition from bcc to hep, which is activated within the self-organized gradient of the
worn subsurface. This heterogeneous structure exhibits an exceptionally low coefficient of
friction at 0.12-0.15 and wear rate at 4.08-9.68x10”°> mm?*/N-m, demonstrating the potential of
wear-induced surface treatments to enhance tribological properties. The structure,
characterized by gradients in grain size and hcp phase content, redistributes strain, suppresses
localization and accommodates sliding-caused gradient plasticity, significantly improving wear
resistance. Atomic-scale observations reveal that two types of phase transformation from bcc

to hcp are activated beneath the worn surface, which adapts to the repeated sliding deformation,
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through atom shuffling or/and partial dislocation dipoles gliding, thereby further improving the

wear resistance.

Secondly, a heterogeneous structure is generated by ultra-precision machining with ultra-
high strain rate on the surface in Fe4ssMn3sCrioCoi0 HEA, which enhances the nanohardness
from 4.3 GPa to about 6.7 GPa and activates the phase transformation fcc — hcp — bec. This
phase transformation sequence accommodates plastic deformation on the surface, which
contributes to the formation of heterogeneous structure. The fcc firstly transits to the
intermediate hcp occur via the movement of Shockley partial dislocations on every second
(111)fcc plane. Then, the final transition step to bee involves the interaction of two sets of
Shockley partial dislocation dipoles on either side of the (0001 )hcp planes, coupled with atomic
shuffling along perpendicular directions. This coordinated activity of dislocation dipoles and

atomic shuftling is critical for the formation of the bcc phase within the nanograins.

Thirdly, a heterogeneous structure with crystalline-amorphous nanostructure, namely, the
refined grain with an average grain size at about 8 nm and amorphous along GBs, in the molten
pool is created in FessMn3sCrioCo10 HEA using laser surface treatment with rapid cooling. This
crystalline-amorphous nanostructured layer exhibits high strength, approximately 3.8 GPa, and
a compression strain of around 28% during localized micro-pillar compression testing. The
underlying cooperative deformation mechanism is elucidated, which includes the movement
of dislocations inside the nanograins and along amorphous GBs. Furthermore, the

accumulation of dislocations at amorphous GBs enhances the rearrangement of disordered
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atoms, leading to deformation-induced crystallization that facilitates the coalescence of grains

through a GB-mediated mechanism, ultimately resulting in grain coarsening.

6.2 Suggestions for Future Research

The current work successfully fabricated three types of heterogeneous structure of grain size
and phase composition in two types of HEAs. Meanwhile, the microstructural evolution and
mechanical properties are explained. However, there is still some work that should be done in

the future:

1. In-situ TEM observation of the grain coarsening induced by plastic deformation and
thermal treatment of crystalline-amorphous nanostructure in laser-treated

Fe45Mn35Cr10C010 HEA

For receiving the direct evidence of crystallization of amorphous along GBs and the final
grain coarsening, in-situ TEM examination is more convincing for an in-depth understanding
of the plastic deformation mechanism. Also, the in-situ TEM of thermal treatment observation
of crystalline-amorphous nanostructure about microstructural evolution offers the design

pathway to increase thermal stability in HEAs with amorphous GBs.

2. Fabrication of crystalline-amorphous nanostructure with controllable and

homogeneous thickness of amorphous GB through laser-based treatment

Although laser surface treatment generates the surface layer with crystalline-amorphous
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nanostructure as a heterogeneous structure, to widen the application field of this kind of
fabrication methods about crystalline-amorphous nanostructure in bulk materials, treating
methods like repeated melting or melting direction and subsequent possessing way is
significant. In addition, adding more elements with high glass-forming ability to enhance

the thickness of amorphous regions.

3. Exploring the tribological performance at an elevated temperature and corresponding

deformation mechanism

The mechanical properties, including nanohardness and micro-pillar compression, were
carefully examined in heterogeneous structured Fe4sMn3sCrioCo1o HEA. However, it is
meaningful to study tribological performance at an elevated temperature and to clarify
the microstructural evolution of a heterogeneous structure with gradient grain size and
phase composition during repeated plastic deformation to reveal the underlying phase

transformation and deformation mechanism.
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